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Untersuchung von lithiumreichen Antiperowskiten und nanostrukturierten
Ubergangsmetallverbindungen fiir Lithium-Ionen-Batterien

Die vorliegende Arbeit befasst sich mit der Untersuchung der physikalischen und
elektrochemischen Eigenschaften von potenziellen Anoden- und Kathodenmaterialien fir
die nédchste Generation an Lithium-Ionen-Batterien. Als potenzielle Anodenmaterialien
werden aufgrund ihrer Konversionsreaktionen multielektronenspeicherfahige Fe3O4-, MoO,-
sowie MoS,-Nano-Kohlenstoffkomposite untersucht. Auf der Kathodenmaterialseite wird
die Klasse der lithiumreichen Antiperowskite, welche sowohl kationische als auch anionische
Redoxaktivitat aufweisen, beispielhaft anhand von (LisFe)SeO studiert. Die physikalische
Charakterisierung erfolgt mittels Rontgendiffraktometrie, Rontgenphotoelektronen-
spektroskopie, Rasterelektronenmikroskopie und Magnetisierungsmessungen. Zyklische
Voltammetrie, galvanostatische Zyklierung und potentiostatische elektrochemische
Impedanzspektroskopie geben Aufschluss iiber die elektrochemischen FEigenschaften.
Die vorgestellten Ergebnisse zeigen fiir Fe304QHCS in Zyklus 250 eine Kapazitit von
1050 mAh g, welche deutlich iiber der theoretischen Kapazitit von 694 mAh g~! liegt.
Der Ursprung der zusatzlichen Kapazitit der Fe3O4-Nanopartikel konnte auf eine wahrend
des Zyklierens sich auf- und abbauende kapazitire Oberflichenschicht zurtickgefiihrt
werden. Die vorgestellten MoO,-Kohlenstoffkomposite zeigen, dass auch mit preisgiinstigen
Kohlenstoffquellen eine kompetitive elektrochemische Performance erreicht werden kann
und dass sowohl die Partikelgrofle als auch der Kohlenstoffgehalt einen entscheidenden
Einfluss auf die elektrochemische Performance besitzen. Studien an blumenartigen
Graphen-MoS, offenbaren die intrinsischen physikalischen und elektrochemischen
Eigenschaften des Materials. Die durchgefithrten Untersuchungen am lithiumreichen
Antiperowskit (LioFe)SeO belegen dessen vielversprechende elektrochemische Eigenschaften.
Das festkorpersynthetisierte (LisFe)SeO erreicht eine Kapazitit von 225 mAh g=! bei einer
Stromdichte von 0,1C. Des Weiteren wurde die Ursache fiir die schlechte Zyklenstabilitat
der lithiumreichen Antiperowskite gefunden und ein Verfahren zur Verbesserung der
Zyklenstabilitat vorgestellt.

Investigation of lithium-rich antiperovskites and nanostructured transition
metal compounds for lithium-ion-batteries

This thesis studies the physical and electrochemical properties of potential anode and
cathode materials for the next generation of lithium-ion-batteries. In this context, the
conversion-based multielectron storage materials FesO4-, MoOs- as well as MoSy nano
carbon composites are investigated as potential anode materials. On the cathode material
side, the class of lithium-rich antiperovskites, which exhibit both cationic and anionic
redox activity, is studied using (LizFe)SeO as an example. The physical characterization
is performed by means of X-ray diffraction, X-ray photoelectron spectroscopy, scanning
electron microscopy and magnetization measurements. Cyclic voltammetry, galvanostatic
cycling, and potentiostatic electrochemical impedance spectroscopy provide information
on the electrochemical properties. The results presented show for Fe3O,@QHCS a capacity
of 1050 mAh ¢! in cycle 250, which is significantly higher than the theoretical capacity
of 694 mAh g~!. The origin of the additional capacity could be attributed to a build-up
and down capacitative surface layer. In the case of the presented MoO,/carbon composite,
competitive electrochemical performance is achieved with low-cost carbon sources. Moreover,
the results demonstrate that both particle size and carbon content have a crucial impact
on the electrochemical performance. Studies on flower-like graphene MoS, reveal the
materials intrinsic physical and electrochemical properties. Investigations on the lithium-
rich antiperovskite (LipFe)SeO displays promising electrochemical properties of 225 mAh
g~! at 0.1C. Furthermore, the underlying cause behind the poor cycling stability was
determined and a way to improve cycling stability presented.
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KAPITEL 1 EINLEITUNG

Eine der grofiten Herausforderungen des 21. Jahrhunderts besteht in der Bewaltigung des
Klimawandels. Um diese Herausforderung zu meistern, ist eine umfassende Transformation
des Energiebereichs von fossilen Brennstoffen hin zu erneuerbaren Energiequellen zwingend
erforderlich. Ein zentraler Aspekt dieser Transformation ist die Elektrifizierung von Prozes-
sen sowie der simultane massive Ausbau in der Gewinnung erneuerbaren Energien und
deren Speicherung [1]. Im Bereich der kurzzeitigen und auch portablen Energiespeicherung
sind besonders Batterien von grofler Bedeutung, da sie eine sehr hohe Effizienz in der
reversiblen Speicherung von elektrischer Energie in Form von elektrochemischer Energie
aufweisen. Das etablierte Batteriekonzept, das bereits heute in nahezu allen Bereichen
unseres modernen Lebens allgegenwértig ist, wird daher weiter an Bedeutung gewinnen
und in immer mehr Anwendungen eingesetzt werden [2]. Um dies gewahrleisten zu konnen,
bedarf es der Weiterentwicklung hin zu immer effektiveren, preisgiinstigeren Batterien
mit hohen gravimetrischen und volumetrischen Energiedichten. In diesem Zusammenhang
sind Lithium-Ionen-Batterien (LIBs) aufgrund des geringen ionischen Radius von Lithium
und seiner hohen Elektronegativitét einzigartig [3, |4]. Diese intrinsischen Eigenschaften
von Lithium fiihren dazu, dass Lithium-Ionen-Batterien in Bereichen, in denen moglichst
viel Energie in einem moglichst geringen Gewicht oder Volumen gespeichert werden muss

(Mobiltelefone, Fahrzeuge), nicht nur heute, sondern auch in naher Zukunft unangefochten

sind 3, |4] (siche Abbildung [1.1h).
Lithium-Tonen-Batterien (LIB), siche Abbildung [1.1p, bestehen aus einer Anode (Minus-

pol), einer Kathode (Pluspol) und einem ionendurchléssigen Separator, der die Elektroden
voneinander trennt. Dieser Separator ist mit einem Elektrolyten getrénkt, der die Bewegung
von Lithium-Ionen ermoglicht. Die Menge an elektrischer Energie, die in einem Batterie-
material gespeichert werden kann, ist hauptsachlich von zwei Faktoren abhéngig. Erstens
von der Menge der gespeicherten Ladung, welche der Kapazitat entspricht und zweitens

der Differenz der elektrochemischen Potenziale der Redoxpaare [6]. Die Moglichkeit der
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Abbildung 1.1: (a) Vergleich verschiedener Batterietypen in Bezug zu erreichbaren gra-
vimetrischen und volumetrischen Energiedichten, entnommen aus [5]. (b) Schematische
Darstellung einer Lithium-Ionen-Batterie, entnommen aus @

Energiespeicherung einer Batterie ist daher determiniert durch die Menge des vorhandenen
Aktivmaterials und der Zellchemie. Die Verbesserungen der letzten Jahre lassen sich vor
allem auf die Erhohung des Aktivmaterialanteils in der Batterie durch Optimierungen in
der Herstellung zurtickfithren (7} |§]. Auch in der Zukunft sind weitere Verbesserungen aus
diesem Bereich der Batterieforschung zu erwarten, allerdings existiert hier auch ein festes
Limit. Die maximal erreichbare Energiedichte ist durch die intrinsischen Eigenschaften
der verwendeten Aktivmaterialien festgelegt. Weitere, bahnbrechende Verbesserungen kon-
nen somit nur aus der Verwendung anderer, neuer Batteriematerialien entspringen. Die
Erforschung neuartiger Materialien mit anderer, neuer Zellchemie zur Speicherung von
Lithium-Ionen ist daher von zentraler Bedeutung fiir weitere wegweisende Verbesserungen.
Speziell werden Materialien gesucht, die folgende inharente positive Eigenschaften aufwei-
sen: Hohe Energiedichten (1), hohe Leistung (2), lange Lebensdauer (3), hohe Sicherheit
(4), bestehend aus umweltfreundlichen, nicht kritischen Rohstoffen (5) und final noch
moglichst preisgtinstig (6) [4].

Der enorme Bedarf an immer héheren Energiedichten lief§ vor allem Elektrodenmaterialien,
die eine hohere theoretische Kapazitit aufweisen, in den Fokus der Forschung riicken.
Bisher basieren alle kommerzialisierten Materialien auf dem Speichermechanismus der
Interkalation, bei dem Lit-Ionen in freie Platze im Kristallgitter eingelagert werden. Der

Vorteil eines Interkalationsmaterials ist dabei, dass es im Normalfall nur zu einer kleinen



kristallografischen Anderung der Wirtsstruktur aufgrund der Lithiumaufnahme/-abgabe
kommt. Aufgrund dieses Wirkungsprinzips besitzen Interkalationsmaterialien in aller Regel
weitere positive Eigenschaften, wie eine hohe Zyklenstabilitdt und Leistung . Die
Kristallstruktur begrenzt die maximale Kapazitat aber auch auf ein oder weniger als
ein Elektronentransfer pro Formeleinheit [10]. Die Art der reversiblen Speicherung von
Lithium bestimmt daher mafigeblich die erreichbare Kapazitiat und damit direkt auch
die speicherbare Energie . Es wird daher aktiv nach Materialien gesucht, die Lithium
mittels eines anderen Speichermechanismus einlagern [10} [13].

Auf der Anodenseite, mit den derzeit kommerzialisierten Anodenmaterialien Graphit
und LiyTizOq4 , liegt ein klarer Fokus auf dem Erforschen und Verwenden der zwei
Multielektronenspeichermechanismen Legierung und Konversion (siehe Abbildung b,c).

(a) Intercalation

(Carbonaceous and Titanium oxides)

(b) Aoy (€) Conversion

LIPSO
OALLLED0

M MX Li,X+M MX
(M = Si, Ge, Sn, Sb, etc., and Si/Sn-based oxides) (M = Fe, Co, Ni, Mn, Cu, Cr, Mo, etc., and X = O, P, S, N)

Abbildung 1.2: Schematische Darstellung der unterschiedlichen Lit-Tonen-
Speichermechanismen: (a) Interkalation, (b) Legierung und (c) Konversion. Adaptiert von

[15).

Die Speicherung von Lithium mittels Legierungsbildung mit Metallen/Halbmetallen kann
sehr hohe Kapazititen liefern, wie z. B. im Falle von Silizium (4200 mAh g=! fiir Liy 4Si
und damit 10-mal so hoch wie bei Graphit) . Die praktische Nutzung ist durch die
auftretenden grofien Volumenédnderungen allerdings nicht einfach. Aufgrund der intensiven
Forschung in den letzten Jahren steht der Einsatz von legierungsbildenden Materialien am
Rande der Kommerzialisierung [17].
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Eine interessante und vielfach erforschte Gruppe an Materialien sind Ubergangsmetall-
verbindungen M, X, (M = Fe, Co, Ni etc., X = O, N, F, S, P,). Diese Materialklasse
nimmt Lithium tiber sogenannte Konversionsreaktionen auf. Bei der Konversionsreaktion
(M,,0, + 2yLiT + 2ye~ — yLiyO + nM), hier beispielhaft fiir Ubergangsmetalloxide, wird
das Ubergangsmetall vollstéindig reduziert und Li,O gebildet. Diese Art der Speicherung
erlaubt es, ein Vielfaches der Kapazitidt von Interkalationsmaterialien zu erreichen. Kon-
versionsmaterialien besitzen allerdings auch eine Vielzahl an inharenten Nachteilen, die

ihre Kommerzialisierung bisher verhindert haben [10, [13].

Um die Energiedichte auf der Kathodenseite zu verbessern, werden Materialien erforscht
die neben der bisher verwendeten kationischen Redoxreaktion von Ubergangsmetallionen
auch eine reversible anionische Redoxreaktion besitzen. Dieser Ansatz in der Entwicklung
von Kathodenmaterialien kann im Idealfall zu einer Verdopplung der Kapazitat fiihren
[2]. Die kiirzlich entdeckte Materialklasse der lithiumreichen Antiperowskite (Liy TM ) ChO
(TM = Fe, Mn, Co :Ch = S, Se), deren reversible Multielektronenspeicherung pro Struk-
tureinheit auf einer gekoppelten Redoxaktivitit des Ubergangsmetallkations und des
Sulfid/Selenid-Anions beruht, verspricht hohe spezifische Kapazitaten [1§]. Die Erforschung
der lithiumreichen Antiperowskite sowie deren elektrochemischen Eigenschaften steht
noch am Anfang. Bisher haben sich bereits viele positive Eigenschaften, aber auch einige

Probleme in Bezug zu deren Tauglichkeit als Kathodenmaterial fiir LIB gezeigt.

Fiir einige Probleme von Lithium-Ionen-Batteriematerialien existieren bereits heute Losun-
gen oder Losungsansétze. Ein Uberblick iiber einige Losungsansétze und deren Einfluss auf
die Eigenschaften des Batteriematerials, wie zum Beispiel die Partikelgrofienskalierung, die
Kompositherstellung und auch die Kohlenstoffummantelung, ist in Abb. [I.3] gegeben. Dies
zeigt, dass nicht nur die Entdeckung von neuen Materialien von duflerster Wichtigkeit ist,
sondern auch deren Optimierung. Die passenden Verbesserungsanséitze konnen nur durch
ein tiefgreifendes Verstandnis der physikalischen Zusammenhénge zwischen Materialstruk-
tur und den stattfindenden elektrochemischen Prozessen erlangt werden. Der einzige Weg,
diese Zusammenhange herzustellen, ist iiber eine Fiille von Charakterisierungsmessungen
beziiglich der Materialeigenschaften. Das erlangte Verstiandnis kann dann genutzt werden,

um Losungsansatze fiir materialspezifische Probleme zu entwickeln.

Die vorliegende Arbeit beschéftigt sich zum einen mit konversionsbasierten Ubergangs-
metallverbindungen als potenzielle Anodenmaterialien in LIB. Hierbei liegt ein klarer
Fokus auf der Untersuchung des Ursprungs und der Verbindung der auftretenden elektro-

chemischen Phanomene und den inhérenten physikalischen Eigenschaften des Materials.
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Abbildung 1.3: Allgemeine Optimierungsstrategien fiir LIB-Materialien (a) Skalierung der
Partikelgrofe, (b) Bildung von Verbundwerkstoffen, (¢) Dotierung und Funktionalisierung,
(d) Abstimmung der Morphologie, (e) Bildung von Beschichtungen/Einhiillen der Aktivma-
terialien und (f) Modifizierung des Elektrolyten. Entnommen aus \|

Zum anderen wird die vielversprechende Materialklasse der lithiumreichen Antiperowskite
hinsichtlicher ihrer physikalischen und elektrochemischen Eigenschaften untersucht und

deren Eignung als Kathodenmaterial fiir Lithium-Ionen-Batterien studiert.

Die Arbeit ist wie folgt gegliedert: In Kapitel 2] wird eine kurze Einfithrung in die relevanten
Grundlagen und Messmethoden sowie eine kurze Literaturzusammenfassung der unter-
suchten Materialien gegeben. Kapitel [3] befasst sich mit den Konversionsmaterialien Fe;Oy,
MoQO; sowie MoS,, die als Kohlenstoffkomposite untersucht werden. Hierbei wird vor allem
der Zusammenhang physikalischer und elektrochemischer Eigenschaften dieser Materialien
untersucht und die auftretenden elektrochemischen Phédnomene mittels ez situ-Messungen
erforscht. Kapitel [4] widmet sich der Materialklasse der lithiumreichen Antiperowskite.
Die Untersuchungen in diesem Abschnitt zeigen das Potential dieser Materialklasse am
Beispiel von (LiyFe)SeO und présentieren ein umfassendes Bild der physikalischen und
elektrochemischen Eigenschaften. Untersuchungen an (LisFe)SeO, welches mit einem ef-
fizienten Mahlvorgang hergestellt wurde, zeigten einen bisher unbekannten Prozess im
elektrochemischen Reaktionsmechanismus auf. Die Untersuchung dieses neuen Prozesses

zeigen dessen Bedeutung fiir die Zyklenstabilitdt und ermoglichten dariiber hinaus die



Kapitel 1 Einleitung

Verbesserung der elektrochemischen Performance. Im letzten Kapitel werden die wichtigsten

Ergebnisse der einzelnen Abschnitte zusammengefasst und im Kontext diskutiert.



KAPITEL 2 GRUNDLAGEN

2.1 Theoretische Grundlagen und experimentelle Durch-

fiuhrung physikalischer Messungen

Die Untersuchung der verwendeten Materialien fiir Batterieelektroden kann aufgrund der
Komplexitét nicht von einer einzigen Technik gelost werden. Fiir ein umfassendes Bild
missen daher die Ergebnisse vieler verschiedener Charakterisierungstechniken zusammen-
gefigt werden [19]. Im Folgenden wird eine kurze Einfithrung in die Theorie sowie die

experimentelle Durchfiihrung der dieser Arbeit zugrundeliegenden Messmethoden gegeben.

2.1.1 Pulver-Rontgendiffraktometrie (XRD)

Pulver-Rontgendiffraktometrie (XRD) dient der Phasenbestimmung von Pulver-Proben. Es
handelt sich dabei um eine zerstorungsfreie Messung, die fiir ganz oder teilweise kristalline

Materialien anwendbar ist.

Bragg-Brentano |

n'\ometerk,ef
S

b)

Detektor

(Pfeillange entspricht Netzebenabstand)
(kleine Kérner, regellose Orientierung) 26

Probe

Abbildung 2.1: Vereinfachte Illustration der Bragg-Bretano-Geometrie fir Pulver-
Rontgendiffraktometrie (a, b), resultierendes Diffraktogramm (c). Adaptiert von [20].

Der experimentelle Aufbau und das Funktionsprinzip der in dieser Arbeit verwendeten
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Pulver-Rontgendiffraktometrie in Bragg-Bretano-Geometrie ist schematisch vereinfacht
in Abbildung ) dargestellt. Monochromatische Rontgenstrahlen werden in einem
Winkel 0 auf die Probe fokussiert. Der Detektor, auch im Winkel 6 zur Probe, registriert
ein messbares Signal (Abbildung [2.1¢), wenn es Partikel mit einer Netzebenennormalen
senkrecht zur Oberfliche gibt, deren Netzebenenabstéinde die Braggbedingung erfiillen.
Siehe zum Beispiel Partikel mit der Markierung 11 in Abbildung [2.1p. Im Folgenden wird
der Winkel @ verandert, um weitere Netzebenenabstiande und Reflexe (21, 31) sichtbar zu

machen. Fir eine ausfithrliche Erkldrung wird auf [20] verwiesen.

Die in dieser Arbeit gezeigten Messungen wurden grofitenteils von Ilse Glass am Bruker D8
ADVANCE ECO Diffraktometer mit Kupfer-K,-Strahlung (A(K,1) = 0,15406 nm, A\(K,2)
= 0,15444 nm) des Instituts fir Geowissenschaften der Universitét Heidelberg durchgefiihrt.
Die Probenpraparation erfolgt in zwei Schritten. Um eine gleichméflige Verteilung des
Pulvers zu erhalten, wird zunéchst das Pulver mit Isopropanol in einem Morser hédndisch
dispergiert. Darauthin wird die erhaltene Dispersion auf einen Probentrager aus Silizium
gleichmafig aufgebracht. Die Messung erfolgt kontinuierlich und die pro Schrittweite

(typischerweise 20 = 0,02°) integrierte Intensitat wird dabei aufgezeichnet.

Die Datenauswertung diente primér der Identifizierung und Zuweisung kristalliner Phasen
in den Proben. Hierfiir werden die auftretenden Bragg-Reflexe in den aufgenommenen
Diffraktogrammen mit Referenzeintrégen der kristallografischen Datenbanken von ICSD [21]
und COD [22] verglichen. Die untere Grenze der Quantifizierung bei einem Labor-Pulver-
XRD-Gerat hidngt stark von Faktoren wie der Vorzugsorientierung der Kristallite, der
gemessenen Peakiiberlappung im Diffraktogramm, dem amorphen Anteil in der Probe, usw.
ab und ist somit von Probe zu Probe abhéngig [23]. Als allgemein anerkannte Faustregel
fiir die untere Grenze der Quantifizierung gelten allerdings 3-5 % Massenanteil in der
Probe [23]. Die GroBe der kleinsten in einem Diffraktogramm noch sichtbaren Nanopartikel,
ist aus denselben Griinden stark probenabhéangig. Hier gilt als Faustregel eine kristalline

Ausdehnung von minimal 2-3 nm [24, 25].

Aus den gemessenen Diffraktogrammen lassen sich dariiber hinaus Aussagen tiber die
vorliegende Ausdehnung der Kristallite treffen, falls diese kleiner als 150-200 nm sind. Die
endliche Ausdehnung der Kristallite fithrt zu einer Verbreiterung der Beugungsreflexe. Die
Kristallitgrofie (Dpy;) kann somit aus der Halbwertsbreite A(26,;) der Reflexe mittels der
Scherer-Gleichung [26] abgeschétzt werden:



K\

D —
Tkt A(ZQ}ZM) COS ghkl

mit K = 0.9 (abhéngig von der Kristallitform) (2.1)

Zu erwahnen ist, dass die Verbreiterung, die der instrumentelle Messaufbau verursacht, in
unserem Fall unbekannt ist. Die berechneten Werte fiir die Kristallitgrole stellen daher
keine verlédsslichen Absolutwerte dar. Trotz alledem kann aber anhand der gewonnenen
KristallitgroBlen ein Groflenvergleich zwischen den Proben vorgenommen werden, da die

instrumentelle Verbreiterung des Messaufbaus immer annahernd gleich sein sollte.

2.1.2 Rasterelektronenmikroskopie (REM) und Energiedispersi-
ve Rontgenspektroskopie (EDS)

Das Rasterelektronenmikroskop, kurz REM, basiert auf der elastischen und inelastischen
Streuung von Elektronen an einer Probe [27]. Prinzipielle lassen sich aus der Vielzahl der
Wechselwirkungen zwischen einem gerichteten Elektronenstrahl und Materie eine Reihe
unterschiedlicher Informationen wie Topografie, Morphologie und atomare Komposition be-
stimmen. Der zugrundeliegende Aufbau hinter einem Rasterelektronenmikroskop (REM) ist,
dass unter Vakuum mittels thermischer Feldemission freie Elektronen erzeugt werden. Diese
Elektronen werden durch das Anlegen einer gewahlten Hochspannung beschleunigt und
mithilfe elektromagnetischer Optik gesteuert. Fiir die 2-dimensionale Auflésung wird eine
gewisse Flache mit einer zuvor gewahlten Schnelligkeit rasternd aufgelost. Fiir eine tiefere
Einfithrung wird auf |27, [28] verwiesen, auf dem auch die hier gegebene Einfithrung basiert.
Bei den detektierten Elektronen unterscheidet man generell zwischen elastisch gestreuten
(Zurtckgestreute Elektronen, kurz BSE) und inelastische gestreuten (Sekundérelektronen,
kurz SE) Elektronen. Als Sekundérelektronen werden Elektronen bezeichnet, die aufgrund
von lonisation der Oberflichenatome durch den gerichteten Elektronenstrahl emittiert
werden. Diese Elektronen besitzen eine geringe Energie von ein paar Elektronenvolt und
konnen daher nur innerhalb ein paar Nanometer der Oberfliche entkommen. SE enthalten
somit Informationen iiber die Oberflache und eignen sich gut fiir die topografische und
morphologische Untersuchung. Die Standardauflosung mittels SE wird allgemein als knapp
unter 10 nm angegeben, allerdings kann bei spezielle Proben und unter gezielter Anwendung
die Auflosung weiter verbessert werden. Zuriickgestreute Elektronen haben aufgrund der
elastischen Streuung eine deutlich hohere Energie als SE und kénnen dadurch aus deutlich

tieferen Schichten des Materials kommen. Da dartiber hinaus der Wirkungsquerschnitt der
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Streuung stark von der Kernladungszahl Z abhéngt, enthalten BSE neben topografischen
Informationen auch Informationen iiber die atomare Zusammensetzung des Materials. Die
Information der Zusammensetzung ist als Kontrast sichtbar. Die laterale Auflésung der

BSE ist aufgrund der hoheren Energie deutlich geringer bei ungefahr 1 pm.

Eine genauere Untersuchung der elementaren Zusammensetzung kann mittels einer weite-
ren Wechselwirkung durchgefiihrt werden. Die Wechselwirkung zwischen dem gerichteten
Elektronenstrahl und der Materie fithrt auch zur Entstehung von Roéntgenstrahlung. Die
Methodik hinter der Messung dieser Rontgenstrahlen nennt sich Energiedispersive Rontgen-
spektroskopie (EDS). EDS basiert auf der Detektion der entstehenden Rontgenstrahlung,
die sich aus Bremsstrahlung und charakteristischer Strahlung zusammensetzt. Die De-
tektion dieser Rontgenstrahlung gibt iiber die charakteristische Strahlung, welche direkt
verbunden ist, mit den charakteristischen Uberginge jedes Elements, Aufschluss iiber
die elementare Zusammensetzung der Probe. Die laterale Auflésung héangt stark von der
Beschleunigungsspannung ab und ist in aller Regel im Mikrometerbereich. Der Fehler
in der atomaren Zusammensetzung ist sowohl Element als auch probenabhéngig. Als
Faustregel gilt ein Fehler von 5%, bei Sauerstoff und Kohlenstoff ist der Fehler aufgrund

von Absorptionseffekten noch hoher.

Im Rahmen dieser Arbeit wurden topografische Messungen an einem REM der Firma
Zeiss (Typ LEO 1530) sowie an einem REM der Firma JEOL (Typ JSM-7610F) mit
integriertem BSE- und EDS-Detektor des Physikalisch-Chemischen Institut der Universitat
Heidelberg durchgefithrt. Priméarziel jeder Messung ist es, die Morphologie und Grofle
der Partikeln der pulverférmigen Elektrodenmaterialien zu untersucht. Das LEO-REM ist
mit zwei Sekundérelektronendetektoren zentral in und verkippt zur Elektronenstrahlachse

ausgestattet.

Die Probenpréparation erfolgt, in dem zuerst selbstklebendes Kohlenstofftape (Plano)
auf den jeweiligen geratespezifischen Probentrager aufgebracht wird. Im Folgenden wird
die Menge einer Pinzettenspitze des zu untersuchenden Pulvermaterials auf das kleben-
des Kohlenstofftape verteilt. Fiir eine moglichst gleichmaflige Verteilung wird mit einer
zusétzlichen Pinzette leicht gegen die Pinzette mit dem Pulver geklopft, was zu einem
gleichméfligen herunterrieseln des Materials fithrt. Anschlielend wird tiberschiissiges, nicht
angeklebtes Material zuerst durch héndisches Klopfen und dann mit der Hilfe eines leichten
Druckluftstrahles entfernt. Im Falle einer elektrisch schlecht leitenden Probe wurde an
einem Sputtergerét der Firma Blazers (Typ Union SCD 004) auf die Probe eine Schicht
von circa 10 nm Gold (I=25 mA fir die t=25 s) aufgebracht. Die Goldschicht reduziert die
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elektrische Aufladung der Probe und minimiert dadurch auftretende Bildfehler.

2.1.3 Elementaranalyse (CHN)

Elementaranalyse oder auch CHN-Analyse ermoglicht die Messung des prozentualen Ge-
haltes der Elemente Kohlenstoff (C), Wasserstoff (H) und Stickstoff (N) einer Probe.
Hierfiir wird ein Teil der Probe, idealerweise mindestens 5 mg, explosionsartig in einer
sauerstoffreichen Atmosphére verbrannt. Die dabei entstehenden Gase (CO,, H,O, NO,),
werden darauthin mittels des Tragergases, hier Helium abtransportiert. Zunéchst wird das
Gasgemisch iiber einen geheizten, hochreinen Wolframkontakt gefithrt, um den tiberschiis-
sigen Sauerstoff zu entfernen und die enthaltenen Stickoxide in molekularen Stickstoff (Ns)
umzuwandeln. Das Gasgemisch wird dann gaschromatografisch getrennt und die einzelnen
Bestandteile einem Warmeleitfahigkeitsdetektor zugefiihrt und analysiert. Der Warmeleit-
fahigkeitsdetektor misst dabei kontinuierlich. Aus den voneinander getrennten, gemessenen
Peakflachen, kann schlussendlich die Menge von C,H,N in der Probe quantifiziert werden
[29].

Die in dieser Arbeit gezeigten CHN-Messungen wurden am Organisch-Chemischen Institut
der Universitat Heidelberg von C. Vetter mittels des Vario MICRO Cubes der Firma
Elementar untersucht. Die Unsicherheit der Messung setzt sich aus der Einwaage sowie

dem Gerétefehler zusammen. Der Fehler wurde insgesamt auf 0,5% abgeschatzt.

2.1.4 Rontgenphotoelektronenspektroskopie (XPS)

Rontgenphotoelektronenspektroskopie (XPS) ist eine zerstorungsfreie Methode zur Mes-
sung des chemischen Zustandes von Spezien im oberflichennahen Bereich (~10 nm) eines
Festkorpers. XPS beruht auf der Messung von Kernniveau- oder Innenschalenelektronen,
die durch den photoelektrischen Effekt emittiert werden 30} 31]. Hierfiir werden monochro-
matische Laserstrahlen auf der Probe fokussiert. Aufgrund des photoelektrischen Effektes
kommt es daraufthin zur Erzeugung eines Spektrums an Elektronen mit charakteristischen
Energien. Jedes Element beziehungsweise jede Verbindung kann anhand der charakte-
ristischen Bindungsenergien der ausgesandten Elektronen unterschieden werden. Unter
Bindungsenergie versteht man die Energie, die erforderlich ist, um ein Elektron aus einem
Atom auszustoflen. Diese Energie héingt unter anderem von dem Element, dem Orbital

und der chemischen Umgebung ab [30, |31]. Die gemessenen Spektren kénnen darauthin
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mit Literaturwerten verglichen werden. Anhand der Anzahl und Position der gemessenen
Peaks konnen Riickschliisse auf die enthaltenen Elemente, deren Oxidation und chemische
Umgebung gezogen werden. Eine genaue Beschreibung sowie Referenzspektren kénnen
im Handbook of X-Ray Photoelectron Spectroscopy von Moulder et al. [31] nachgelesen

werden.

Fir die Probenpraparation wurde zunéchst ein Probentrager aus Kupfer mithilfe von
Schleifpapier angeraut. Darauthin wird ein Streifen reines Indiummetall auf den Probentra-
ger aufgebracht und an den Kanten mittels eines Spatels festgedriickt. Als Nachstes wird
die oxidierte Oberfliche des Indiums mittels eines Skalpells entfernt. Auf die glinzende
Indiumoberflache wird gleichméfig eine diinne Schicht der zu untersuchenden Pulverprobe
aufgetragen. Diese diinne Schicht wird dann mithilfe des Spatels leicht in das Indium hin-
eingedriickt, sodass ein moglichst gleichméfiiger Film entsteht. Um die Haftung zwischen
Indium und dem Pulver weiter zu verbessern, wird der Pulverfilm mit Aluminiumfolie
bedeckt und mithilfe einer Pressmatrix in einem Schraubstock handfest zusammengedriickt.
Im letzten Schritt wird mittels eines feinen Pinsels sowie durch leichtes Klopfen, loses,
iiberschiissiges Pulver entfernt. Das Endresultat ist ein Probentrager mit einem festen,

gleichméfligen Pulverprobenfilm auf der Indiumoberflache.

Die in der vorliegenden Arbeit gezeigten XPS-Messungen wurden am Physikalisch-Chemischen
Institut der Universitdt Heidelberg in der Arbeitsgruppe von Professor Michael Zharnikov
mit einem MAX200-Spektrometer (Leybold-Heraeus) durchgefiihrt. Dieser besitzt eine Mg
Ka Rontgenquelle (200 W) und einen hemisphérischen Analysator.

2.1.5 Magnetische Messungen

Eine weitere Charakterisierung kann durch magnetische Messungen erreicht werden. Der
magnetische Zustand eines Ubergangsmetallions steht in direktem Zusammenhang mit
seiner elektronischen Konfiguration und der kristallinen Umgebung [19]. Fiir eine Einfiih-
rung zum Magnetismus von Festkorpern wird auf das Buch ,,Magnetism in Condensed
Matter“ [32] verwiesen. Die hier dargestellten relevanten Grundlagen sind ebenfalls an
[32] und [33] angelehnt. Die magnetischen Eigenschaften eines Festkorpers sind durch die
Magnetisierung bzw. die magnetische Suszeptibilitat gekennzeichnet. Die Magnetisierung M
wird als magnetisches Moment pro Volumen definiert. Die Abhéngigkeit der Magnetisierung
von einem externen Magnetfeld (H) ist durch die magnetische Suszeptibilitét (y) gekenn-

zeichnet. Die zwei typischen magnetischen Charakterisierungsmessungen sind Temperatur-
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(M von T) und Magnetfeldabhéngigkeiten (M von B). Aus der Temperaturabhéngigkeit der
Magnetisierung lassen sich zum Beispiel Phasentibergénge ablesen oder Informationen tiber
Fremdphasen gewinnen. Abhéngig von den jeweiligen Materialien lassen sich dabei sehr
hohe Sensitivitaten gegeniiber Fremdphasen erzielen |19], zum Beispiel wenn magnetische
Fremdphasen oder paramagnetische Ionen in einem diamagnetischen Material auftreten.
Magnetisierungsmessung bei konstanter Temperatur und variablen Magnetfeldern erlauben
ebenfalls Aussagen iiber die Art des in der Probe vorliegenden Magnetismus. Die Kristal-
linitat der Probe lasst sich zusatzlich durch einen Vergleich zwischen der theoretischen
und der gemessenen Sattigungsmagnetisierung abschétzen [19]. Bei einer sehr amorphen
Probe kann die Aussagekraft magnetischer Messungen abnehmen, da die magnetischen
Phasentibergénge unterdriickt werden. Fiir eine detaillierte Beschreibung iiber die Moglich-
keiten und Grenzen von magnetischen Messungen an Elektrodenmaterialien fiir LIB wird
auf Whittingham et al. , “What can we learn about battery materials from their magnetic

properties?” [19] verwiesen.

Die Messungen wurden an einem Magnetic Properties Measurement System (MPMS3),
einem SQUID-Magnetometer der Firma Quantum Design, durchgefiihrt. Im verwende-
ten Magnetometer konnen Messungen bis 7 Tesla durchgefiithrt werden. Der gemessene
Temperaturbereich liegt zwischen 1.8 bis 400 Kelvin. Das Funktionsprinzip dieses Gerétes
kann zum Beispiel in [34] nachgelesen werden. Die Probenpréparation erfolgt, indem
die zu untersuchende Pulverprobe zunachst in den dazu vorhergesehen Zylinder, eine
Polypropylen-Kapsel, eingewogen wird. Der zweite Teil der Kapsel ist ein Stempel, mit
dessen Hilfe die Probe in die Kapsel gedriickt und fixiert wird. Die gefiillte Kapsel wird

darauthin in dem dafiir vorhergesehen Kupferhalm fixiert.

2.2 Theoretische Grundlagen und experimentelle Durch-

fiihrung der elektrochemischen Messungen

Im Folgenden wird eine kurze Einfithrung in die Elektrochemie gegeben. Zudem werden
die im Rahmen dieser Arbeit genutzten elektrochemischen Messmethoden (zyklische Vol-
tammetrie, galvanostatische Zyklierung, elektrochemische Impedanzspektroskopie) sowie

der Versuchsaufbau vorgestellt.

13



Kapitel 2 Grundlagen

2.2.1 Grundlagen der Elektrochemie

Die Elektrochemie beschéaftigt sich generell mit den Gesetzméfigkeiten zwischen chemischer
und elektrischer Energie. Fiir detaillierte Ausfiihrungen wird auf die folgenden Lehrbii-
cher [35, |36] und auf [37] verwiesen. An dieser Literatur ist auch die folgende kurze

Zusammenfassung der batteriespezifischen Grundlagen angelehnt.

Eine Batterie beruht auf der Umwandlung von chemischer in elektrische Energie und wieder
zuriick (Sekundérbatterie). Der generelle Aufbau einer Batterie besteht aus einer oder
mehreren galvanischen Zellen. Die galvanische Zelle wiederum besteht aus zwei via eines
Separators ortlich getrennten, elektrisch leitenden Elektroden. Die Elektroden befinden sich
dabei in einem reinen Ionenleiter, dem Elektrolyten. Der innere Ionenstrom im Elektrolyten
zwischen den Elektroden wird durch den dufleren Stromkreis, iiber den elektrische Arbeit
verrichtet werden kann, geschlossen. Die Umwandlung der Energie erfolgt unter anderem

mittels Redoxreaktionen:

Ox +7-6 il Red (2.2)

Oxidation

Oy bezeichnet hierbei den oxidierten Zustand einer Spezies und Red den reduzierten
Zustand. Z gibt die Anzahl der an der Reaktion beteiligten Elektronen an und wird
als Aquivalenzzahl bezeichnet. Definitionsgema8 ist festgelegt, dass die Elektrode, an
der die Oxidation ablduft, als Anode und diejenige, an der die Reduktion stattfindet,
als Kathode bezeichnet wird. Die grundlegende thermodynamische Gleichung fiir eine

reversible elektrochemische Umwandlung lautet:

AG = AH — TAS (2.3)

Dabei steht AG fiir die Anderung der Gibbs freien Energie bzw. die verfiighare Energie
einer Reaktion zur Verrichtung von Arbeit. AH steht fiir die Enthalpieinderung bzw. die
durch die Reaktion freigesetzte Energie, AS fiir die Anderung der Entropie und T fiir
die absolute Temperatur. TAS entspricht somit der entstehenden Warme aufgrund der

(elektrochemischen) Umwandlung der Materialien.

Die aus einer bestimmten Reaktion verfiighare Nutzenergie AG ist mit der elektrischen
Energie, die aus dieser Reaktion in einer elektrochemischen Zelle entsteht, verbunden
durch:
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AG = —nFE (2.4)

Wobei n, die Anzahl der tibertragenen Elektronen pro Mol Reaktant beschreibt, F die
Faraday-Konstante und E die Spannung der Zelle, die aufgrund der spezifischen chemischen
Reaktion entsteht. Die Spannung der Zelle ist fiir jedes Reaktionspaar durch die jeweiligen
elektrochemischen Potentiale gegeben. Die Menge der erzeugten Elektrizitit (nF) wird

durch die Gesamtmenge der fiir die Reaktion verfiigharen Materialien bestimmt.

Da in der Realitat nicht alle vorliegenden Spezien an einer Reaktion teilnehmen, eignet
sich die Aktivitat besser als die reine Konzentration zur Beschreibung von Reaktionen.
Unter der Aktivitdt a versteht man die Anzahl der Spezien pro Losungsvolumen, die an
der Reaktion aktiv teilnehmen. Im Gleichgewicht kann die Verdnderung der freien Energie

abhangig von der Aktivitit der involvierten Spezien wie folgt beschrieben werden:

AG = AG® + RT ln(Z—R) (2.5)
O

Dabei bezeichnet AG? die freie Energie bei Standardbedingungen und R die molare
Gaskonstante. Zusammen mit Gleichung [2.4] die eine Verbindung der Gibbs freien Energie
und dem elektrochemischen Potential herstellt, ergibt sich die Nernst-Gleichung mit dem

aktuellen Potential E und dem Standartpotential E:

RT
E=E'+ . 1n(;“;) (2.6)

Die Klemmspannung einer galvanischen Zelle ist durch die Differenz der Galvanipotentiale

von Kathode und Anode gegeben:

QbZellle = ¢Anode - gbKathode (27)
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2.2.2 Elektrochemische Charakterisierungsmessungen (CV, GCPL,
EIS)

Zyklische Voltammetrie (CV)

¢ i = i
2 :
w | 0 .
; i Pe B
(a) time / s (b) time / s (c) & Ews.Ref/iv E

Abbildung 2.2: Beispielhafte Darstellung einer zyklischen Voltammetriemessung. A, die an
die Zelle angelegte Dreiecksspannung, b, der daraus resultierende gemessene Strom gegentiiber
der Zeit und ¢, das finale Zyklovoltammogramm. Adaptiert aus [3§].

Zyklische Voltammetrie ist eine der am meisten eingesetzten Methoden in der Elektrochemie,
da mittels ihrer Hilfe eine Vielzahl an Informationen zu Reduktions- und Oxidationsprozes-
sen zuginglich werden [39]. Hierfiir wird an die Arbeitselektrode ein Potenzial (in Bezug
auf die verwendete Referenzelektrode, in unserem Fall eine Lithiummetallelektrode) von
auflen angelegt (siehe Abbildung ) Die zyklische Voltammetriemessung beginnt dabei
bei einem Anfangspotential E1, fiihrt mittels angelegter Dreieckspannung zum Endpo-
tential (Umkehrpotential) E2 und dann wieder zuriick. Die angelegte, gewdhlte Scanrate
v betragt im Rahmen dieser Arbeit typischerweise 0.1 mV /s. Der daraus resultierende
Strom wird dabei gemessen und ist exemplarisch als Funktion der Zeit in Abbildung
abgebildet. Die Darstellung der gemessenen Daten einer zyklischen Voltammetriemessung,
bei der der gemessene Strom gegen die Spannung aufgetragen wird, bezeichnet man als
Zyklovoltammogramm (CV) (siehe Abbildung [2.2k). Diese Arbeit folgt der IUPAC Kon-
vention, die bei einer Oxidation des Elektrodenmaterials positiven Strom zeigt und bei
reduktiven Prozessen einen negativen Strom [39]. Das Auftreten von Peaks in den charak-
teristischen Kurven eines CVs weist auf redoxaktive Prozesse hin. Anhand des Potentials,
an dem diese Peaks auftreten (E,,,E,. in Abb. )7 konnen zum Beispiel mittels eines
Vergleiches mit Literaturdaten Aussagen iiber die zugrundeliegende Reaktion gemacht
werden. Die gemessene Halbwertsbreite der Peaks ist ein Indikator fiir die dem Prozess

zugrundeliegende Kinetik und damit der Kristallinitdat der untersuchten Probe. Mit einer

16



zyklischen Voltammetriemessung lassen sich zusétzlich, wenn die Peaks/Reaktionen weit
genug auseinanderliegen, einzelne Prozesse und deren Wirkung auf die Probe untersuchen.
Hierfiir werden die Potentialgrenzen so gewahlt, dass sie nur einzelne Prozesse einschliefen.
Im weiteren Verlauf kann auf weitere Prozesse erweitert werden. Eine Einfithrung kann

zum Beispiel in [39] gefunden werden.

Galvanostatische Zyklierung (GCPL)

Die klassische Untersuchung des Lade- bzw. Entladeverhaltens von Elektrodenmaterialien
gelingt durch die galvanostatische Zyklierung. Hierfiir wird an die Zellen ein konstanter
Ent-/Ladestrom angelegt und die daraus resultierende Verédnderung der Spannung (Poten-
tialverlauf) gemessen. Die Stromstérke wird hierbei auch Zyklierrate genannt. Im Rahmen
dieser Arbeit wird fiir die Vermeidung von Tiefenentladungs- und Uberladungseffekten eine
galvanostatische Zyklierung mit zusétzlicher potentieller Limitierung (GCPL) verwendet
[40]. Informationen tiber die elektrochemischen Prozesse sind auf vielfiltige Weise aus
GCPL-Messungen ablesbar. Erstens lassen sich aus dem zeitlichen Potentialverlauf Infor-
mationen iiber die Art des Prozesses erhalten. Zum Beispiel flacht bei einem Nernstschen
System das Potential in der Nahe des Gleichgewichtspotenzial des Redoxpaares, plateauar-
tig ab. Plateaus in den Potentialkurven des GCPLs entsprechen daher den Peaks in einem
CV. Zweitens lassen sich anhand der dabei umgesetzten Ladungsmenge Aussagen tiber
die Effektivitat einzelner Prozesse und dem Gehalt von Lithium im Elektrodenmaterial
treffen. Die umgesetzte Ladungsmenge bezieht sich auf die effektive elektrochemisch aktive
Menge im Elektrodenmaterial und wird spezifische Kapazitit (Cgpe,) genannt. Fiir einen
Ladezyklus der Zeit t mit Stromstérke I ergibt sich die spezifische Kapazitiat aus der

Integration des geflossenen Stromes tiber die Zeit:

t
1
Cper = — / I(t)dt (2.8)
0

Die theoretische, materialspezifische Kapazitéit eines Elektrodenmaterials lasst sich mithilfe

des Faradayschen Gesetztes,

z- F

Ct heo — M

(2.9)

mit der molaren Masse M des Aktivmaterials und der Faraday-Konstante bestimmen
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[35]. Die Normierung der Stromstarke und der Kapazitat erfolgt auf die Masse der elek-
trochemisch aktiven Bestandteile der Elektrode. Fiir Anodenmaterialien (typischerweise
untersucht im Spannungsbereich 0.01-3 V) bedeutet das, dass sowohl das Aktivmaterial
als auch der verwendete Leitrul (elektrochemische Aktivitédt im Bereich von 0.01-1 V)
[41] mit einbezogen werden muss. Der Strom wird in diesem Fall auf die Masse normiert
und als Stromdichte der Einheit mA g=! angegeben und die Kapazitit in mAh g=!. Im
elektrochemisch aktiven Bereich von Kathodenmaterialien (typischerweise 1-4.5 V) ist der
verwendete Leitrufl nicht elektrochemisch aktiv und somit fiir Kapazitatsbetrachtungen
vernachléssigbar [42]. Die verwendete Zyklierrate wird fiir Kathodenmaterialien typischer-
weise in C-Raten angegeben. Eine C/x-Rate entspricht dabei dem Strom, der benétigt wird,
um die theoretische Kapazitiat des Materials in x-Stunden zu ent-/laden. Die Kapazitit
bezieht sich hierbei nur auf das verwendete Aktivmaterial und wird erneut in mAh g—!

angegeben.
Eine weitere wichtige Messgrofie, die ein Maf} fiir die Reversibilitat der untersuchten
elektrochemischen Prozesse darstellt, ist die Coulombische Effizienz (CE), die sich wie folgt
ergibt [43]:

CF — discharge capacity Total number of Li* ions back to cathode

= 2.10
charge capacity Total number of Li* ions departing from cathode ( )

Die Zyklenstabilitat ist ein weiterer entscheidender Faktor, der angibt, welcher Anteil
der urspriinglichen Kapazitat nach mehrmaligem Laden und Entladen noch erreicht wird.
Die Summe aus erreichter spezifischer Kapazitiat und Zyklenstabilitdt bezeichnet man
im Allgemeinen als elektrochemische Performance, welche ein Hauptindikator fiir den

moglichen positiven Ausblick aller Batteriematerialien ist.

Elektrochemische Impedanzspektroskopie (EIS)

Elektrochemische Impedanzspektroskopie (kurz: EIS) ist ein leistungsfahiges, nicht destruk-
tives Verfahren zur Untersuchung der Kinetik in elektrochemischen Systemen [44]. Der
Messansatz besteht dabei darin, eine sinusférmige Spannung (potentiostatischer Modus,
PEIS) U(t) = U sin(wt) mit einer bestimmten Amplitude und Frequenz anzulegen und
die Amplitude und Phasenverschiebung des resultierenden Stromes I(t) = I sin (wt+¢)
zu messen. Fir die Validitat der Messung miissen dabei immer folgende drei Grundvor-

aussetzungen erfiillt werden: Linearitat, Kausalitat und Stationaritit. Die Linearitat lasst
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sich trotz der nicht linearen Natur elektrochemischer Systeme durch die Anwendung einer
ausreichend kleinen Storung sicherstellen (im Allgemeinen hat sich eine Amplitude von
10 mV als noch im pseudolinearen Bereich bewéhrt) [45]. Der gemessene Antwort-Strom
hat somit ungeféhr die gleiche Frequenz wie die Storung [44]. Kausalitdt meint in diesem
Zusammenhang, dass die Antwort des Systems komplett auf die Storung zuriickgefiithrt
werden kann. Die Bedingung der Stabilitat bedeutet, dass das System, bis es durch einen
auBleren Reiz angeregt wird, stabil ist und nach Beendigung der aufleren Storung, in der

Lage ist, in seinen urspriinglichen Zustand zuriickzukehren.

Die frequenzabhéngige Impedanz beziehungsweise der Wechselstromwiderstand kann unter

diesen Randbedingungen mithilfe des Ohmschen Gesetzes berechnet werden:

_ U} _ Uw)
FI0} ~ Tw)

Mit F{U(t)} der Fouriertransformierten der angelegten Spannung und F{I(t)} der Fou-

Z

(2.11)

riertransformierten des gemessenen Stroms. Dieser Messvorgang wird bei einer Reihe von
Frequenzen wiederholt, die in aller Regel von wenigen Hertz (Hz) bis in den MHz-Bereich
reichen, um ein charakteristisches Impedanzspektrum zu erzeugen. Die Vielzahl an ver-
schiedenen Frequenzbereichen ermoglicht es; Prozesse mit unterschiedlichen Zeitkonstanten
innerhalb der Batterie anzuregen und zu untersuchen. Die gemessene Impedanz wird
typischerweise in Nyquist-Darstellung (Imaginérteil der Impedanz gegen den Realteil)
aufgetragen. Diese Darstellung ermoglicht die Zerlegung der auftretenden, charakteristi-
schen Zellkomponenten und Zellprozesse beziiglich der jeweiligen Zeitkonstanten (siehe
Abbildung [2.3h), wobei im Bereich des Diagramms bei kleinen Re(Z) schnelle Prozesse
detektiert werden und bei grofien Re(Z) (d.h. rechts in Abb[2.3)) langsame Prozesse.

Die Analyse der Impedanzspektren erfolgt mittels Ersatzschaltkreisen (siche Abbildung
2.3b), welche die jeweiligen Prozesse durch resistive, kapazitidre und induktive Elemente
beschreibt. Fiir eine detailliertere Erlauterung der elektrochemischen Impedanz und deren

Analyse wird auf [48] verwiesen. Auf [48] beruhen auch die hier dargelegten Grundlagen.

Fiir die in dieser Arbeit durchgefithrten PEIS-Messungen wurde eine kleine Stérung von
10 mV im Frequenzbereich von 200 kHz bis 1 mHz gewéhlt. Um die Reproduzierbarkeit der
Messung sowie einen stabilen Zustand zu gewéhrleisten, wurde vor jeder PEIS-Messung
die Zelle fiir mehrere Stunden im OVC (Leerlaufspannung) ruhen gelassen und nach der

Messung eine zweite Kontroll-PEIS-Messung durchgefiihrt.
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Abbildung 2.3: (a) Illustrative Darstellung eines typischen Impedanzspektrums eines
Batteriematerials in Nyquistdarstellung, adaptiert von . (b) Darstellung eines fiir ein Bat-
teriematerial reprasentativen Ersatzschaltkreises, sowie das dazugehorige Impedanzspektrum
in Nyquistdarstellung, entnommen aus .

Ex-situ Messungen

Fir ex situ Charakterisierungsmessungen wie REM- und TEM-Messungen wurde fiir eine
moglichst vollstandige elektrochemische Ladungsumsetzung teilweise die Messmethode
konstanter Strom konstante Spannung (CCCV) verwendet. Hierbei wird, nachdem die
Endspannung erreicht wird, diese Spannung noch eine gewisse Zeit t gehalten, was zu einem
zusétzlichen Stromfluss fithren kann und damit zur zusétzlichen Ein-/Auslagerung von
Lithiumionen. Um die zyklierten Elektroden weiter zu untersuchen, wurden die gemessenen
Zellen in einer Argon-Glovebox zerlegt. Im Falle von Knopfzellen kam ein spezieller
Decrimping-Aufsatz fiir die Presse zum Einsatz. Die erhaltenen Elektroden wurden dann
gewaschen, um das hochreaktive Lithiumsalz zu entfernen. Hierfiir wurden die Elektroden
der Reihe nach in insgesamt drei mit Ethylencarbonat gefiillten Flaschchen getaucht und
fiir jeweils fiinf Minuten geschiittelt. Zum Schluss wurden die Elektroden iiber Nacht
im Vakuum getrocknet. Zur Vermeidung von moglichen Reaktionen an Luft wurden
die Elektroden nach dem Ausschleusen aus der Argon-Glovebox unter bestmoglichem

Luftausschluss zu den jeweiligen Geraten transportiert.
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2.2.3 Versuchsaufbau

Die elektrochemischen Messungen wurden mithilfe eines mehrkanaligen VMP3- [49], eines
VSP- [50] Potentiostaten/Galvanostaten sowie einem Battery Cycler (BCS) [51] der Firma
Biologic durchgefiithrt. Der VMP3-Galvanostat/Potentiostat verfiigt tiber zwei Messmog-
lichkeiten fiir elektrochemische Impedanzspektroskopie. Die Potentiostaten besitzen drei
Abgriffe zur Potentialmessung und zwei Stromanschliisse. Die verwendete Software ist bei
allen Geriten ,EC-Lab“ der Firma BioLogic [52]. Die Software ermoglicht eine individu-
elle Anpassung der zuvor beschriebenen Messmethoden an die jeweiligen Anforderungen.
Nach dem Einstellen der Parameter fithrt die Software die Messung automatisch durch.
Fiir die Gewahrleistung des Gleichgewichtszustandes wurde vor jeder Messung eine 12 h
Leerlaufspannungsmessung durchgefiihrt. Die Anschliisse des VMP3 befinden sich in einem
Wiérmeschrank der Firma Binder, der auf konstant 25 °C eingestellt ist. Die Anschliisse
des VSP und des BCS befinden sich bei Raumtemperatur (ungefahr 25 °C).

Elektrodenprapration

Die Elektrodenpréparation erfolgte im Rahmen dieser Arbeit fiir Anoden- und Kathoden-
materialien unterschiedlich. Die Elektrodenpraparation fir elektrochemische Impedanzmes-
sungen sowohl von Anoden- als auch Kathodenmaterialien erfolgen nahezu identisch zu
den jeweiligen Protokollen, allerdings wurde die Grole der Stromabnehmer auf @ 18 mm

angepasst.

Die Reproduzierbarkeit der gemessenen elektrochemischen Daten hiangt mafigeblich von der
Qualitat der hergestellten Elektroden ab. Die fiir die Qualitéit der Elektroden entscheidenden
Faktoren sind: Der Fehler der Einwaage, die Homogenitat sowohl bei der Vermischung als
auch beim Aufbringen auf die Netze sowie die erreichte Massenbeladung der Netze. Da
diese Prozesse handisch durchgefiihrt werden, ist eine préazise Kontrolle dieser Parameter
nicht vollumféanglich moglich. Abhéngig von der Probe und der verwendeten Menge der
Einwaage lasst sich die Ungenauigkeit der Messdaten auf durchschnittlich zwischen 5 und
10% abschétzen. Dieser Wert wurde anhand von Vergleichsmessungen ermittelt und ist

typisch fiir vergleichbare Untersuchungen.
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Anodenherstellung

Die Herstellung von Elektroden mit Anodenmaterialien erfolgte nach dem gruppeninternen
Standardprotokoll [53]. Hierfir wird als Erstes das zu untersuchende Aktivmaterial AM,
Carbon Black CB (Super C65, Timcal) und Polyvinylidenfluorid-Binder PVDF (Solvay
Plastics) abgewogen. Das Gewichtsverhéltnis von AM:CB:PVDF wurde im Rahmen dieser
Arbeit auf 80:10:10 festgelegt. Im néchsten Schritt wird zuerst PVDF in N-Methyl-2-
pyrrolidon (NMP) mittels eines Magnetriihrers in Kombination mit einem Riihrfischchen
aufgelost. Darauthin wird Carbon Black und das Aktivmaterial hinzugegeben und die
erhaltene Dispersion wird fiir weitere 24 h geriihrt. Um die Viskositat und somit die Haftung
zu erhohen wird ein Teil des NMPs der Mischung in einem Vakuumtrockenschrank (65 °C,
12 mbar) verdampft. Nach dem Herstellen einer geeigneten Viskositdt wird die Paste mittels
eines Spatels héndisch homogen auf den =10 mm (fir CV-; GCPL-Messungen) oder
=18 mm (fiir PEIS-Messungen) netzartigen Kupferstromabnehmer (Drahtdurchmesser:
0,115 mm, offene Flache: 30,3 %, Dicke: 0,25 mm) aufgetragen. Die bestrichenen Elektroden
werden dann im Vakuumofen fiir 24 h getrocknet, bevor sie mittels einer hydraulischen
Presse bei 10 MPa gepresst werden. Vor dem Einschleusen in die Glovebox werden die

Elektroden erneut mehrere Stunden getrocknet.

Kathodenherstellung

Die Herstellung der Kathoden erfolgte aufgrund der Luftsensitivitdt der untersuchten
lithiumreichen Antiperowskite ausschliefllich in einer Argon-Glovebox (Oy < 1 ppm, H2O
< 1 ppm). Die Kathodenpriparation fiir lithiumreiche Antiperowskite beruht auf den
Erkenntnissen aus den vorangegangenen Arbeiten von Ozkara [54], Djendjur [55] und
Hahn [56]. Am Anfang wird das zu untersuchende Aktivmaterial AM, Carbon Black CB
(Super C65, Timcal) und Polyvinylidenfluorid-Binder PVDF (Solvay Plastics) in einem
Massenverhéltnis von AM:CB:PVDF von 70:15:15 abgewogen. AnschlieBend werden die
Materialien mithilfe eines Fisherbrand Model 120 Dispergiergerates fiir 2 h in trockenem
Isopropanol vermischt. In einer Vakuumkammer wird daraufhin so lange Isopropanol
verdampft, bis sich eine pastenartige Viskositdat der Mischung einstellt. Die resultierende
Paste wird dann mittels eines Spatels hiandisch homogen auf einen g=10 mm (fiir CV-,
GCPL-Messungen) oder g=18 mm (fiir PEIS-Messungen) netzartigen Aluminiumstrom-

abnehmer (Drahtdurchmesser: 0,1 mm, offene Fliche: 27 %) aufgetragen. Die erhaltenen
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Elektroden werden danach iiber Nacht im Vakuum getrocknet, mit einer Spindelpresse

handisch gepresst und erneut getrocknet.

Zellaufbau

Im Rahmen dieser Arbeit wurden fiir die elektrochemischen Messungen galvanostatische Zy-
klierung und zyklische Voltammetrie teilweise eine luftdichte Swagelog-Rohrverschraubung
(siehe [53] 57]) oder ein CR2032 Knopfzellenaufbau (2= 20 mm, h= 3,2 mm) verwendet,
der schematisch in Abbildung [2.4] dargestellt ist.

Dichtung

Elektrode | Lithium

Feder

"N

Elektrolyt
T Spacer

Knopfzellenkappe Separator

Knopfzellenboden

Abbildung 2.4: Schematische Illustration des Aufbaus einer Knopfzelle. Adaptiert von \\

Der Knopfzellenboden (Edelstahl, SS316) mit integrierter Teflondichtung sowie die Knopf-
zellenkappe (Edelstahl, SS316) bilden das Gehause der Knopfzelle. In den Knopfzellenboden
wird eine Edelstahlfeder platziert, die einen konstanten Druck auf die elektrischen Kontakte
der Zellbestandteile aufbaut. Auf die Feder kommt der Stromabnehmer der Gegenelek-
trode aus SS316 Edelstahl, welcher auch Spacer genannt wird. Auf diesen wird wiederum
die Gegenelektrode aus reinem Lithiummetall (=10 mm, Alfa Aesar, Reinheit > 99,9
%) aufgebracht. Darauffolgend befinden sich zwei Lagen (Whatman GF/D, g=16 mm)
Separator, die beide jeweils mit 65 pl der Elektrolytlosung (1M LiPF6 in 1:1 Ehtylenecar-
bonat (EC) und Dimethylcarbonat (DMC) Elektrolyte LP30, Merck) getrankt wurden.
Die letzte Komponente ist die Arbeitselektrode, bestehend aus einem mit dem zu un-
tersuchenden Anoden-/Kathodenmaterial beschichteten netzartigen Stromabnehmer aus
Kupfer/Aluminium (=10 mm). Final wird zur Herstellung der Luftdichtheit die Knopf-
zelle in einem sogenannten Coin Cell Crimper zusammengepresst. Fiir eine ausfiihrliche

Beschreibung der Knopfzellenherstellung wird auf verwiesen.

Die elektrochemischen Impedanzmessungen wurde mittels einer PAT-Zelle der Firma EL-
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Abbildung 2.5: Schematische Abbildung des Aufbaus einer PAT-Zelle, sowie des PAT-Kerns,

adaptiert von und .

Cell, welche schematisch in Abbildung dargestellt ist, durchgefiihrt. Die Zelle besteht
aus einer Zwei-Komponenten-Edelstahlhiille (1) und (9), einer Dichtung aus Polyethylen
(2), dem oberen und unteren Edelstahlstofiel (3 und 8), der Lithiummetallgegenelektrode
=18 mm (4), dem Pat-Kern (6) und der g=18 mm Arbeitselektrode (7). Das Herzstiick
der Zelle ist der PAT-Kern, rechts dargestellt in Abbildung Dieser besteht aus einem
auBeren Haltering mit einem inneren, kreisrunden Absatz (g=21,6 mm) zur Platzierung des
Reedkontakts und der Referenzelektrode aus Lithiummetall. Auf diese wird der Separator
(2=21,6 mm) platziert und mit dem inneren Klemmring fixiert. Durch diesen Aufbau ist die
Position der Arbeitselektrode fixiert und symmetrisch gegeniiberliegend zur Gegenelektrode.
Zusatzlich ist auch die Referenzelektrode nahe an der Arbeitselektrode positioniert, was zu
einer Reduktion von Artefakten im Impedanzspektrum fithrt und insgesamt eine sehr hohe
Qualitat und Reproduzierbarkeit der elektrochemischen Impedanzdaten erlaubt [62-64].
Fir eine tiefere Betrachtung entscheidender geometrischer Aspekte und deren Effekte auf
die elektrochemische Impedanz wird auf verwiesen.

Die hohe Reaktivitat von Lithium und die Bildung von Flusssédure bei Kontakt des Elek-
trolyten mit Wasser erfordert, dass die gesamte Knopfzellenproduktion in einer Glovebox

unter Argonatmosphére (Oy < 1 ppm, H,O < 1 ppm) stattfindet.
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2.3 Nanostrukturierte Ubergangsmetallverbindungen

als Anodematerialien

Ubergangsmetallverbindungen werden aufgrund ihrer einfachen Handhabung und hohen
erreichbaren Kapazitidten intensiv als neue Anodenmaterialien fir Lithium-Ionen-Batterien
untersucht [65]. Die untersuchten Ubergangsmetallverbindungen mit Konversionsreaktionen
besitzen allerdings eine geringe Lithiummobilitat, schlechte elektronischer Leitfihigkeit,
hohe volumetrische Ausdehnung und Zerbroseln des aktiven Materials bei wiederholter

Lithiierung/Delithiierung.

Die typischen Losungsansitze zum Vermeiden dieser Probleme sind in Abbildung
grafisch dargestellt. Im Rahmen dieser Arbeit wurde zum einen auf die PartikelgrofSens-
kalierung bzw. Verkleinerung der Partikelgrofle und zum anderen auf die Bildung von
Kohlenstoffkompositen oft zusammen mit einer Beschichtungen/Einbettung der aktiven
Materialien in die jeweiligen Kohlenstoffstrukturen zuriickgegriffen. Der individuelle Ein-
fluss dieser Strategien ist folgender: Durch die Verkleinerung der Partikelgrofe, wird dem
langsamen Elektronen- und Lithium-Ionen-Transport entgegenwirkt, da sich die Diffusi-
onslangen verringern. Dieses Mitigieren der langsamen Transporteigenschaften ermdoglicht
eine insgesamt hohere Leistung und Kapazitdtsausnutzung des Materials [66]. Verkleinerte
Partikel zeigen zudem bei der Volumenausdehnung wéahrend der Aufnahme von Lithium
einen geringeren Aufbau interner Spannungen. Das wiederum verhindert effektiv die Bil-
dung von Rissen und das Zerbroseln des Materials und fithrt somit zu einer Erhohung der
Zyklenstabilitét [67]. Die Bildung von Kohlenstoffkompositen und/oder das Einbetten der
Aktivmaterialpartikel in eine gut leitende Kohlenstoffmatrix verbessert den elektrischen
Transport [6§]. Dartiber hinaus kann die verwendete Kohlenstoffstruktur die Volumenaus-
dehnung der Aktivmaterialkomponente wihrend des Ladens und Entladens abfedern und

begrenzen, was die strukturelle Stabilitidt des Materials weiter verbessert [69)].

2.3.1 Magnetit (Fe;0,)

Fe30,4 oder auch Magnetit besitzt eine hohe magnetische Sattigungsmagnetisierung, ver-
gleichbare hohe elektronische Leitfihigkeit, gute Verfiigbarkeit sowie eine hohe Biokompati-
bilitat [70]. Aufgrund dieser Eigenschaften gilt Fe3O4 nicht nur als einer der attraktivsten

Kandidaten der nachsten Generation an Anodenmaterialien, sondern ist auch ein viel
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untersuchtes Material in einer ganzen Reihe von Forschungs- und Anwendungsgebieten.
Fe3O4 findet beispielsweise Anwendung als Pigment, Katalysator und als magnetokalori-
sches Kiihlungsmaterial [71]. Speziell nanoskalierte Fe;O4-Partikel sind dariiber hinaus in

weiteren Anwendungsbereichen, wie beispielsweise in der Krebstherapie, von Bedeutung

2.

Magnetite (Fe;0,)

3+
Feiet

fcc oxygen lattice

Abbildung 2.6: Schematische Darstellung der Kristallstruktur von FezO4. In Rot dargestellt
Sauerstoff, hellblau die oktaedrisch besetzten Pléitze von Fe und dunkelblau die tetraedrischen.
Entnommen aus .

Magnetit besitzt eine kubische, inverse Spinell-Kristallstruktur basierend auf einem dicht
gepacktem O? -Anionengitter [73]. Die kleineren Fe-Kationen besetzen zu einem 50:50
Anteil an Fe?™ und Fe3* die oktaedrischen und zu 100% Fe3* die tetraedrisch koordinierte
Zwischenrdume (siehe Abbildung . Die magnetischen Momente von Fe?™- und Fe?*-
Kationen auf den oktaedrischen Plitzen sind ferromagnetisch gekoppelt. Die Fe?*-Ionen
auf den tetraedrischen Positionen sind jedoch zu den Fe?™ auf den oktaedrischen Plitzen
antiferromagnetisch gekoppelt . Fe30y4 ist daher ein ferrimagnetisches Material mit
hoher Séttigungsmagnetisierung (MS) und niedriger Koerzitivfeldstirke (HC) [73]. Fe3Oy4-
Nanopartikel mit einer Grofle von unter 20 Nanometern zeigen superparamagnetische
Eigenschaften [74].

Fe304 wurde als Anodenmaterial in Lithium-Ionen-Batterien erstmals 1982 von Thackeray
et al. untersucht . Fir FesO,4 als Anodenmaterial der nichsten Generation spricht
die hohe Verfiigbarkeit, die geringen Kosten, die Ungiftigkeit und die hohe theoretische
spezifische Kapazitit von 926 mAh g~! fiir den ersten Zyklus und eine reversible theoretische
Kapazitit aufgrund der Fe?t «» Fe® Reaktion von 694 mAh g~} 77).
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Die gesamte elektrochemischen Reaktionen ist gegeben durch [76]:

Fe;O,4 + 2Li1T + 2e~ — LisFes0y (2.12)
LisFe304 + 2¢™ + 2LiT <> 2(Liy0 - FeO) + Fe (2.13)
FeO + 2e~ + 2Lit «» Fe + Li,O (2.14)
Fe3O4 + 8LiT + 8¢~ — 3Fe + 4Li,O (2.15)

Fe30, besitzt allerdings die fiir Konversionsmaterialien typischen Nachteilen einer geringen
Li-Mobilitat, unzureichender elektronischer Leitfdhigkeit sowie einer hohen volumetrischen
Ausdehnung, die zu einer Zerbrockelung bei wiederholter Lithiierung/Delithiierung fithrt
[78]. Viele dieser Nachteile konnten bereits durch die erwahnten Methodiken gelost werden.
In der Literatur findet man als potenzielle Anodenmaterialien viele nanostrukturierte FezOy4-
Morphologien wie Oktaeder 79|, Nanowtirfel [80] und Partikel [81]. Dartiber hinaus gibt es
eine Vielzahl an Fe3O4-Morphologien, die zudem in irgendeiner Form mit Kohlenstoffstruk-
turen verbunden wurden [82]. Einige Beispiele hierfiir sind Nano Fe3O4@N-dotierte porose
Kohlenstoff-Nanokugeln [83], hierarchische 3D-Fe3O0,@porose Kohlenstoffmatrix [84] und
hohle Fe;O4 Nanokugeln in wabenférmigem makroporésem Kohlenstoff [85], sowie vielen
mehr [69]. All diese Materialien zeigen ganz unterschiedliche physikalische und elektroche-
mische Eigenschaften. Die jeweiligen Strukturen lésen dabei die oben genannten inhédrenten
Nachteile unterschiedlich gut. So erreichen zum Beispiel Fe;O,-Oktaeder eine anfangliche
Ladekapazitéit von 700 mAh g=! bei einem Strom von 50 mA g=t. Nach 40 Zyklen fallt die
Kapazitit bei diesem Material auf 400 mAh g=* ab [79]. Die hohlen Fe30, Nanokugeln in
wabenformigem makroporosem Kohlenstoff hingegen zeigen im fiinften Zyklus bei einem
Strom von 100 mA g~! eine Kapazitit von 1500 mAh g~!. Im Zyklus 150 und einem Strom
von 200 mA g ! erreicht das Kompositmaterial eine Kapazitit von 1050 mAh g~! [85] und
somit insgesamt Werte deutlich iiber der reversiblen theoretischen Kapazitat. Insgesamt
hat sich gezeigt, dass speziell nanoskalierte Fe;O4-Komposite in der Lage sind, Kapazitaten
weit tiberhalb der theoretischen Kapazitat zu erreichen. In der Literatur existieren zwei
Hypothesen beziiglich des Ursprungs dieses noch nicht geklarten Speichermechanismus. Die
erste Hypothese besagt, dass die Ladung aufgrund einer Oberflichenreaktion der gebildeten
Fe-Nanopartikel mit der SEI/Li;O gespeichert wird [78, [86]. Diese Hypothese beruht auf
Hellfeldmikroskopieuntersuchungen von Poizot et al. [78], die zeigten, dass die gebildeten
Metallnanopartikel sowie Lis O-Strukturen von einer festen Elektrolyt-Grenzfliche umgeben

sind. Zudem wurde deutlich, dass sich die Art und Zusammensetzung dieser Grenzflache
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wahrend dem Zyklieren verandert. Festkorper-Kernspinresonanzspektroskopie von Hu et al.
[86] deuten eine Konversionsreaktion von LiOH zu Li;O und LiH, sowie eine reversible
auf- und abbauende Oberflachenschicht an. Die dort angestellten ab-initio Berechnungen
ergeben, dass hauptsachlich die Konversionsreaktion von LiOH zur elektrochemischen
Speicherung beitrigt. Eine andere Erklarung geht von der Speicherung von Elektronen
an der Oberfliche der gebildeten Eisenmetallteilchen in sogenannten Raumladungszonen
als Ursprung der zusitzlichen Kapazitét aus [87]. Die Raumladungszone bildet sich dabei
zwischen der ionisch leitenden Li;O-Matrix und den elektrisch leitenden Eisenpartikeln. Die
Kapazitit dieser Raumladungszone wird bestimmt von der Ionisierungsenergie von Lithium
(der Energie, die benétigt wird, um ein Elektron aus einem Atom herauszulosen), der
Elektronenaffinitét des Eisens (der Energie, die erforderlich ist, um ein Elektron aus einem
einfach negativ geladenen Anion zu entfernen und ein neutrales Molekiil oder Atom zu
bilden) und einem Coulomb-Term, der die Ladungswechselwirkung misst [87]. Bestatigung
hat diese Theorie erst kiirzlich durch in situ Magnetisierungsmessungen von Li et al.
[88] erfahren. Die in situ Magentisierungsmessungen deuten daraufhin, dass das gebildete
Fe-Metall weiterhin an der elektrisch angetriebenen Lithiierungsreaktion teilnimmt. Aus-
gehend von dieser Beobachtung und weiteren elektrochemischen Messungen wurde die
zusatzliche Kapazitat der Speicherung von spinpolarisierten Elektronen an der Oberfléche
der Fe-Partikel zugeordnet [88].

2.3.2 Molybdandioxid (MoO-)

Der Halbleiter Molybdéndioxid (MoOsz) kristallisiert in der monoklinen primitiven Gitter-
struktur der Raumgruppe P2;..

Die verzerrte rutilartige Kristallstruktur (siche Abbildung kann als tunnelgertiistartig
beschrieben werden. Die MoOg-Oktaeder, welche iiber die Kanten miteinander verkniipft
sind schliefen zwischen sich entlang der kristallographischen a-Richtung eindimensiona-
le Kanéle ein [89]. Auborn et al. [90] prasentierten MoOy im Jahr 1987 erstmals als
potenzielles Anodenmaterial, das auf der Interkalation von Lit-Ionen basiert. In-situ-
Rontgendiffraktometrie-Studien zeigen, dass bei der Interkalation von 1 Lit-Ton/f.u. die
urspriingliche monokline Phase in eine orthorhombische Phase (Pnnm) tibergeht, bevor sie
in eine andere monokline Struktur iiberfithrt wird [91] (siche Gleichung [2.16]). Die Speiche-
rung oberhalb von 1 Lit-Ton/f.u., die bei nanostrukturiertem MoOy beobachtbar ist, konnte

durch Rontgenphotoelektronenspektroskopie-Untersuchungen einer Konversionsreaktion
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Abbildung 2.7: Schematische Darstellung der MoOz-Struktur. Die roten Kugeln symboli-
sieren Sauerstoff, die blauen Kugeln Molybdén. Entnommen aus .

(Gleichung [2.17)) zugeordnet werden [92].

Der gesamte elektrochemische Reaktionsmechanismus ist gegeben durch:

MoO, + xLitT + xe™ < LiMoO, fir (0 <z <0.98) (2.16)
Li,MoO; + (4 — x)Li* + (4 — x)e” +» Mo + 2Li,0O (2.17)

Die theoretische Kapazitit von nanostrukturiertem MoQO, betrdgt 838 mAh g~!. Die
halbleitenden Eigenschaften verleihen MoO5 dariiber hinaus speziell im Bereich der TMOs
eine vergleichsweise hohe elektrische Leitfdhigkeit . Zur Uberwindung der bekannten
Nachteile von Konversionsmaterialien, wurde auch im Fall von MoO, bereits verschiedene
Arten von Nanomaterialstrukturen (z. B. Partikel , Rohren , Kugeln [96]) sowie
verschiedene MoQOs-Kohlenstoff-Komposite mit unterschiedlicher Morphologie und Struktur
hergestellt. Das ex-folierte Graphen Oxide/MoOy-Komposit von Petnikota et al.
erreicht dabei eine Kapazitit von 850 mAh g=! nach 10 Zyklen bei 0,1 A g~!, wihrend
das MoOs/3D-Graphen-Komposit von Huang et al. eine Kapazitit von 975,4 mAh g~!
bei 0,05 A g~! erreicht.

2.3.3 Molybdéandisulfid (MoS,)

Das Ubergangsmetall-Dichalkogenid Molybdindisulfid (MoS;) hat in den letzten Jahren

grofle Aufmerksamkeit in Industrie und Wissenschaft auf sich gezogen. MoS, kristalli-
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siert in drei Formen: 2H, 1T und 3R. Die 2H- und 1T-Phasen weisen eine signifikante
Energiespeicher- und -umwandlungsleistung auf [99]. MoS,-2H ist eine halbleitende Phase
mit einer graphitahnlichen Schichtstruktur. Die Schichtstruktur besteht aus drei gestapelten
Atomen S-Mo-S mit einem Schichtabstand von 6,2 A und damit einem fast doppelt so
grofien wie der von Graphit (3,35 A) ||

=3¢
© | 2H Mos,
=X

Abbildung 2.8: Schematische Darstellung der MoS9-2H Schichtstruktur. Schwefel ist gelb
dargestellt, Molybdén violett. Entnommen aus [100].

Eine hohe Verfiigbarkeit sowie die hohe theoretische Kapazitit von 669 mAh g~! machen
MoS;, zu einem vielversprechenden Anodenmaterial fiir Lithium-Ionen-Batterien [101].
Die signifikante Volumenénderung beim Einlagern/Extrahieren von Li* sowie potenziell

schadliche Nebenreaktionen verhinderten bislang aber eine Kommerzialisierung .

Der elektrochemische Reaktionsprozess ist gegeben durch [102]:

MoS, + zLi" + xe™ «» Li,MoS, (2.18)
Li,MoSs + (4 — x)Li* + (4 — x)e” — Mo + 2LiyS (2.19)
Mo + 2LipS <> Mo + 2S + 4Li* + 4e” (2.20)

Wiéhrend der Interkalation (Gleichung [2.18)) erfolgt eine Umwandlung von MoSs von der
2H-Phase in die 1T-Phase, die metallische Eigenschaften aufweist. Wahrend der weiteren
Lithiumaufnahme tritt eine Konversionsreaktion auf, die zur Bildung von LiyS- und Mo-

Nanopartikeln fithrt. Die folgende Reaktion von LisS zu reinem Schwefel ist die dominante
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reversible Reaktion [103]. Inwiefern sich MoSs nach der Konversionsreaktion zurtickbilden
kann, ist noch nicht geklart [102].

Um die elektrochemischen Eigenschaften von MoSsy weiter zu verbessern wurde eine Vielzahl
an MoS,-Kohlenstoffkompositen entwickelt. Eine vielversprechende Arbeit von Li et al.
iiber MoS,/N-dotierte pordse Kohlenstoff-Nanostabchen zeigt stabile Kapazitiaten
von 800 mAh g! bei 0.5 A g=!. MoS,-Nanoblitter im Inneren hohler mesoporoser Kugeln
(HMCS) erreichen eine Kapazitdt von 993 mAh g=! [105].

2.4 Lithiumreiche Antiperowskite als Kathodenmate-

rialien

Abbildung 2.9: Schematische Darstellung der allgemeinen Struktur der Einheitszelle von
lithiumreichen Antiperowskiten: (Lip TM)ChO (TM = Ubergangsmetall und der Chalkogene
Ch = S or Se). Die grauen Sphéren in den Ecken repréisentieren die Chalkogene. In Gelb/Lila
ist Lithium/TM dargestellt und in der Mitte in Rot, Sauerstoff. Entnommen aus .

Das Forschungsfeld der Kathodenmaterialien fiir Lithium-Ionen-Batterien (LIB) wurde
2017 durch die Entdeckung der Materialklasse der lithiumreichen Antiperowskite mit
der allgemeinen Formel (Li;TM)ChO (TM = Fe, Mn, Co; Ch = S, Se) durch Lai et al.
erweitert. Im Gegensatz zur klassischen Perowskit-Struktur (ABX3, wobei A und B
Kationen sind und X ein anionisches Oxid (O?7)) wie zum Beispiel bei CaTiOj3 zeigen
Antiperowskite eine umgekehrte Anordnung von Anionen und Kationen. Im Antiperowskit

sind die Chalkogenid-Ionen die Ecken der kubischen Einheitszelle, wihrend sich die Lithium-
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und Ubergangsmetall-Ionen zufillig auf der Wiirfeloberfliche verteilen. Das Sauerstoff-
Ton ist in der Mitte des Wiirfels zu finden (sieche Abbildung [2.9). Die bisher
untersuchten lithiumreichen Antiperowskite sind an Luft nicht stabil. Fur (LiyFe)SO ist
folgende Zersetzung vorhergesagt :

2LisFeSO — FeS + LisS + LisFeO, (2.21)

Aus der Batterieanwendungsperspektive zeigt die Materialklasse der lithiumreichen An-
tiperowskite vielversprechende Eigenschaften wie niedrige Herstellungskosten, die Ver-
wendung ungiftiger Rohstoffe, hohe potentielle Lithiumdiffusionsraten sowie eine hohe
theoretische Kapazitiat aufgrund der enthaltenen zwei Lithium pro Formeleinheit . Dar-
auffolgende Untersuchungen mittels Dichtefunktionaltheorie (DFT) und ab-initio Moleku-
lardynamiksimulationen sagten zudem ein reversibles Regime fiir die Aus- und Einlagerung

von 1.25 Lithium in die Antiperowskitstruktur voraus [107].

— 1% cycle ol 02
1F ——2"cycle
—— 3" cycle

E vs. Li'lLi (V)

Abbildung 2.10: Zyklovoltammogramm von (LizFe)SO vs Li/Lit im Spannungsbereich
zwischen 1 und 3 V. Adaptiert aus [108].

In-Operando-Messungen am lithiumreichen Antiperowskit LisFeSO, speziell in situ Ront-
genabsorptionsspektroskopie (XAS), in situ XRD sowie ez situ XPS-Messungen und

MoBbauerspektroskopie, ermoglichten eine erste Charakterisierung des elektrochemischen
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Reaktionsmechanismus [108]. Im Rahmen dieser Ergebnisse konnte der kationische elek-
trochemische Oxidationsprozess Fe?™ zu Fe3™ zu den ersten zwei Peaks im CV (O1, 02)
zugeordnet werden (siehe Abbildung . Dariiber hinaus, deuten die ez situ XPS-
Ergebnnisse auf ein anionischen Beitrag (S™2 zu SY bei ungefihr 2.9 V, Peak O3) zur
elektrochemischen Kapazitat an. Die vollstdndige Beschreibung des anionischen Prozesses,
sowie Aussagen zu dessen Reversibilitdt sind mittels der erhobenen Daten allerdings nicht
moglich. Die erreichte spezifische Kapazitét fiir LioFeSO liegt in Zyklus 50 bei einem Strom
von 0.1C bei 150 mAh g=! [108]. Weitere Untersuchungen beziiglich des Einflusses des
Ubergangsmetalls an (LisFeg9Cog;)SO und (LisFe; ,Mn,)SO zeigen weder eine starke
Verschiebung der elektrochemischen Reaktionen aufgrund der verwendeten Dotierung noch
zusitzliche Reaktionen im CV. Eine Abhéangigkeit der Zyklenstabilitat und Kapazitat
mit der Dotierung konnte hingegen festgestellt werden. Bei einer geringen Dotierung ist
eine leicht verbesserte Performance beobachtbar. Bei hoheren Mn (50%) Dotierungen
wird die Performance hingegen wieder schlechter [109, 110]. So erreicht (LisFegoCog1)SO
bei einem Strom von 1C eine Kapazitit von ungefihr 230 mAh g=! [110], wohingegen
(LigFeg 5Mng 5)SO bei einem Strom von 0.1C in Zyklus 50 nur eine Kapazitit von 120 mAh
g~ ! erreicht [109]. Untersuchungen beziiglich des Einflusses des anionischen Selen-Gehalts
in (LiyFe)S;_,Se,O zeigen eine starke Abhéngigkeit des O3-Prozesses. Je hoher der Selen-
Gehalt, desto mehr wandert O3 zu niedrigeren Spannungen. Auch hier scheint ein niedriger
Gehalt an Selen (30%) fiir die umgesetzte Kapazitat (245mAh g=! bei 0.1C in Zyklus 5)
von Vorteil zu sein [111]. Die bisher untersuchten lithiumreichen Antiperowskite demon-
strieren somit vielversprechende spezifische Kapazitidten, mit allerdings nur moderaten

Zyklenstabilitaten.
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ARTICLE INFO ABSTRACT
Keywords: We report a nanocomposite material exhibiting ultra-small Fe;O, nanoparticles uniformly decorated on hollow
Fe;0, carbon spheres (Fe;O0,@HCS). The unique hierarchically-structured material displays excellent electrochemical

Carbon composite
Extra storage capacity
Lithium-ion battery

cycling performance that exceeds the theoretical bulk capacity of Fe;O, when used as an anode in lithium-
ion batteries. In particular, it features increasing reversible capacity upon cycling yielding 1050 mAh g~'at
0.1 A g7! in cycle 250. Comprehensive scanning and transmission electron microscopy images combined with

detailed electrochemical analysis demonstrate that the outstanding electrochemical performance can be traced
back to the formation and decomposition of a capacitative surface layer during dis/charging.

1. Introduction

Over the past three decades, due to their high energy density,
high Coulombic efficiency, and long cycle life, rechargeable lithium-ion
batteries (LIBs) have been widely used in portable electronic devices,
stationary energy storage devices, and electric vehicles. However, there
is still a gap between existing batteries as well as their active electrode
materials and, the enormous demand for batteries with ever higher
energy density, cycle stability and environmental compatibility. There-
fore, the development of alternative battery materials is imperative.
Transition metal oxides (TMOs), with their attractive theoretical (bulk)
capacities due to the multiple-electron transfer conversion reaction
taking place with Li* ions are considered a promising alternative anode
material for LIBs [1-8]. Among them, based on its low cost, environ-
mentally friendly nature, and high theoretical capacity of 926 mAhg™!,
Fe;0, is one of the most promising anode materials for the next-
generation of LIBs [1,9-11]. However, large volume changes of Fe;0,
anodes during cycling, leading to particle cracking, electrode pulver-
ization and premature electrode collapse, prevent full exploitation of
Fe;0, as a LIB anode material [12]. To address these issues, several
strategies have been developed to improve the structural integrity
of Fe;0,-based anode materials, like the fabrication of Fe;0,-carbon
composites and particle size reduction to the nanometer-scale [13].

* Corresponding authors.

Particularly, downsizing of Fe;O, particles into the few nanometer
regime has been found to result in further positive effects such as
the possibility to even exceed the proposed theoretical bulk capac-
ity [10,14,15]. For the observed extra capacity, two different scenarios
are discussed in the literature: (1) surface side reactions including the
SEI [1,16] and/or (2) storage of spin polarized electrons at the surface
of the formed iron metal particles [17] described by interfacial charge
storage theory [18-20]. In both scenarios, the amount of additional
stored charges strongly depends on the size and surface area of the
electrochemically formed iron particles. The smaller the formed iron
particles, the greater their combined surface area and surface to vol-
ume ratio, leading to more possible reaction sites. The size of the
electrochemically formed iron particles in turn strongly depends on
the size of the pristine Fe;O, particles in the material [10,14,17].
Beyond the amount of additional capacity of nanoscaled Fe;0,, most
of the materials do not reach maximum capacity directly, they instead
exhibit an increasing capacity during cycling. The phenomenon of
the increasing capacity during cycling is even less understood and
discussed in literature as the origin behind the extra capacity of Fe;0,.
One powerful way to investigate both, the origin and the rise of the
extra capacity is electrochemical impedance spectroscopy (EIS). EIS
allows to study complex electrochemical processes and kinetics with the
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ability to deconvolute them into elementary processes according to the
difference in the specific relaxation time constants [21-24]. This can
particularly be used to invisible interfaces and surface layer, like the
SEI and the double-layers [21-24]. Following the theories concerning
the extra capacity EIS promises to be an ideal tool to get a deeper
insight into the phenomenon of extra capacity and the rise of it. We
report the hybrid material Fe;O0,@HCS exhibiting exceptionally small
Fe;0, particles uniformly distributed on hollow carbon spheres. The
presented Fe;O,@HCS impress not only with a compelling electro-
chemical performance of 1050 mAh g=' at 0.1 A g1 in cycle 250,
it also displays an distinctive extra capacity with a constant increase
during cycling. Our detailed electrochemical studies on Fe;0,@HCS
combined with deep in situ electrochemical impedance spectroscopy
measurements which are completed wit ex situ SEM und TEM images
enabled to clarify the picture behind the extra capacity of Fe;0, and
its rise. Our results demonstrate, that the reversibly, growing extra
capacity, reaching values well beyond the theoretical capacity can be
traced back to an gradual formation and decomposition of a capacitive
surface layer.

2. Experimental section
Synthesis of SiO,—NH, template

To begin, a template for the growth of the final structure was
prepared. For that, 6 ml of tetraethoxysilane (TEOS) was added drop
wise, to a ethanol (200 ml), NH;-H,O (10 ml) mixture and stirred at
room temperature for 24 h. In order to attach NH, groups to the sil-
ica, additional functionalization with (3-Aminopropyl)triethoxysilane
(APTES) was performed. This was done by adding 0.6 ml of APTES to
the prepared mixture and stirred for the next 4 h. Finally, the obtained
sample was centrifuged and the sediment was dried at 60 °C overnight.

Synthesis of carbon spheres from glucose (HCS)

In order to cover the SiO,-NH, with a glucose layer, 0.6 g of the
SiO,-NH, prepared in the previous step and 0.6 g of glucose were added
to 100 ml of water and sonicated for 30 min. Coating was then done
in an Teflon-lined autoclave at 180 °C for 12 h. After, the glucose-
coated silica was placed in a tube furnace, carbonization was carried
out at 800 °C for 2 h under nitrogen atmosphere. Finally, the silica was
removed with HF to obtain hollow carbon spheres based on glucose.

Synthesis of carbon spheres functionalized with iron oxide nanoparticles
(Fe;0,@HCS)

Functionalization of hollow carbon spheres with iron oxide nanopar-
ticles was performed by mixing 100 mg of HCS and 50 mg of iron(III)
acetylacetonate in 30 ml triethylenglycol followed by sonication for
30 min. The mixture was then heated under reflux and nitrogen
atmosphere to 278 °C at a heating rate of 3 °C/min. After cooling
the mixture to room temperature, the product was precipitated with
ethanol, washed and dried at 60 °C overnight.

Characterization

X-ray diffraction (XRD) patterns were acquired on a Bruker AXS D8
Advance Eco using Cu Ka radiation with a step size of 20 = 0.02°. The
carbon content was determined by CHN analysis on a Elementar Vario
MICRO Cube. The morphology of the powder was studied using a JEOL
JSM-7610F scanning electron microscope (SEM) and a transmission
electron microscope with EDS attachment (TEM, Tecnai F30). Raman
spectra were measured using a Via Raman Microscope (Renishaw) with
an excitation wavelength of 785 nm. X-ray photoelectron (XP) spec-
tra were measured with a MAX200 (Leybold-Heraeus) spectrometer
equipped with a non-monochromatized Mg Ka X-ray source (200 W)
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and a hemispherical analyzer. The powder materials were pressed into
clean indium foil and thinned by a brush to suppress charging effects,
following established methodology [25]. Magnetic measurements were
performed on Fe;O0,@HCS powder samples using an MPMS3 magne-
tometer (Quantum Design). Magnetization was measured by varying
the temperature between 2 and 300 K using zero-field-cooled (ZFC) and
field-cooled (FC) protocols at 0.05 T. Isothermal magnetization was
studied at 2 and 200 K in magnetic fields up to +7 T.

Electrochemical measurements

Electrochemical measurements were performed on a VMP3 po-
tentiostat (BioLogic) at 25°C. Working electrodes were prepared by
mixing the active material 80%wt, carbon black (TIMCAL SUPER
C65) 10%wt, and polyvinylidene fluoride (PVDF) 10%wt in N-methyl-
2-pyrrolidinone (NMP). The mixture was then stirred for 24 h be-
fore spreading the resulting slurry on (@=10mm, thickness=0.25 mm,
weight=53.8 mg) copper mesh current collectors (see [26]). The as-
prepared electrodes were dried in a vacuum oven (80 °C, 10 mbar)
overnight, then pressed and dried again. The active material mass
loading of the prepared electrodes ranged between 0.9 and 1.7 mg
ecm~2. Glass fiber (Whatman GF/D, 675 pm thickness) was used as
the separator and pure lithium metal foil (Aldrich) as the counter
electrode. As electrolyte 120 pl of 1 M LiPF, in a mixture of ethylene
carbonate and dimethyl carbonate (1:1 by weight) was used. CR 2032
coin cells were used for cyclic voltammetry and galvanostatic cycle
measurements with potential limitation (GCPL). For potentiostatic elec-
trochemical impedance measurements (PEIS), a 3-electrode PAT-Cell
from EL-CELL was used, with a ring-shaped lithium metal reference
electrode close to the working electrode. Cell assembly was performed
in an Ar-filled glovebox with controlled humidity and oxygen concen-
tration. Cyclic voltammetry was performed at a scan rate of 0.1 mVs~!,
GCPL at specific currents, each in the voltage range of 0.01-3.0 V vs.
Li/Li*. For the normalization of the specific capacity, the mass of all
electrochemically active materials is taken into account, i.e. carbon
black plus Fe;O0,@HCS. For the PEIS measurements, the small dis-
turbance of 10 mV in the frequency range from 200 kHz to 1 mHz
was selected. To ensure time invariance of the measurement as well
as a steady state, a 16 h OVC (open circuit voltage) was performed
before each PEIS measurement, and a second control PEIS measurement
was performed directly afterwards. For monitoring the micro-structural
changes of Fe;0,@HCS during cycling, ex-situ SEM, TEM images were
acquired using a JEOL JSM-7610F scanning electron microscope and a
Tecnai F30 TEM, respectively. The cycled electrodes were disassembled
in an argon glove box, washed with ethylene carbonate, and then dried
overnight.

3. Results and discussion
3.1. Structure, morphology, and composition of Fe;0,@HCS

Fig. 1 shows X-ray diffractograms of the synthesized materials,
i.e., Fe;0,@HCS and pure HCS. For HCS, a broad diffraction peak
is observed around 20 ~ 23.5°, which is characteristic of graphite
and can be attributed to the (002) planes of graphitic carbon. This
broad shoulder is also seen in the XRD pattern of Fe;0,@HCS, where
additional Bragg reflections are observed, signaling a cubic spinel iron
oxide structure, namely Fe;O, (magnetite) or y — Fe,0; (maghemite).
Since the XRD patterns of magnetite and maghemite are very similar,
the XRD data alone do not distinguish these structures [29,30]. We
also note that the respective Bragg peaks are rather broad and of low-
intensity which may be attributed to small crystal size and/or low
crystallinity of Fe, O -particles present in the composite [31]. The aver-
age primary crystallite size of the as-synthesized samples was estimated
using Scherrer’s equation [32],

Do KA
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Fig. 1. XRD patterns of HCS and Fe;0,@HCS as well as indexed reference patterns
for y — Fe,0; COD No. 9006316 [27] and Fe;O, COD No. 9006247 [28].
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Fig. 2. Fe2p XP spectra of Fe;0,@HCS and HCS. The red solid lines show a binning of
the data points. The peak marked by the asterisks originates from the used In substrate
(In 3py ).

where D is the average crystal grain size based on the respective
reflective crystal face direction (hkl), K a shape factor that can be ap-
proximated to 0.9, 4 is the wavelength of the applied Cu K, radiation,
A(204,,) the full width at the half maximum of the diffraction peak, and
0y the Bragg angle. The analysis of the (311) and (440) reflections
yields the crystallite size dygp =~ 11(3) nm.

Elemental analysis of the sample Fe;0,@HCS shows a weight per-
centage of carbon of about 53.7(5) w%, as well as residuals of nitrogen
of 2.7(5) w% and 1.5(5)w% of hydrogen. We hence conclude that the
remaining mass fraction of 42.1w% amounts to the iron oxide content
in the composite.

For the unambiguous determination of the iron oxide phase present,
XPS measurements were performed which can differentiate the pres-
ence of Fe?* and Fe3* ions. Fig. 2 shows the XP spectra of Fe2p of
Fe;0,@HCS and HCS. The spectra on Fe;0,@HCS display broad peaks
at 710.6 (2p3/2) and 724.2 eV (2p1/2) which are typical of Fe;0, [30].
In addition, Fe,O; can be excluded since the characteristic satellite
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peak at 719.2 eV is not perceptible [33]. These findings clearly rule
out the presence of Fe,O; and imply that the formed oxide in the
hybrid nanomaterial is Fe;O,. Note, that an additional peak at around
704 eV which is visible in both pure HCS and Fe;O,@HCS spectra
is the characteristic In 3p,/, line of the indium substrate used. Com-
plementary XPS data can be found in the Supporting Information. In
particular, the survey spectrum in Sla displays the presence of O, C, In
and Fe without any detectable impurity. The comparison of Cls spectra
of pure HCS and Fe;0,@HCS (S1b) as well as the respective Raman
spectra (S2) show moreover no change of the carbon structure during
the functionalization of HCS with the iron oxide nanoparticles, which
demonstrates the HCS as a well-preserved, well-conducting carbon
buffer matrix for the ultra-small magnetite nanoparticles.

The typical spherical shape of both as-synthesized HCS and
Fe;0,@HCS is confirmed by SEM and TEM studies which visualize
the morphology and micro-structure of the materials (see Fig. 3). In
Fe;0,@HCS, in addition to bare HCS (Fig. 3a,b) which are about
150 nm in diameter, the images Fig. 3c to f show the presence of
evenly dispersed nano-sized iron oxide particles. High-resolution TEM
images (shown in Fig. 3f,h) additionally highlight that the iron oxide
particles, are not loosely deposited on the HCS, they are embedded in
the HCS framework. The observed crystalline region in Fig. 3h marked
in red, displays a d-spacing of 0.25 nm an can hence be attributed to
the (311)-plane of Fe;0,.

Additionally the TEM-EDX measurements (see Fig. S3 in the Sup-
plement) furthermore prove the uniform distribution of Fe, O, and C.
We note the exceptionally small size of the nanoparticles which display
a maximum diameter well below 20 nm. This agrees to the results of
the XRD analysis which implies crystallites with an average diameter
of dygrp ~ 11 nm. One can hence conclude that most of the iron oxide
particles are single crystalline.

3.2. Magnetic properties

The presence of ferromagnetism in Fe;0, renders magnetic studies
a meaningful tool to further investigate iron oxide nanoparticles in a
hybrid nanomaterial [34]. While the weak diamagnetic contribution of
carbon can be neglected, the magnetization curve in Fig. 4b confirms
the overall ferromagnetic response of Fe;O,@HCS. Quantitatively, the
observed saturation magnetization amounts to about 18 erg/g.o,
which is much lower than that of bulk Fe;0, (M, = 92 erg/gg,0,) [35].
Reduced saturation magnetization of iron oxide nanoparticles is a
known phenomenon and is attributed to surface effects, which, in
nanoparticles, can dominate the properties due to the large surface to
bulk ratio [30,36].

The difference in field-cooled (fc) and zero-field-cooled (zfc) mag-
netization data which is observed upon cooling below about 100 K
confirms the presence of superparamagnetism in Fe;0, @HCS (Fig. 4b).
This is also visible in the M vs. B curves in Fig. 4a which display
a significant increase of the hysteresis, i.e., of the critical field, upon
cooling to 2 K. The data allow to read-off the characteristic blocking
temperature Ty which is particularly evident when the derivative of the
difference of M;, and M, is considered (see the inset in Fig. 4b) [37,
38]. The peak in o(M;.—M,;.)/0T at Ty ~ 5 K implies the characteristic
blocking temperature. Note, that the observation of a small hysteresis
above Ty suggests that few particles remain blocked up to about 100 K,
which is also the maximum of the zfc curve and therefore implies
another characteristic blocking temperature. As the blocking temper-
ature depends on the particle size, this suggests a certain distribution
of particle sizes with however a clear signature attributed to the mean.
From T, the mean particle volume can be estimated as [39]

Tg25k
y = BB
K

u

(2)

with kg the Boltzman constant and K, the magnetic anisotropy con-
stant. Using the anisotropy constant of bulk Fe;0, of 1.35x10* Jm™> [40]
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Fig. 4. (a) Magnetization of Fe;O,@HCS vs. magnetic field, at 2 K and 200 K and (b)
vs. temperature at B = 0.05 T. The inset shows the derivative of the difference between
field-cooled (fc) and zero-field-cooled (zfc) magnetization.

and the two characteristic temperatures, the average particle diameter
can be roughly estimated to ~10 nm which agrees to the analysis of
the TEM data and dygp. The sharp low-temperature peak at 5 K in
particular indicates particles of 6 nm in diameter in the material.

3.3. Electrochemical studies

The hierarchical structure of Fe;0,@HCS featuring nano-sized par-
ticles of the oxide conversion material embedded in a hollow carbon
matrix was studied by cyclic voltammetry and galvanostatic cycling
(GCPL) in the voltage range of 0.01 — 3V vs. Li/Li*. In order to assess
the effects of the carbon matrix, measurements were performed on
pristine HCS under the same conditions. The complete electrochemical
reaction path of bulk Fe;O, can be expressed as follows [10,17,41]:

Fe;0,4 + 2Li* + 2e”— Li,Fe;0, 3)
Li,Fe;0,4 + 2¢™ + 2Li* © 2(Li,O - FeO) + Fe @)
FeO + 2¢” + 2Li* © Fe + Li,O 5)
Fe;0, + 8Li" + 8¢ 3Fe + 4Li,0 (6)
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Fig. 5. Cyclic voltammogramms of cycle 1, 2, 5, and 10 of (a) Fe;0,@HCS and (b)
HCS measured at a scan rate of 0.1 mV s~'. The labels R/O mark distinct reduction
and oxidation features.

Various processes can be identified in the cyclic voltammogramms
(CVs) presented in Fig. 5. For pristine HCS (see Fig. 5b) the data
indicate the formation of a passivating SEI (solid electrolyte interface)
on the carbon surfaces as evidenced by the first-cycle reduction peak
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(Rggp) at 0.6 V [42]. Correspondingly, the SEI peak disappears upon
further cycling. In addition, the data show a reduction/oxidation pair
at 0.01/0.2 V (Rc/Oc) attributed to the reversible de-/lithiation into
the carbon structures. Both the evolution of the features upon cycling,
as well as tiny peaks around 0.8 V (reduction) and 1.2 V (oxidation),
originating from lithium insertion/extraction into/from defects in the
carbon structure, are typical for pristine HCS [43-47]. For Fe;O,@HCS,
there are several additional features indicating the electrochemical
activity of iron oxide (Fig. 5a). The first cycle is fundamentally different
from the following ones and displays the irreversible transformation
of Fe;0, during the first lithiation in agreement with previous re-
ports [9,10,41,48,49]. The first peak at 1.4 V is assigned to the initial
incorporation of Li* cations into the Fe;O, structure (Eq. (3)), the
second peak at 1.0 V corresponds to the phase change from spinel Fe;0,
to rock salt FeO during additional Li* incorporation (Eq. (4)), and the
third peak at 0.6 V is assigned to both the conversion reaction FeO to
elemental Fe (Eq. (5)) and the formation of the SEL. Upon subsequent
delithiation, Fe;O, does not reappear but the FeO structure is formed in
the O1 region [1,9,10]. In the subsequent cycles the reversible Fe?t «
Fe’ reaction is the remaining reaction happening in the R*/0O1 region,
leading to a theoretical reversible bulk capacity of Fe;O, after the first
cycle of 694 mAhg_l [10].

The galvanostatic cycling performance of Fe;0,@HCS with respect
to pristine HCS-based electrodes is shown in Fig. 6a where dis-/charge
capacities are presented. Fe;O,@HCS shows an initial discharge ca-
pacity of 1620 mAh g~!. In contrast, the first charge yields only 600
mAh g~!. The reason for the significantly higher discharge capacity
can be traced back to firstly, the irreversible formation of the SEI and
secondly, the irreversible conversion of Fe;0,, both taking place in the
voltage region below 1 V (see the potential profile of the first cycle
in Fig. 6b), which results in an irreversible capacity component of the
first discharge cycle. In the next 20 cycles, a further slight decrease
in the converted specific capacity towards 520 mAh g~! is observed.
Thereafter, the converted capacity increases steadily up to 1050 mAh
g~ in cycle 240 and then levels off slightly. Note, that the measured
specific capacity of Fe;0,@HCS-based electrodes after 250 cycles sig-
nificantly exceeds the postulated theoretical reversible capacity even
for pure iron oxide of 694 mAh g~'. As it will be discussed below,
the exceedingly small size of the initial Fe;O, nanoparticles presented
here may be advantageous for the effect of additional capacity [10].
It is noteworthy that over the entire number of cycles, discharging
converts more capacity than charging. The same trend is reflected in
the Coulombic efficiency (see Fig. S4a), which displays an increase
over the entire 250 cycles. The sharp increase in the first cycles is due
to the step wise decrease of the irreversible components of the first
discharge cycles. In the almost constant capacity range up to cycle 50,
the coulombic efficiency increases to 96%, which is also clearly visible
in the reduced gap between discharge capacity and charge capacity.
In the next 200 cycles, the increase becomes smaller and smaller
until finally a coulombic efficiency of 98.5% is reached in cycle 250.
Meanwhile, pure HCS shows initial irreversibility and rather constant
capacity upon cycling similar to previous reports [50,51]. An estimate
of the contribution of only the Fe;O, component in Fe;0,@HCS to the
converted specific capacity can be made by subtracting the capacity of
HCS according to its mass fraction. The resulting capacity of the ultra-
small Fe;0,-nanoparticles in the hybrid materials is shown in Fig. 6a.
After a few cycles, it displays a reversible capacity of about 820 mAh
g1 Fe;0,- As already qualitatively seen by the rather constant cycling
performance of pure HCS, the increase in capacity of Fe;0,@HCS
is due to the Fe;0,4-subsystem which reaches more than 2000 mAh
g‘lpeso , after 250 cycles. This value by far exceeds the theoretical
reversible capacity associated with the electrochemical reactions shown
above, clearly insinuating an enormous additional mechanism of charge
storage.

Further insight into this phenomenon is gained by considering the
corresponding potential curves in cycles 50, 100 and 200 shown in
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Fig. 6. (a) Specific charge/discharge capacities of Fe;0,@HCS and HCS electrodes at
100 mA g~! between 0.01 and 3 V. (b) Selected corresponding potential profiles of
Fe;0,@HCS electrodes. (c) Rate capacities with different cycling rates of Fe,;0,@HCS
and HCS electrode. (d) Rate capacities obtained at different cycling rates of Fe,0,@HCS
after 120 cycles at 0.05 Ag~'. Full/open markers indicate de/lithiation.

Fig. 6b. The potential curves of the discharge cycles imply due to the
large overlap of the curves at high voltages that the increase in the
achieved specific capacity upon cycling is mostly achieved in the low
voltage range below 1 V. Since a low average discharge potential is
considered as the main criterion for the positive prospect of industrial
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application, the result that the pronounced additional storage process
occurs at low voltages is of utmost importance [52]. The low average
discharge potential of our Fe;O,@HCS of about 0.5 V makes it again
stand out compared to other Fe;O, composites whose average discharge
potential is around 1 V [9,53-56] and demonstrates its outstanding
properties also from this point of view. From the charge curves it
becomes apparent that strong differences upon charging in different
cycles appear only in the range of more than one volt. These findings
indicate a large voltage hysteresis of the underlying process, which is
a common phenomenon in conversion based materials [57].

In Fig. 6¢ the superior performance of Fe;0,@HCS is shown by the
rate capability test. It yields a reversible capacity of 400, 310, 250
and 200 mAh g~!, respectively, for Fe;0,@HCS and 230, 170, 130,
100 mAh g~! for HGS at currents of 0.1, 0.25, 0.5, 1 A g~1. When the
current density is set again to 0.1 A g1, the reversible capacity reaches
400 mAh g~! demonstrating excellent reversibility of the Fe;0,@HCS-
based electrode. Notably, as cycling continues, the capacity begins to
immediately increases. Just shortly before the 300th cycle, the capacity
hardly increases further and remains constant at a value of around
1000 mAh g~! for the next 40 cycles.

To investigate the rate capability of Fe;0,@HCS in the regime
where the capacity has increased upon cycling, a rate capability study
was performed after 120 cycles at 0.05 Ag™' when the reversible
capacity reached 900 mAh g~! (see Fig. 6d). The achieved capacity in
the entire current range is about twice as high as compared to the rate
measurements done in the beginning of cycling, so that at 0.1, 0.25,
0.5, 1 and 2 A g~! a capacity of 750, 550, 400, 300 and 220 mAh
g~! is achieved, respectively. While the attained capacity increased
significantly due to the decrease at higher current rates, the kinetic
behavior remains similar to that observed in the initial cycles. Fig. S4a
in the Supplement further shows that, at a consistently high current rate
of 1 A g1, there is no large increase in capacity over 500 cycles. This
indicates that the process which yields increasing capacity has slow
kinetics or is unable to take place at high current rate. In contrast, in
a constant current constant voltage (CCCV) measurement, the capacity
gain per cycle significantly increases to around 20 mAh g~! as shown in
Fig. S4b. Note, that in this measurement the difference between charge
and discharge is larger, too. In order to study whether and to which
extent the capacity increases in the low voltage range alone, the voltage
was limited from 0.01 to 1 V after the lithiation in cycle 13. The data in
Fig. S4b after 13 cycles show that the capacity only increases minimally
in the limited potential range from 0.01 to 1 V. The increase in capacity
during cycling is therefore taking place over the entire voltage range.

Electrochemical impedance measurements on Fe;0, @HCS provide
further insights into the electrochemical processes and their kinetics.
The measurements have been performed at specific states of charge at
frequencies between 200 kHz and 0.1 Hz (see Fig. S5). In Fig. 7 the
corresponding Nyquist diagrams are displayed as well as fits to the
data performed using the function Z Fit of the software EC-Lab (Bio-
Logic) and the equivalent circuit shown in Fig. S6. The obtained fitting
parameters are shown in Table S1.

After OCV, the Nyquist plot features a depressed semicircle in the
high to medium frequency range reflecting the charge transfer (CT)
resistance between electrolyte and electrode material. This is followed
by a steep increase in the low-frequency range which slope represents
the Li* diffusion impedance. The EIS after the first discharge displays
an elevated high-frequency semicircle and in addition, a further, clearly
visible semicircle starts to appear in the medium frequency range. Upon
first charging, the 2nd semicircle disappears. The same trend, with an
even more pronounced effect, is also detected after 10 cycles. Here
again, it is evident that when fully charged, only a small semicircle is
visible, whereas after complete discharge, two, now very pronounced
semicircles are present. A quantitative analysis by fitting the data with
the appropriate equivalent circuit (see Fig. S6) yields the enables to
assess the effect of cycling on the electrolyte and CT resistances (Rg
and R,), and double layer capacitance (Q) ( Table S1). The results
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Fig. 7. Nyquist plot for Fe;0,@HCS measured at different state of charge. Solid lines
show fits according to the equivalent circuit used (see the text). The arrows/asterisks
mark the measured impedance at the frequency 10 Hz.

confirm and specify the qualitative conclusions. In particular, the data
yield Rg ~ 3 Q while the CT resistance amounts to around ~50 Q
and O, ~5 pF. R, as well as Q are of the same magnitude as
reported in Ref. [48]. A main observation in the EIS profiles is the
appearance of the additional depressed semicircle in the discharged
state which in the equivalent circuit is modeled by R, and Q,. Such
a feature is normally attributed to an additional capacitance surface
layer. Our data imply that this surface layer is successively formed
and disappearing as well as growing upon cycling. This scenario is
corroborated by the fact that it is associated with a much slower process
as can be nicely seen when considering the impedance response at a
certain frequency, i.e., here 10 Hz, which is illustrated by the asterisks
in Fig. 7. Specifically, the impedance response at 10 Hz always is in
the minimum following the first semicircle. This observation allows
two conclusions: (1) The newly appearing 2nd semicircle clearly is
associated with a distinct and slower process with an innate time
constant. (2) For all states under study, the high-frequency semicircle
is characterized by a similar kinetics and can be assigned to the same
layer. In addition, the observation that the 2nd semicircle becomes
much more pronounced upon cycling indicates a possible explanation
for the increase of converted specific capacity because the associated
capacitance Q, increases from 0.4 mF in the first cycle to 12 mF in
cycle ten. The slower time constant of the evolving 2nd semicircle may
also be the reason behind the observed slow-down of the observed
rate-dependence of extra capacity at higher current rates in the GCPL
and GCPL rate measurements. As will be further discussed below and
following the literature, the second semicircle can be either associated
with reactions including the SEI [1,16] or with deposited spin-polarized
electrons at the iron nanoparticles surfaces [17], or both. Our results
render the usual SEI as the sole explanation for the respective process
very unlikely. Firstly, the fact that the 2nd semicircle largely recedes
upon charging would indicate nearly complete regression of the SEI
which is not very plausible. SEl-related processes are usually in the
high-frequency regime while the 2nd semicircle at hand appears at
intermediate time scales. Exemplarily, graphite shows two semicircles
in the fully charged state which do not regress and from which the
distinct high frequency semicircle corresponds to the SEI [58]. In
Fe;0,@HCS, the PEIS response of the SEI may be merged in the first
semicircle but a distinct process cannot be extracted from the data
which we attribute to similar kinetics of both processes. Though usual
SEI formation can be ruled out, surface side reactions of the SEI and
the formed iron metal nanoparticles which may result in the reversible
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Fig. 8. (a) Ex-situ SEM and (b) ex-situ TEM images of a discharged Fe;O,@HCS-electrode.

Table 1

Electrochemical performance of various Fe;0,/carbon nanocomposites in LIBs.

Active material Current Cycle Capacity Ref.

Ag™hH number (mAh g1)

Fe;0, nanoflakes-RGO 0.1 150 900 [60]
Yolk-double shell Fe;0,@C@C 0.5 250 800 [61]
Fe;0, @-tubular mesoporous carbon 0.2 60 850 [56]
Fe;0,@-N-doped porous carbon nanospheres 0.1 100 1240 [15]
Hierarchical 3D Fe;O,@porous carbon matrix 0.2C 100 1077 [54]
Fe;0, hollow nanospheres in honeycomb 0.2 150 1050 [62]
macroporous carbon

Fe;0,@graphene quantum dots 0.1 200 900 [63]
Cake-like porous Fe;0,/C 0.1 100 600 [64]
Ultra-small Fe;0,@hollow carbon spheres 0.1 250 1050 This work

growth of a polymeric gel-like film are a possible explanation of the
observed second semicircle [59].

A scenario involving interfacial storage theory suggests charge stor-
age at the surface/contact area between the ionically conducting Li,O-
matrix (Lit storage) and the electrically conducting iron centers (e~
storage). In this scenario, an additional semicircle appearing in the
mid frequency range of the EIS spectrum is proposed to signal such a
capacitative storage mechanism [65,66]. Qualitatively, our observation
of the mid-frequency extra semicircle only after charging seem to
support this assignment. However, a rough estimate of the associated
capacity based on geometrical considerations [67] questions this hy-
pothesis, too (for details see the Supplemental Information, section Sd).
Our measurements show that the reversibly accessible specific capacity
associated with Fe;O4-nanoparticles in our material is about 1300 mAh
g~! larger than the postulated bulk capacity of Fe;0,. Since our data
show that the formed iron nanoparticles are at least d ~ 6 nm in
diameter, in a surface charge model the measured extra capacity would
be associated with a surface capacitance of more than 10 mF cm~2. This
value is orders of magnitude larger than the maximum double layer
capacitance of pure iron which is about 100 pF cm=2 [65,68]. We
hence exclude a significant impact of the interfacial storage mechanism
and, therefore, as an explanation for the observed strongly enhanced
capacity [65,69]. We hence must conclude that surface side reactions
of the formed iron metal nanoparticles and the SEI are most likely the
dominant effect behind the high extra capacity as well as the observed
additional medium frequency semicircle.

The effect of cycling on the materials microstructure is illustrated
by Fig. 8 and Fig. S7 which displays ex-situ SEM and TEM images
of Fe;0,@HCS-based electrodes after complete discharge. The SEM
images (see Figs. 8a and Fig. S7a-d) show that the HCS substructure
is practically unchanged even after 70 cycles, which confirms that the
HCS matrix forms a very stable framework. The iron oxide nanopar-
ticles on the contrary are no longer recognizable in the SEM image

(Fig. 8a). We conclude that the formed iron nanoparticles are too small
to be resolved by SEM. Instead, a new layer is observed which may
be SEI and/or Li,O [54] that spans over the HCS and even connects
them (see Fig. S7c,d). This is also visible in corresponding TEM images
in Fig. 8b and Fig. S7e,f which illustrate the material at complete
discharge and a converted capacity of 800 mAh g~!. Here, the formed
iron particles are visible (black dots) and their size can be estimated
to well below 10 nm. It is again noticeable that the iron particles are
covered by some kind of layer, i.e., SEI or Li,0, as was already seen
by SEM. The layer even connects distant HCS with each other (see Fig.
S7e).

To relate the electrochemical performance of Fe;O, @HCS presented
here with other state-of-the-art Fe;O, carbon composites from the
literature, Table 1 shows the electrochemical properties of different
Fe;0, carbon composites. The table shows compatible or superior elec-
trochemical performance of the Fe;O0,@HCS composite as compared to
other state-of-the-art Fe;O, carbon composites.

4. Conclusions

In summary, a Fe;0,@HCS carbon composite is achieved by
straightforward low-temperature synthesis, which avoids Oswald ripen-
ing of the ultra-small Fe;O,-particles (~10 nm) and furthermore yields
a uniform dispersion of the nanoparticles on the stable HCS structure.
The resulting hierarchical structure not only effectively prevents the
disadvantages of Fe;0, such as pulverization due to the large volume
expansion upon electrochemical cycling, but moreover provides access
to extra capacity resulting from the nano-nature of Fe;0,. As a result,
the designed Fe;0,@HCS exhibits a high specific capacity of 1050 mAh
g~! at 0.1 C and a stable cycling performance well above 300 cycles.
Furthermore demonstrates our detailed electrochemical analysis com-
bined with ex situ imaging that the process of the extra capacity and
its increase originates from a gradual formation and disappearance of
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a capacitive surface layer, hinting to reversible reactions between the
formed iron metal particles and the SEI. Notably, the design strategy
and the synthesis route have great potential to be extended to construct
other remarkable transition metal based carbon composites.
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Figure S1: (a) Survey XP spectra of Fe3O4@QHCS and HCS displaying the presence of O, C, and Fe as well as In from the used substrate. No
detectable impurities are perceptible. (b) Cls XP spectra of Fe3O4@QHCS and HCS, showing that the carbon structure remains unchanged
upon functionalisation with Fe3O4 nanoparticles. (c) Ols XP spectra of FesO4@QHCS and HCS featuring peaks at around 532 eV attributed
to absorbed oxygen-containing functional groups of C-O, C=0, and O-H on HCS. Fe304@QHCS furthermore displays a contribution of anionic

oxygen in Fe3Oy at around 529.2 eV [1, 2].

Binding Energy (eV)

49



——HCS
Fe,0,@HCS

Intensity [a.u.]

1 I | 1
1500 2000 2500 3000

Raman Shift [cm-1]

Figure S2: Raman spectra of HCS and Fe304@HCS. The Raman spectra indicate two strong peaks at around 1320 and 1600 cm~?!
corresponding to the carbon D- and G-bands, respectively. The D-band is ascribed to the vibration of carbon atoms with dangling bonds in
the plane and therefore contains information about defects in the graphitic structure. The G-band corresponds to the E2g mode of hexagonal
graphite and is related to the vibration of the spa-hybridized carbon atoms or in other words the graphitic content [3]. The spectra of both
samples are similar suggesting that functionalization with iron oxide does not induce additional defects to the structure of hollow carbon
spheres. Specifically is the Ip /I ratio for pure HCS 1.34 and for FesO4@QHCS 1.36. Both values indicate a high degree of graphitic content
which is desirable for application in Li-ion electrodes as it supports high electrical conductivity.
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Figure S3: STEM images of HCS (a) and EDS signal from carbon (b), iron (c) and oxygen (d). Elemental composition of the sample was
confirmed by EDS mapping of few spheres indicating the presence of only carbon, iron and oxygen elements.
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Figure S4: (a) Specific charge/discharge capacities as well as coulombic efficiency of Fe3O4@QHCS electrodes at 0.1 A g=! (b) Specific
charge/discharge capacities of Fe304@HCS electrodes at 1 A g~!. (c) Specific charge/discharge capacities of Fe304@QHCS electrodes at 0.1 A
g~ ! and 5 hour constant voltage (CCCV). The first 12 cycles were done in the voltage range between 0.01 and 3 V, thereafter, cycling was

reduced to the voltage range 0.01 to 1 V.
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Figure S5: Specific Voltage vs. time illustrating the specific state of charge where PEIS measurements presented in Fig. 7 have been performed.
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where the PEIS measurements have been done.
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Figure S6: Equivalent circuit used to model the measured impedance. Rg reflects the electrolyte resistance, Rt and Qct the charge transfer
contributions. Ry and Q2 are used to model a 2nd semicircle (see the main text).

Table S1: Best fitting parameter obtained by modelling PEIS data shown in Fig. 7 by means of the equivalent circle Fig. S6. The parameters
reflect the average values with standard deviation from three fits with slightly different boundaries.

SOC RE Rct Qct RZ QQ
(©2) (@) (107°F) (@) (107°F)

0CV 2.5(3) 46.5(3)  3.0(2)

first discharge 2.7(7)  89(4) 3.3(2) 30(10) 0.4(1)

first charge 3.8(2) 57(2) 7.8(3)

10 cycles charged 3(1) 31(3) 14(3)

10 cycles discharged || 2.6(2) 55.1(2) 8.9(1)  33.7(3) 12(1)
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Figure S7: Ez-situ SEM images of an Fe304@QHCS-electrode after OCV (a,b) and after 70 galvanostatic cycles at 100 mA /g (c,d) as well as
ex-situ TEM images after reaching a discharge capacity of 800 mAh g~ (e,f).
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Estimate of surface capacity of iron nanoparticles

For a typical formed iron metal nanoparticle of » = 3 nm in radius, the volume is given through:

4 4
Vip = o 18 = —

3 3 (3-107? m)* = 1.13 x 10~ %° m®

Using the density of iron of 7.87-10% £; | the mass of one iron nanoplarticle (myp) can be estimated.

mxp = p X Vap = 8.89 x 10719 g

The number of iron metall nanoparticles (# NPpg.) in 1 g of Fe3O4 hence amounts to:

0.72¢g

— = =813 x 10"
589 x 10-19, ~ >3 10

#NPFe:

The associated total surface for the iron nanoparticles (r ~ 3 nm) is then estimated as
A=nr? . #NP =~ 23 m?

From the GCPL measurement shown in Fig. 6a) and after subtracting the contribution of HCS, a converted capacity

of only the Fe3O4 component can be obtained of ~2000 mah gl;e1304 in cycle 250. Based on the predicted reversible

theoretical electrochemical capacity of Fe3O4 ~ 700 mAh ggel3o4 , our data evidence an capacity of ~1300 mAh g~ or

4680 Cg§91304. Assuming that most of the capacity is converted in the range of 2 to 0.01 V as confirmed by the potential
curves in Fig. 6b), we conclude that the charge stored at the interface amounts to 2340 Fg§81304. Using the calculated
iron surface for 1 g iron oxide nanoparticles of 23 m?, this leads to a iron surface capacitance of more than 10 mF cm ™2
needed to explain the measured extra capacity.
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L. Singer ist zusammen mit G.S. Zakharova (SSC UB RAS) zu gleichen Teilen Erstautor
des Artikels. L. Singer erstellte den Abschnitt tiber die elektrochemischen Ergebnisse sowie
die Abb. 6 - 7 und Abb. S1 - S4. L. Singer hat folgende experimentelle Arbeiten und
Analysen durchgefiihrt:

 Rasterelektronenmikroskopie (REM) an dem nachbehandelten MoO2/C: Durchftih-

rung und Analyse.

o Elektrochemischen Untersuchungen (CV, GCPL) an dem nachbehandelten Material:
Durchfithrung und Analyse.

» Ex-situ Rasterelektronenmikroskopie Untersuchungen (REM): Durchfiihrung und
Analyse.
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MoO,/C-composites have been fabricated for the first time by a tartaric acid/glucose-assisted sol-gel
method with post-annealing at 500 °C for 1 h in N, flow. The synthesized materials were fully characterized
with respect to structure, morphology, and electrochemical properties. Compared with tartaric acid-as-
sisted products, the adoption of glucose as carbon source effectively increases the carbon content in the
composites. Irrespective of the organic component, the composites exhibit low crystallinity and small grain
size. This results in good electrochemical performance of the anode materials as confirmed for the glucose-
assisted materials which after additional post treatment delivers a competitive electrochemical capacity.

© 2021 Elsevier B.V. All rights reserved.

1. Introduction

Molybdenum dioxide (MoO,), as an important semiconductor,
has great potential applications in the production of chemical sen-
sors [ 1], catalysts [2], field emission devices [3,4], and solar cells [5].
Additionally, MoO, has attracted considerable attention as electrode
material for lithium ion batteries (LIB) because of its relatively large
theoretical capacity (838 mA h g7!) [6] and its high metallic con-
ductivity (6.0410° S cm™ for the individual rods) [7]. However,
several of its intrinsic material properties limit the practical appli-
cation of bulk MoO,, namely strong capacity fading and poor cycling
stability originated by the huge volume changes during the charge/
discharge processes as well as poor rate performance caused by the
slow kinetics [8,11]. A variety of strategies have been employed to
overcome this issue such as preparation of nanosized materials with
different morphologies [9], doping with nitrogen [10], copper [11],
and design of 3D hierarchically structures nanomaterials providing

* Corresponding author at: Kirchhoff Institute of Physics, Heidelberg University,
Heidelberg, Germany.
E-mail address: r.klingeler@kip.uni-heidelberg.de (R. Klingeler).
! Both authors contributed equally.

https://doi.org/10.1016/j.jallcom.2020.158353
0925-8388/© 2021 Elsevier B.V. All rights reserved.

shorter lithium ion/electron diffusion distances and accommodating
strain associated with strong volume changes upon cycling [12,13].
Additionally, incorporating MoO, with functional conductive car-
bonaceous materials like hollow carbon spheres [14], graphene [15],
graphite oxide [16], is regarded as an effective strategy. A further
way which advantageously yields homogeneous distribution of the
carbon component, thereby increasing cycling stability of the ma-
terials is to introduce the carbonaceous phase during calcination of
many different organic precursors such as aniline [17], dopamine
[18,19], polyethylene glycol [20], alginate [21], ascorbic acid [22],
glucose [23], or sucrose [24]. All functionalized materials display
enhanced Li-retention performance in comparison with bulk MoO,,
based on their higher surface areas, more actives sites, shorter ion
diffusion paths, and functioning carbon buffer which accommodate
the strain.

Various techniques, such as a hydrothermal method [25,26],
thermolysis [27], and electrospinning [28], have been developed to
prepare composites based on MoO,. Herein, we present a new sol-
gel synthesis approach to obtain MoO,/C composites. This method
provides a molecular level-mixing of the starting materials and leads
to better chemical homogeneity of the final products. Carbon coated
MoO, particles have been produced by using glucose or tartaric acid
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as both reducing agents and carbon sources and the electrochemical
performance of the resulting MoO,/C composites as electrodes for
Li-ion batteries was investigated.

2. Experimental

Molybdenum powder Mo (99.95% metal, Alfa Aesar), hydrogen
peroxide H,0, (30%, Merck), tartaric acid C4HgOg (AppliChem), and
glucose CgH,06 (Sigma-Aldrich) were utilized for the synthesis.
Firstly, 1.0 g of Mo powder was dissolved in 35 ml H,0, at 10-15 °C
to form a clear yellow solution of peroxomolybdic acid. Secondly,
tartaric acid was dissolved in distilled water and stirred for 10 min.
The molar ratio of tartaric acid to molybdenum metal was 1: 1. Then,
the solution of tartaric acid was slowly added into the solution of
peroxomolybdic acid. To get a gel, the solution was heated at 60 °C
under continuous stirring. The resulting gel was dried at 60 °C in air
and calcinated at 500 °C for 1 h in N, flow to yield the MoO,/C
composite. At lower annealing temperatures, the materials were
amorphous while annealing at 500 °C yields crystalline samples. The
as-prepared product is labeled as MoO,/C-T. For comparison, MoO,/C
was produced in a glucose-assisted process at a molar ratio of Mo:
glucose = 1: 1 and denoted as MoO,/C-G. To study the effect of
pounding on the electrochemical activity, MoO,/C-G powder was
colloidally grinded (300 Us™") in ethanol using @ 1 mm ZrO, balls in
a PM 100 planetary mill (Retsch) for 6 h, later annealed at 500 °C for
1 hin N, and afterwards hand grinded in a mortar for 15 min; this
sample is labeled as MoO,/C-G(M).

X-ray diffraction (XRD) patterns were obtained on a Bruker AXS
D8 Advance Eco using Cu Ka radiation with a step size of A20 = 0.02°.
The morphology of the powder was determined by a ZEISS Leo 1530
and a JEOL JSM-7610F scanning electron microscope (SEM), a JEOL
JEM 2100 and a JEMe200 CX transmission electron microscope
(TEM), respectively. In order to monitor the microstructural changes
of MoO, upon cycling, ex-situ SEM studies were performed using a
JEOL JSM-7610F scanning electron microscope. The cycled electrodes
were disassembled in an Argon glove box, washed with ethylene
carbonate and then dried overnight.

Fourier transform infrared (FT-IR) spectra were recorded using
Spectrum One B (Perkin-Elmer) with an automatic diffuse re-
flectance accessory. A thoroughly ground sample was applied as a
thin layer to a purpose-designed holder plate. Thermogravimetric
analysis (TG-DSC-MS) with a heating rate of 10 K min™! starting from
room temperature up to 750 °C under flowing air was carried out
using STA 449 F; Jupiter thermoanalyzer (Netzsch) coupled with a

é 5 MoO,/C-T
| S ]
| —_— o —_—
\ A e ",1 g 8
2l e 3
’; .
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QMS 403 mass spectrometer. Raman spectra were measured with a
Renishaw U1000 spectrometer at a laser wavelength of 532 nm.

Electrochemical measurements were carried out in Swagelok-
type cells (see [29]). Working electrodes were prepared by mixing
the active material, carbon black and polyvinylidene fluoride (PVDF)
in N-methyl-2-pyrrolidinone (NMP) and stirred for 24 h before the
resulting slurry was pasted on copper net current collectors. The as-
prepared electrodes were dried in a vacuum oven (80 °C, 10 mbar)
overnight, pressed and dried again. Fiberglass (Whatman GF/D) was
used as separator and pure lithium metal foil (Aldrich) as counter
electrode. The electrolyte was 1 M LiPFg in a mixture of ethylene
carbonate and diethyl carbonate (1: 1 by weight). Cell assembly was
carried out in an Ar-filled glovebox with controlled moisture and
oxygen concentration. Cyclic voltammetry (CV) at a scan rate of
0.1 mV s™! and galvanostatic cycling with potential limitation (GCPL)
at specific currents of 100 mA g!, both in the voltage range of
0.01-3.0 V vs. Li/Li*, were carried out on a VMP3 potentiostat (Bio-
Logic) at 25 °C.

3. Results and discussion

Fig. 1 shows X-ray diffractograms of the synthesized materials,
i.e.,, MoO,/C-G, Mo0,/C-G(M), and MoO,/C-T. All observed peaks
correspond to monoclinic MoO, and are accordingly indexed in a
monoclinic lattice system with space group P2,/c. The post treat-
ment of the as-prepared composite does not change its structure.
The experimentally determined lattice parameters of MoO, in the
composite MoO,/C materials are in a good agreement with theore-
tical values from JCSD no. 72-4534 (cf. Table 1).

The XRD data exhibit broad diffraction peaks with rather weak
intensity which suggests that MoO, formed in the composites dis-
plays poor crystallinity and small crystal size. The mean primary
crystallite size of the as-synthesized samples can be estimated using
Scherrer’s equation [30]:

D = K2/A(26)cos 6, (1)
where D is the average grain size based on the particular reflecting
crystal face (hkl) direction, K is a shape factor which can be ap-
proximated to 0.9, 4 is the wavelength of the applied Cu K« radiation,
A(20) is the full width at half-maximum of the diffraction peak, and ¢
is the Bragg angle. Analysis” of the (011), (200), and (022) peaks yield
to a mean primary crystallite size of around 6 nm for MoO,/C-G,
Mo0,/C-G(M), and MoO,/C-T composites under study. The crystal
structure of monoclinic MoO, is depicted in Fig. 1. It consists of

Fig. 1. XRD patterns of the MoO,/C-G and the MoO,/C-T composites (left), and a schematic of the corresponding crystal structure of MoO, (right).
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Table 1
Experimentally determined lattice parameters of MoO, in Mo0O,/C-G, MoO,/C-G(M),
and MoO,/C-T as well as values from JCSD no. 72-4534.

a(A) b (A) c(A) p (deg.) V(A%
Mo0,/C-G 5652(6) 4.832(5) 5594(7) 12039(6)  131.7(3)
Mo0,/C-G(M)  5.679(5)  4.808(9) 5.619(8)  120.48(2)  132.2(3)
Mo0,/C-T 5648(3) 4912(6)  5.609(1)  11924(7)  135.8(2)
Mo0, 56109 48562 56285 120.95 13153

MoOg octahedrons which form channels along the a-axis which are
supposed to facilitate Li* transport during electrochemical cycling.

Scanning electron microscopy images in Fig. 2 show the mor-
phology of the as-prepared composites. Both as-prepared composite
materials MoO,/C-T and -G consist of irregular micro-sized ag-
glomerates (Fig. 2a, c). The underlying primary particles, which are
well visible in the high-magnification SEM images in Fig. 2b and d, in
both composites consist of round grains with an average particle size
of less than 20 nm. A further post treatment of the sample results in
a visible size reduction of the agglomerates (Fig. 2e-f).

Additional detailed information on MoO,/C-G is obtained from
the TEM images in Fig. 3a. The images show the presence of MoO,/C-
G nanocrystallites forming large agglomerates that are dispersed in
an amorphous carbon matrix. Lattice fringes visible in the high-re-
solution TEM (HR-TEM) image (Fig. 3b) indicate lattice display spa-
cings of approximately 0.35 nm. This value corresponds well with
the (011) plane of MoO, which according to our XRD analysis has a
plane distance of 0.3417(3) nm in MoO,/C-G. Fig. 3b also shows
carbon layers of around 10 nm in thickness around the crystallites.
Selected area electron diffraction (SAED) confirms the crystalline
structure of MoO, in the Mo0O,/C-G nanocomposite (Fig. 3c¢). Debye
rings from the SAED pattern demonstrate the ultrafine structure of
crystalline MoO, without any preferred orientation of the individual
crystallites. The Debye rings can be attributed to the monoclinic
phase of MoO, with P2,/c space group symmetry, which agrees with
the XRD results.

Raman spectra of the MoO,/C composites shown in Fig. 4a pro-
vide information on both the MoO, and the carbon components of
the nanocomposite as the observed Raman peaks refer to Mo-O as
well as carbon modes. The prominent carbon modes are the G-band
which corresponds to the sp?>-bonded carbon atoms and the D-band
associated with defects or disorder mainly due to sp>-hybridization
of carbon atoms [31]. The D- and G-bands of MoO,/C-G composite
arise at 1372 cm™! and 1586 cm ™!, respectively. In comparison, the G-
and D-bands of MoO,/C-T are at slightly lower wavenumbers of 1365
and 1575 cm™!. The ratio of the maximum intensities of these peaks,
Ip/lg, was calculated as 0.78 and 0.71 for MoO,/C-G and MoO,/C-T
composites, respectively. This indicates that in comparison with
tartaric acid, glucose promotes the formation of defects and disorder
in the carbon component of the composite. In comparison with the
pure MoO, phase [32], a richer Raman spectrum of MoO,/C com-
posites with intensive bands below 1000 cm™ resulting from dif-
ferent vibration modes of Mo-O is observed. The presence of the
peaks located at 819 and 993 cm™! corresponding to the stretching
vibrations of Mo=0 bonds indicates the formation of the layered
structure of the compounds similar to MoOs [33]. This phenomenon
has been reported by Camacho-Lopez et al. [34] who associated it
with the oxidation of MoO, to M00O,.; by laser irradiation.

FT-IR spectra of the MoO,/C composites are shown in Fig. 4b.
There are two typical vibration modes belonging to the MoO, phase
[35]. The stretching vibrations of Mo=0 bonds are demonstrated by
the characteristic bands at 957 and 955cm™ for MoO,/C-T and
Mo0,/C-G composites, respectively. The bridge stretching vibration

2 Additional contributions to peak broadening are neglected.
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of Mo-0-Mo bonds are displayed by the bands at 718 and 693 cm™!
for MoO,/C-T and Mo00,/C-G composites, respectively. The peaks at
1598 cm™! (Mo0O,/C-T) and 1600cm™' (MoO,/C-G) are assigned to
the C-O stretching vibration in the carboxylic group which may re-
sult from incomplete decomposition of the organic groups in the
carbon component. The weak bands located at around 3400 cm™!
and 1640 cm™! are associated with the stretching and bending vi-
brations of O-H, respectively, originating from trace amounts of
adsorbed water in the powder. It is worth noting that the peaks
which are attributed to pure glucose [36] and tartaric acid [37] are
not part of the respective spectra.

In order to determine the thermal stability of MoO,/C composites
in air and to quantify the amount of carbon within the materials, TG-
DSC-MS studies of as-prepared materials were carried out (Fig. 5).
The TG curve of the MoO,/C-G composite evidences two steps of
weight loss (Fig. 5a). We attribute the first weight loss of 5.7 wt% in
the temperature regime from 70 °C to 300 °C mainly to evaporation
of water. It appears as a weak and broad endothermic process cen-
tered at 115 °C. The second weight loss of 23.7 wt% from 300 °C to
690 °C is caused by oxidation of carbon components and the release
of CO, gases. The mass spectrometry curve (ion current versus
temperature) indicates that the main gaseous product of MoO,/C-G
decomposition is CO, (m/z=44 a.m.u.). However, the carbon com-
ponent of MoO,/C-G was not completely oxidized to CO, at 690 °C.
Despite the appearance of a two-step process somehow similar to
what is observed in MoO,/C-G, the TG curve of MoO,/C-T shown in
Fig. 5b shows several differences. Again, a first stage from 25 to
300 °C with corresponding weight loss of 3.6 wt% can be assigned to
evaporation of surface-adsorbed water. The second region of mass
loss (2.4 wt%) from 300 to 514 °C is accompanied by a broad exo-
thermal peak. It is attributed to the decomposition and full oxidation
of organics. From the mass spectrometry curve, it can be revealed
that the main gaseous product of MoO,/C-T decomposition is CO,
(m/z=44 am.u.). Additionally, the three steps observed in TGA
suggest that the carbon component in the MoO,/C-T composite has
three states differently bound to the main phase (MoO,). At around
550 °C, the TG data indicate an increase of sample weight by 2.9 wt%.
This process is attributed to the oxidation of Mo** to Mo®" and re-
sults in the formation of MoOs as a final thermolysis product. Based
on the assumptions made above, the calculated carbon contents in
Mo0,/C-T and Mo0O,/C-G composites are 2.4 and more than 23.7 wt
%, respectively.

The electrochemical properties of the composite materials ob-
tained as described are investigated with respect to their applic-
ability as electrode materials in LIB by means of CV and GCPL. Fig. 6
displays the first, second, fifth CV curve of Mo0O,/C-G and MoO-/C-T.
The reversible reactions of MoO, with lithium are described by the
following electrochemical reactions [16,38]:

MoO, + xLi* + xe~ « LixM00O,, (0 <x <0.98) (2)
LixMoO; + (4 — X)Li* + (4 — x)e~ < Mo + 2Li;0. (3)

Due to the deliberate low crystallinity of the samples, mainly
extended areas of electrochemical activity instead of well-defined
peaks are visible in the CV. In the first reductive sweep of MoO,/C-G,
four different cathodic features are observed. The elevation at
around 1.25 V (R1) can be attributed to the phase transition between
the orthorhombic and the monoclinic phase upon lithium insertion
(Eq. (2)) as suggested by Dahn et al. [39]. Due to the absence of the
peak R2 at around 0.6 V in further cycles, it is most likely assigned to
the solid electrolyte interface (SEI) formation which is consistent
with reports by Luo et al. [40] and Xu et al. [41]. The reversible
conversion reaction (Eq. (3)) can be assigned to the reduction peak
R3, parts of R4 and the elevation O3 [38]. The two overlapping oxi-
dation peaks 02 and O1 can be ascribed to the phase transitions
(monoclinic-orthorhombic-monoclinic) in  partially lithiated
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Fig. 3. (a) TEM image, (b) HRTEM image, and (c) SAED pattern of MoO,/C-G composite.
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LixMoO, [42]. The main difference between the CV of MoO,/C-G
(Fig. 6a) and MoO,/C-T (Fig. 6b) is the presence of the feature Rc at
around 2.5V in the first reductive sweep of the latter. In the litera-
ture, Rc is sometimes observed [27,43]| and sometimes not [42,44]
and its origin is yet unclear.

The cycling performance of as-prepared MoO,/C-G- and MoO,/C-
T- as well as of MoO,/C-G(M)-based electrodes is presented in
Fig. 7a. The corresponding potential profiles are shown in Figs. S1-S3.
The electrochemical performance of the MoO,/C composites show
strong differences. The highest discharge capacity in the first and
twentieth cycle of 928 mAh g™ and 610 mAhg™' is reached by the
post treated sample MoO,/C-G(M). In contrast, the as-prepared
material MoO,/C-G achieves 516/195mAhg™', respectively. Cou-
lombic efficiencies also shown in Fig. 7a confirm significant irre-
versible effects not only for MoO,/C-T but also for MoO,-/C-G. All
materials display reduced Coulombic efficiency in the first cycles
which is attributed to common irreversible processes as electrolyte
decomposition and formation of the SEI [22,40,41]. Similarly to what
is concluded from the evolution of capacity upon cycling, Coulombic
efficiencies for MoO,/C-G(M) are highest and amount to about 98%.
MoO,/C-T has in comparison to MoO,/C-G a high initial discharge
capacity of 617 mAh g™! but shows a much severe drop in capacity
already in the second cycle. We attribute this to the much lower (i.e.,
by more than 20%) carbon content. Such a low carbon content may
result in an increased contact loss between the active material and
the current collector during cycling. This degeneration process is
well known for conversion-type materials and occurs due to the
volume expansion and the associated induced pulverization during
the conversion reaction [45-47]. Comparison of the treated and
untreated MoO,/C-G samples shows that the post treated sample
Mo0,/C-G(M), which features a reduced size of the agglomerates
(Fig. 2e-f), achieves nearly 2 times the capacity of MoO,/C-G over all
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MoO,/C electrodes and b) rate capability test with different cycling rates of MoO,/C-
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cycles. As expected, the size reduction of the agglomerates by the
post treatment and the associated surface enlargement leads to an
increased electrochemical activity of MoO,/C-G as electrolyte diffu-
sion is facilitated [48]. The initial increase in capacity of the MoO,/C-
G samples may be attributed to a gradual decomposition of LiyMoO,
in the conversion reaction during cycling, the formation of crystal-
line defects which is a common phenomenon in oxide anodes re-
sulting in increasing capacity, and/or a reaction including the SEI
[43,49,50]. The rate capability of MoO,/C-G(M) at cycle rates be-
tween 100 and 1000 mA g™! displayed in Fig. 7b implies a reversible
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capacity of 740, 580, 400, and 210mAhg™!, at a current density of
100, 250, 50 and 1000 mA g™}, respectively. The reversible capaci-
tance reaches 650 mAhg~! when the current density is set again to
100mAg~', which proves good reversibility of the electrode. To
characterize the microstructure details of the MoO,/C-G(M) based
electrode before and after galvanostatic cycling, ex-situ SEM mea-
surements were performed (Fig. S4). The comparison of the SEM
images before (Fig. S4a) and after (Fig. S4b) cycling reveals that the
individual particles change their surface texture, which is likely due
to the known degeneration mechanisms such as SEI formation [51]
and/or agglomeration. Pulverization as a possible degeneration
phenomenon for MoO,/C-G(M) seems to be less critical as the high-
resolution SEM images show that even after 60 cycles the binder
network is intact and no clear cracks are visible.

To relate the electrochemical performance of the here presented
Mo0,/C-G(M) composite to the literature, Table 2 lists the discharge
capacities of various MoO,/C composite anodes. The Mo0O,/C-G(M)-
based electrode studied at hand exhibits a superior electrochemical
capacity compared to the materials obtained by Che et al. [21], Yoon
etal [52] and Luo et al. [40] and is slightly better than the materials
reported by Sun et al. [53]| and Hu et al. [54]. However, MoO,/gra-
phene oxide composite materials generally show higher capacities
[16,41,55]. In contrast to these materials, the MoO,/C-G(M) compo-
site reported here benefits from a straightforward, environment-
friendly, and well-controllable synthesis process, which is based on
cost-effective starting materials. Evidently, the electrochemical
performance of MoO,/C composites mainly depends on morpholo-
gical features as carbon coating, particle size and surface texture
which are directly affecting the transport path length of electrons as
well as Li-ions.

4. Conclusions

In summary, a tartaric acid and glucose based sol-gel method
combined with thermal reduction has been utilized to synthesize
hybrid MoO,/C nanocomposites. This synthetic strategy is simple,
cost-effective, and promising for large-scale industrial production of
Mo0O,/C composites. In the as-prepared composites, MoO, nano-
particles with a size of about 20 nm are embedded into a ~10 nm
thick amorphous carbon matrix, which serves as a buffer layer
preventing the degradation of MoO, nanoparticles during charge/
discharge processes.

The observed electrochemical performances of the prepared
materials underline the relevance of the used carbon source and the
received morphology for the application in LIB. Compared to un-
treated MoO,/C-G, post treated MoO,/C-G(M) shows a clearly im-
proved capacity. The post treated Mo0O,/C-G(M) features a
remarkably enhanced, competitive specific capacity of 660 mAhg™!
at 100 mA g ! in the tenth cycle. Therefore, the results show that this
simple and cost-effective synthesis approach may also be success-
fully applied to other metal oxides.

Table 2

Comparison of the electrochemical cycling performance of MoO, -based composites obtained by various synthesis methods.
Material Synthesis method Current (mAg™!) Discharge capacity (mAh g™")/cycle no® Ref.
Mo0,/C-G(M) nanoparticles Glucose-assisted sol-gel 100 660/10 this work
MoO,/C nanoparticles Alginate-assisted sol-gel 200 300/10 [21]
Nitrided MoO, hydrothermal 120 310/10 [52]
MoO,/C nanofibers Electrospinning 100 500/10 [40]
MoO,/C nanoparticles Impregnation of carbon matrix 100 600/10 [53]
MoO,/graphite oxide nanoparticles Solvothermal 100 620/10 [54]
MoO,/graphite oxide nanoparticles Solvothermal 100 800/10 [16]
MoO,/C cage-like particle Hydrothermal reduction 200 800/10 [22]
MoO,/exfoliated graphene oxide Solid-state graphenothermal reduction 100 850/10 [55]
MoO,/graphene oxide Decomposition 100 1200/10 [41]

2 For better comparison, data from the same cycle number are shown as read-off from reported figures.
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S1. Potential profile of MoO,/C-T at current densities of 100 mA g.

Fig. S2. Potential profile of MoO,/C-G at current densities of 100 mA g.
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Fig. S3. Potential profile of MoO,/C-G(M) at current densities of 100 mA g*.
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Fig. S4. Ex-situ SEM pictures of a MoO2-C/G(M) electrode after OCV (a,c)
and after 60" times galvanostatically cycled at 100 mA/g (b,d).
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Fabrication of 3D graphene/MoS,
spherical heterostructure as
anode material in Li-ion battery

K. Wenelska'*, V. Adam?, E. Thauer?, L. Singer?, R. Klingeler??,
X. Chen' and E. Mijowska*

1Szczecin Faculty of Chemical Technology and Engineering, Department of Nanomaterials
Physicochemistry, West Pomeranian University of Technology, Szczecin, Poland, *Kirchhoff Institute
of Physics, Heidelberg University, Heidelberg, Germany, *Centre for Advanced Materials (CAM),
Heidelberg University, Heidelberg, Germany

Three-dimensional (3D) graphene-based nanocomposites have received
considerable attention in both fundamental research and industrial
applications, as they combine the functionalities of well-controlled nano-
architectures and the integrity of bulk materials. Actually, among these
materials, spherical structures are attracting more and more attention
worldwide due to their excellent performance in various fields such as drug
delivery, heterogeneous catalysis, encapsulation of support, and electrode
materials for lithium-ion batteries. Herein, a facile route to fabricate a three-
dimensional hierarchical graphene/MoS, nanocomposite is presented. The
molecular heterostructure is derived from graphene oxide flakes and
precursors of molybdenum ((NH4)2M0,04-4H,0) and sulfur (L-cysteine).
Spherical morphology (GO/MoS;) is obtained via self-assembly of the
precursor. This 3D nanocomposite exhibits MoS,-nanosheets strongly linked
to graphene oxide flakes, which renders it particularly suited to exploit the
conversion reaction of MoS, for electrochemical energy storage. When
assembled into an electrode in lithium-ion batteries, as-prepared GO/MoS,
electrodes indeed deliver a high initial charge capacity of 783 mA h g* at a
current density of 100 mA/g and Coulombic efficiency of more than 96% from
the second cycle on exceeding the theoretical capacity of the pristine 2D MoS,
and graphene. Overall, the study sheds some light on the design of 3D
heterostructure as a promising anode material in Li-ion batteries.

KEYWORDS

molybdenum disulfide (MoS) 2, graphene, lithium-ion batteries, electrochemistry (113),
anode

Introduction

Motivated by recent rapid advancements and considering the constraints of two-
dimensional (2D) graphene, the research on graphene-based materials has been directed
toward the exploration of different graphene-like morphologies, with appropriate and
attractive contributions from physics, chemistry, and materials science, among others
(Novoselov et al., 2004; Novoselov et al., 2005; Zhu et al., 2014). The actual application
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performance achieved using 2D materials is always less than that
anticipated based on its ideal properties such as high surface area,
high charge carrier mobility, premier mechanical strength, and
excellent thermal conductivity.

Functional carbon nanospheres with controllable size,
surface area, pore diameter, surface morphology, and chemical
composition are an appealing topic. They reveal enhanced
performance in a wide variety of applications, such as
electrode materials for electrochemical energy storage,
absorbents, or catalysts (Zheng et al, 2014; Wang et al,
2021). Graphene spheres and reshaped structures with good
chemical and mechanical properties are among the most
promising candidates to overcome the obstacles associated
with 2D nanosheets. They exhibit plentiful porous channels
with enhanced electrical conductivity and superb structural
stability (Liu et al., 2020a; Ji et al., 2020).

Various nanostructured MoS, and carbon composites have
their

physicochemical properties. Hou et al. reported molybdenum

triggered  intensive interest due to intriguing
disulfide nanoparticles with spherical structures prepared via a
hydrothermal method of about 190 nm in diameter (Koroteev
etal, 2021). Cui and co-workers prepared a novel carbon-coated
MoS, nanobowl structure by a solvothermal method, followed by
an annealing process (Cui et al., 2015). Zhou et al. reported on
carbon nanofibers decorated with molybdenum disulfide sheets
(Liuetal., 2020b). To optimize links between MoS, and carbon, a
variety of approaches have been explored, such as exploiting the
high wettability of N-doped graphitic surface and electrostatic
attraction between thiomolybdate precursor anion and N-doped
sites to fabricate amorphous molybdenum sulfide layers directly
bound at vertical N-doped carbon nanotube forest surface (Li
et al, 2014; Long et al., 2014). Further approaches have yielded
MoS,@C nanotubes (Zhang et al., 2016a), C/MoS,/C sandwiched
hollow spheres (Li et al., 2017), carbon-sheathed MoS, on CNT
(Zhang et al, 2018), and MoS,/N-doped carbon porous
nanorods.

A particularly promising application of MoS,/C composite
heterostructures is testing them as anode material in lithium-
ion batteries (LIB). While their unique and layered structure
and high theoretical lithium storage capacity of 670 mA h g™
imply great prospects of MoS, for LIB in general (Gao et al,,
2013; Hu et al,, 2016), semi-conductivity and large volume
changes associated with the conversion reaction process are
severe drawbacks for the actual application (Stephenson et al.,
2014). Increasing conductivity and mechanical strength by
fabrication of 3D MoS,/C composite structures have,
however, resulted in various materials with good cycling
stability in LIB (Zhang et al., 2016a; Zhang et al., 2018; Li
et al, 2019a) and sodium-ion batteries (David et al., 2018;
Xiong et al., 2018; Li et al., 2019b). In particular, structures are
expected to offer several benefits (Li et al., 2009; Wu et al,
2018). The proposed 3D heterostructures exhibit a high contact

area with the electrolyte providing more active sites for de-/
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lithiation and favorable Li* transport kinetics. Also, it is
proposed that the internal cross-linkage of nanosheets can
prevent their aggregation and ensure good structural stability.
We present a facile and highly reproducible route to prepare
a spherical 3D structure based on graphene and MoS, in a
solution phase. MoS, and graphene oxide were self-assembled
from structures to spherical heterostructures at a high-
temperature reaction in a line-Teflon autoclave. A mechanism
for reshaping the spherical structure is proposed. Furthermore,
we report on the electrochemical performance of designed GO/
MoS,-based when used as electrodes in Li-ion battery.

Experimental section
Preparation of graphene oxide

The graphene oxide was synthesized by a modified Hummers
method (Hummers and Offeman, 1958). Shortly, 1 g of graphite
was mixed with 6 g of KMnO, in a flask. Concentrated sulfur acid
and orthophosphoric acid (90:10 ml) were added to the flask and
then heated to 50°C while stirring. After 24 h, the mixture was
poured into ice (100 ml) and H,O, (30%, 1 ml) and then filtered
using a polycarbonate membrane. The solid product was washed
twice with water, 10% HCI, and ethanol and, finally, vacuum-
dried for 12 h.

Preparation of MoS, and GO-based
heterostructures (GO/MoS,)

A total of 30 mg of GO was introduced to 820 mg of
(NH4)2MO7O4’4H20
mixed with 120 ml of DI water and sonicated for 30 min. In

ammonium molybdate tetrahydrate
the next step, a source of sulfur (2.4 g of 1-cysteine) was added.
The mixture was transferred into a Teflon-lined steel autoclave
and heated to 240°C for 24 h. Afterward, the sample was washed
with ethanol and dried at 60°C for 24 h.

Characterization

The crystallographic information regarding the as-
synthesized samples was established by X-ray diffraction
(XRD), performed wusing Philips XPert PRO X-ray

diffractometer a Cu Ka radiation. The morphology of the
samples was obtained using transmission electron microscopy
(Tecnai F20-based at 200 kV) and scanning electron microscopy
(TESCAN VEGA 3). For monitoring the microstructural changes
of the GO/MoS,;-electrode after cycling, ex situ SEM studies were
performed using a JEOL JSM-7610F scanning electron
microscope. The cycled electrodes were disassembled in an
Argon glove box, washed with ethylene carbonate, and then
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FIGURE 1
SEM image (A), AFM image (B), and height profile (C) of GO flakes.
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SCHEME 1
Schematic illustration of synthesis and application of GO/MoS,

dried overnight. Atomic Force Microscopy (AFM NTEGRA
Aura (NT-MTD) microscope) was employed to obtain the
thickness and number of layers of GO. Thermogravimetric
(TGA) SDT
Q6000 thermoanalyzer instrument (TA Instruments Inc.)

analysis was carried out using an
under airflow of 100 ml/min. The samples were heated from
room temperature to 900°C at a linear heating rate of 10°C/min.
Raman spectroscopy was applied with a microscope mode
(InViaRenishaw) with a 785nm N,
desorption isotherms were obtained at liquid nitrogen
temperature (77 K) using a Micromeritics ASAP 2010M
The (BET)

Barrett-Joyner-Halenda (BJH) methods were adopted to

laser. adsorption/

instrument. Brunauer-Emmett-Teller and
calculate the specific surface area and pore size distribution.
on GO/MoS,

performed by means of Swagelok-type cells (Ottmann et al.,

Electrochemical studies have been

2015) at 25°C. Working electrodes were prepared by mixing
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80 wt% active material, 10 wt% carbon black (Super C65,
Timcal), and 10wt% polyvinylidene fluoride (PVDF,
Sigma-Aldrich, 99%) in anhydrous 1-methyl-2-
pyrrolidinone (NMP, Sigma-Aldrich, 99%) for 12 h. After
pasting the slurry on a circular copper mesh of 10 mm
diameter, the electrodes were vacuum dried overnight at
65°C and pressed subsequently. The procedure resulted in
an active mass loading of about 4 mgcm™. The cells were
assembled in an Ar-Glovebox using the as-prepared working
electrodes, two layers of glass fiber (Whatman GF/D) as a
separator and lithium foil pressed on a nickel plate as a
counter electrode. A total of 200 uL of a 1 M LiPFs salt
solution in 1:1 ethylene carbonate (EC) and dimethyl
carbonate (DMC) (Merck Electrolyte LP30) was used as the
electrolyte. Electrochemical measurements were performed
between 0.01 and 3.0V versus Li/Li*
0.05mV/s for cyclic voltammetry and 100 mA/g as the

at a scan rate of
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TEM images (A,B), SEM image (C), HRTEM images (D,E), and line profile (F) of GO/MoS,.

current rate for galvanostatic cycling

VMP3 multichannel potentiostat (Bio-Logic SAS). The
carbon content was examined by elemental analysis using
Vario MICRO Cubes (Elementar).

using a

Results and discussion

The morphology of GO investigated by SEM and AFM
1A,B,
1A shows that few-layered GO was successfully

microscopes is presented in Figures respectively.
Figure
obtained by a modified Hummers method. The Tapping-
mode of AFM used to determine the thickness of GO
(Figure 1C) implies a thickness of ~4.3-54nm of the
resulting sheets corresponding to 7-9 layers of GO (Wang
et al., 2017).

The schematic illustration of synthesis and the application
for GO/MoS; is present in Scheme 1.

Figure 2 shows TEM and SEM images of the obtained
spherical material. Specifically, Figures 2A,B present the TEM
images of structure based on GO and MoS, (GO/MoS,). The
SEM image (Figure 2C) reveals that the composite is in the form
of irregular spheres with diameters of ~800 + 70 nm. Further
investigations by means of TEM (Figures 2A,C) allow

determining the morphology in greater detail. The irregular
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spheres are formed by flowerlike structures. A high-resolution
transmission electron microscopy image (Figures 2D,E) enables
reading off the distance between the layers to be 0.69 nm which is
slightly larger than the (002) plane spacing of 0.62 nm in bulk
MoS,. As shown in Figure 2F, EDS line scans taken across the
wall of the sphere (see red line in Figure 2E clearly prove the
elemental composition: C, Mo, and S are evenly distributed
throughout the wall.

TGA studies performed in the temperature range from 25 to
1,000°C under air gas flow (Figure 3A) observed a gradual weight
loss occurring in three steps. A first weight loss of 9% observed in
the range of 320-400°C is associated with oxidation of MoS, to
MoOj;. The next significant weight loss of 58% appears above
680°C and corresponds to graphite burning. After burning at
around 900°C, the ash content in the ceramic cap is about 1.5%,
corresponding to MoOs.

The presence of crystalline MoS, in GO/MoS,; is revealed by
powder XRD as shown in Figure 3B. The diffraction peaks at 20
of 14, 33%, 39", and 59.8° can be unambiguously assigned to the
(002), (100), (103), and (110) planes in hexagonal MoS,,
respectively (Zhang et al, 2016b). The (002) peak indicates
the formation of the well-stacked layered structure of MoS,
(Chhowalla and Amaratunga, 2000).

No obvious XRD peaks from a carbon phase are detected,
which might be due to its lower content (<10 wt%), its rather
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FIGURE 3

TGA profile (A), XRD pattern (B), Raman spectrum (C) and BJH pore size distribution of GO, MoS,, and GO/MoS; (D).

amorphous nature, and the high background signal. The
presence of carbon is, however, confirmed via Raman
spectroscopy (Figure 3C), which is one of the most sensitive
techniques to characterize carbon materials. The spectrum shows
the G-mode at about 1,583 cm™" arising from the stretching of the
C-C bond in graphitic materials, and it is common to all sp>-
carbon systems (Novoselov et al., 2004), whereas the D band at
about 1,353 cm™ is assigned the so-called breathing vibrations,
which are mainly enabled by defects and disorder. Raman data of
GO/MoS, present strong signals of E,,' and A, modes of MoS,
(Wieting and Verble, 1971).

The surface area and pore volume of GO/MoS, andthe
intermediate products, ie., the pure GO flakes and exfoliated
MoS2 are presented on Figure 3D. The nanocomposite GO/MoS,
features the largest surface area of 68 m?/g. For the pure GO
flakes and exfoliated MoS,, much smaller surface areas of 10 and
11 m*/g were observed, respectively. The pore volume in GO/
MoS, is strongly enhanced to 0.52 cm®/g, whereas GO and the
exfoliated MoS, exhibit pore volumes of 0.002 and 0.01 cm?/g,
correspondingly. According to the pore distribution of the three
materials calculated by means of the Barrett-Joyner-Halenda
(BJH) analysis, GO/MoS, is characterized by a uniform

Frontiers in Energy Research

05

mesostructured with narrow pore size distribution with a
diameter of ~2.5 nm (Figure 3D).

We believe that GO flakes might serve as building blocks in
the self-assembly process triggered by reducing agent L-cysteine.
This effect was already observed previously by Xu et al. (2021).
During this process, GO 1is functionalized by sulfur and
molybdenum. In the next step, at the temperature of 240°C,
the sulfur and molybdenum deposited on the spherical structure
of GO reacted, forming MoS, sheets evenly distributed in the
bulk heterostructure.

Electrochemical measurements

MoS, + xLi* + xe~ — LiyMoS,

1

The electrochemical properties of GO/MoS, are investigated
by means of cyclic voltammetry (CV) and galvanostatic cycling
with potential limitation (GCPL). Figure 4A shows the first,
second, and tenth cycles of the CV of GO/MoS,-based electrodes.
The initial reductive sweep shows an extended region of activity
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(A) Cyclic voltammograms of GO/MoS,-type electrodes recorded at a scan rate of 0.05 mV/s, (B) CV of GO/MoS; at a scan rate of 0.05 mV/sin

the potential range from 1.0 to 3 V in the first three cycles and subsequently in the potential range of 0.01 to 3 V of cycles 4, 5 and 6. (C) Potential
profile of galvanostatic cycling of GO/MoS, at 100 mA/g between 0.01 and 3 V at specific cycles. (D) Specific charge/discharge capacities and
associated Coulombic efficiencies during the first hundred cycles studied by GCPL at 100 mA/g.

FIGURE 5
SEM images of GO/MoS,-based electrodes before (A) and after 100 times, galvanostatically cycled at 100 mA/g (B).

R1 in the potential range from 1 to 2V corresponding to the Chen, 20115 Teng et al, 2016). The absence of a well-defined
intercalation of Li* into the layered structure of MoS, (Li et al, redox peak agrees with the low crystallinity of MoS, in the
2016) accompanied by a phase transition from trigonal prism material, which is also inferred from the XRD data
structure (2H) into the octahedral structure (1T) (Chang and (Figure 3B). The following peak R2 at 0.5V represents the
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subsequent conversion reaction of Li,MoS, into metallic Mo and
Li,S (Li et al., 2016):

LixMoS; + (4 —-x)Li* + (4 —x)e” —> 2L,S+Mo.  (2)

In the first oxidative scan, a broad double peak O1/O2 around
1.5/1.7 V is visible. The corresponding reaction processes are
controversially discussed in the literature. On the one hand,
01/02 has been associated with partial oxidation of Mo,
including possible re-formation of MoS; (Yang et al, 2013;
Tang et al., 2014; Wu et al,, 2018). However, our CV studies in
a restricted potential range (Figure 4B) indicate that peak O1 is
linked to the conversion reaction (Eq. 2). The oxidative peak O3 at
2.3V corresponds to the reversible conversion reaction of Li,S to
elemental S (Li et al., 2016):

Li,S & S+ 2Li" + 2e” 3)

The associated reduction peak R3 emerges from the second
cycle on at 2.0 V. Figure 4B shows that the reversible de-/lithiation
process with the participation of the electrochemical active couple
Li,S/S is enabled by the conversion reaction (Eq. 2), which provides
the reactant Li,S. The main lithium storage mechanism for the
following cycles is the reversible sulfur conversion reaction (Eq. 3).
This is also visible up to the 100th cycle in the potential profiles
(Figure 4C). Starting from the second cycle on, another pronounced
reduction peak R4 (1.4 V) and an oxidation peak O4 (1.9 V) emerge.
These peaks were also observed by Li et al. (2016), but the underlying
processes remain unclear.

The cycling performance of GO/MoS,-type electrodes studied
by GCPL measurements at a current density of 100 mA/g over
100 cycles is displayed in Figure 4D. The dis-/charge capacities in the
first cycle are 1,015/783 mA h/g. The capacity loss in the first cycle is
mainly attributed to the partially irreversible conversion reaction
(Eq. 2) and the formation of a solid electrolyte interface (SEI). Based
on the reaction mechanism of Li,S/S (Eq. 3) with a theoretical
capacity of 1,675mAh/g, for MoS,, a maximal capacity of
672 mA h/g is expected. Initially, the measured capacities of GO/
MoS, even exceed this value, suggesting that the complete MoS, is
involved in the Li*-ion storage process. The dis-/charge capacities
start to decrease constantly from 758/730 mA h/g in the second
cycle and stabilize at around 55 mA h/g after 100 cycles. Strong
fading effects are expected to arise from mechanical stress associated
with the conversion reaction and the dissolution of polysulfides
(shuttle effect) during electrochemical cycling. SEM images of a GO/
MoS,-type electrode extracted after the 100th cycle (Figure 5) show
that the structure seems to be destroyed after cycling. The same
observation has been reported in previous works (Das et al.,, 2012;
Ren et al, 2017a; Ren et al, 2017b), where it is attributed to
aggregation of MoS, during electrochemical cycling. Moreover,
SEM studies confirm that a coating, for example, with TiO, or
carbon, can prevent structural degradations and thus enhances the
cycling stability.

By combining spherical structured MoS, nanosheets with
graphene oxide, a composite with a large surface area and
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conductive network is obtained, enabling high accessibility of
the active material. The GO/MoS, composite initially reaches the
full theoretical capacity, but degradation effects lead to poor cycle
stability. Comparison with the electrochemical performance of
other reported MoS,/C-composites shows promising options to
optimize the cycling stability. The GO/MoS, composite studied
by Jiao et al. exhibits similar electrochemical properties as the
composite studied at hand. N-plasma treatment improves the
cycling stability. Another effective strategy to inhibit structural
degradation and thus capacity fading is coating MoS, with
carbon, for example. Das et al. showed that while uncoated
MoS,/C composite delivers a performance like that of the
material presented at hand, C-coated MoS,/C exhibits
superior cycling stability. (Das et al., 2012).

Conclusion

In summary, this study presents a facile and reproducible
fabrication route of 3D graphene and molybdenum disulfide
heterostructure with spherical morphology and their potential
application as electrode material in Li-ion batteries. The
mechanism of spherical structure formation was proposed. As
anode material for Li-ion batteries, the spherical GO/MoS,
initially delivers an excellent capacity by complete conversion.
The high surface area attained by the proposed heterostructure
and the presence of graphene oxide, providing a conductive
network, enable the high theoretical capacity of MoS,. Therefore,
we believe this material shows considerable promise from both a
scientific viewpoint and practical applications.
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Lithium-ion battery antiperovskite (Li,Fe)SeO by means of an one-step solid-state method which results in phase pure material

Lithfum-rich cathode material consisting of predominantly micrometer-sized particles. Thermodynamic investigations confirm high thermal

stability of (Li,Fe)SeO up to 1200 °C without any indication of phase decomposition. Electrochemical studies
of (Li,Fe)SeO-based cathodes show a multi-step redox process involving electrochemical activity of cationic
Fe and anionic Se. Rate capability tests yield a discharge capacity of 150 mAh g~! and 100 mAh g~! at 0.1 C
and 1 C, respectively. In-depth kinetic analyses by in-situ electrochemical impedance spectroscopy indicate
a considerable structural change primarily in the first cycle, however, the structure stabilizes afterwards
in the following cycles. Accordingly, we observe superior high cycling stability. Upon cycling, the material
displays only a slight capacity fading while still delivering 140 mAh g~'after 100 cycles at 0.1 C. Our
findings highlight the high performance and compelling cycling stability of (Li,Fe)SeO as cathode material
in lithium-ion batteries.

1. Introduction they exhibit multi-electron redox activity [2]. In general, multi-electron
charge transfer can be obtained by (i) multi-stage redox processes of

In current commercial cathode materials, maximum capacity is transition metal cations or (ii) the coupled redox processes of transi-
limited to one or less electron transfer per formula unit [1]. The class tion metal cations and anions [1,3]. One class that can exhibit such
of lithium-rich cathode materials promises to surpass this barrier as advantage are Li-rich oxides [2]. However, storing more than one

electron per formula unit is difficult to actually implement in materials
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Fig. 1. Schematic diagram of the (Li,Fe)SeO synthesis.

in practice due to the redox activity of oxygen at high potentials
which leads to irreversible O, release and decomposition of current
commercial electrolytes [4,5]. Therefore, the pursuit of further, more
convenient Li-rich cathode materials without such disadvantage is high.
Recently, a novel class of Li-rich antiperovskite-structured cathode
materials with the general composition (Li,TM)ChO (TM = Fe, Mn,
Co :Ch = S, Se) was reported [6,7]. This class circumvents the prob-
lems appearing in Li-rich oxides by the lower redox potentials of the
anionic sulfides/selenides [8]. In fact, their reversible multi-electron
storage originates from the coupled redox activity of transition metal
cation and the sulfide/selenide anion [9]. First measurements on the
antiperovskite cathode material (Li,Fe)SO already proved its promis-
ing electrochemical performance by showing discharge capacity of
~285 mAh g=! at 0.1 C and high rate capability (~200 mAh g~!
at 1 C) when cycled between 1.2 and 3 V [9]. However up to now
only a limited cycling stability of the antiperovskite cathodes was
achieved [9]. Some progress was made by the partial anionic substitu-
tion of S~ with Se?~, which was found to tune the cycling stability and
the working potential in the (Li,Fe)S,_,Se, O series (x = 0.1-0.9) [10].
The antiperovskite-structured cathode material (Li,Fe)SeO was initially
electrochemically characterized by Lai et al. [6] by means of a few-
cycle experiment using homemade plastic bag batteries (vs. graphite).
However, only modest electrochemical properties have been reported,
including the initial discharge capacity of ~120 mAh g~! at ~0.18 C
and in particular pronounced capacity fading to 98 mAh g~! after only
5 cycles (~18 percent capacity fade) [6].

Here, we report on the actually outstanding performance that
(Li,Fe)SeO can display. We show that (Li,Fe)SeO-based electrodes
exhibit an initial specific discharge capacity of 164 mAh g~! at 0.1 C.
During cycling the here presented (Li,Fe)SeO exhibits only a slight ca-
pacity loss leading to still ~140 mAh g~!after 100 cycles. Furthermore,
even at the rate of 1 C, (Li,Fe)SeO delivers a reversible capacity of
around 100 mAh g~!. These findings highlight the great potential of
(Li,Fe)SeO as a cathode material for LIB, especially in terms of cycling
stability, and promotes further work on Se containing antiperovskite
cathode materials.

2. Experimental section
2.1. Synthesis

The material (Li,Fe)SeO was prepared by a solid-state reaction
method. For this process, stoichiometric amounts of Li,O, Fe and Se
(Alfa Aesar) were mixed in an Ar-filled glovebox (MBraun, Germany,
H,0 and O, levels < 1 ppm), and filled in a corundum crucible (Aliaxis,
Frialit-Degussit, AL23). The crucible was placed inside a silica ampoule
(QSILAG; Quarzschmelze, Ilmenau) and temporarily closed with a rub-
ber stopper. Outside the glovebox, the ampoule was evacuated, filled
with Ar to adjust the pressure to 200 mbar, and finally melt-sealed.
The sealed ampoule was heated to 850 °C (heating rate: 50 °C/h) in a
furnace and held at this temperature for 3 h. Afterwards the ampoule

86

was quenched in water to prevent the formation of other phases such
as transition metal oxides and selenides [6]. Finally, the ampoule was
opened inside the glovebox and the final product was used for further
characterization and measurements. A schematic diagram showing the
synthesis procedure is displayed in Fig. 1

2.2. Characterization

X-ray diffraction (XRD) studies were performed using a STADI P
diffractometer (STOE) in Debye-Scherrer geometry using Co K, radi-
ation (1 = 1.79026 A) and a Mythen 1K detector (Dectris). The sample
was placed into glass capillary inside the glove box and melt-sealed out-
side in order to prevent any air exposure during the XRD investigations.
Inductively coupled plasma optical emission spectroscopy (ICP-OES)
(iCAP 6500 Duo View, Fa. Thermo Fisher Scientific GmbH) was used for
elemental analysis. Differential thermal analysis (DTA) up to 1200 °C
was performed by means of a Setaram DTA92-2400 (alumina con-
tainer) under helium atmosphere (heating rate: 10 °C/min). Scanning
electron microscopy (Nova-NanoSEM 200) coupled with energy disper-
sive spectroscopy (EDS) was used to investigate the morphology and
composition of the compound. X-ray photoelectron spectroscopy (XPS)
was performed with a PHI 5600 spectrometer (Physical Electronics)
equipped with a hemispherical analyzer with 29.35 eV pass energy for
high resolution spectra, using monochromatic Al-K, radiation (200 W).
To prevent any air exposure the sample was transferred in a special
transfer chamber. The estimated spot size on the sample is about
0.4 mm. To avoid charging effects, an electron gun is used as a
neutralizer. All binding energies refer to the Li 1s peak at 54.0 eV.
Transmission Electron Microscopy (TEM) studies were conducted on a
FEI Titan 300-80 TEM with third-order spherical aberration correction.
The sample was loaded by direct contact onto Cu 300 mesh TEM grids
(Agar) and holey carbon film (Plano). High-resolution imaging was
performed at 300 kV.

2.3. Electrochemical studies

Electrochemical measurements were carried out using a VMP3 po-
tentiostat (BioLogic) at 25 °C. Slurry preparation as well as cell assem-
bly have been performed in an Argon-filled glovebox with controlled
humidity and oxygen concentration. Working electrodes were prepared
by mixing the active material 70%wt, carbon black (TIMCAL SUPER
C65) 15%wt, and 15%wt polyvinylidene fluoride (PVDF) in dry iso-
propanol using a Fisherbrand Model 120 before spreading the resulting
mixture onto a (@ = 10 mm) aluminum mesh (thickness 0.125 mm).
Afterwards the obtained electrodes were dried over night in vacuum,
pressed and dried again. The mass loading ranged between 3 and
4.5 mg cm~2. For assembling the cells, glass fiber (Whatman GF/D,
675 pm thickness) was used as the separator, pure lithium metal foil
(Aldrich) as the counter electrode and 1M LiPFy in a mixture of ethy-
lene carbonate and dimethyl carbonate (1:1 by weight) as electrolyte
[11]. Cyclic voltammetry (CV) and galvanostatic cycling measurements
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Fig. 2. XRD pattern of (Li,Fe)SeO (top) with the corresponding reference pattern (ICSD:
253937) [6] and a schematic image of the crystallographic unit cell.

with potential limitation (GCPL) in the voltage range 1 to 3 V were
performed in coin cell housing. A 3-electrode PAT-Cell from EL-CELL
was used for potentiostatic electrochemical impedance measurements
(PEIS). For the PEIS measurements, a small perturbation of 10 mV was
applied. In order to ensure the time invariance of the measurement
as well as a stable condition, an OVC (open circuit voltage) was per-
formed before each PEIS measurement. Note, the theoretical capacity
of (Li,Fe)SeO for the remove/introduce of 1 Li* is 162.8 mAh g 'and
we attribute the rate 1C to the charge/discharge current required to
remove/introduce 1 Lit from/into the antiperovskite material within
one hour.

3. Results and discussion

Fig. 2 shows the XRD pattern obtained on (Li,Fe)SeO produced by
the solid state reaction method. All diffraction peaks can be identified
at the expected Bragg positions for the cubic antiperovskite structure
with the Pm-3m space group. The XRD pattern does not indicate any
additional impurities within its detection limit. The XRD analysis (see
Supplemental Information) suggests high crystallinity of the material
and shows a large crystallite size combined with a low lattice strain.
We obtain the lattice parameter a = 4.0028(6) A which matches well
with the reported value (4.0025 1°\) [6].

The ICP-OES analysis of the sample (see Table S1) shows a good
agreement of the calculated elemental composition with the nominal
composition of the material. Two consecutive cycles of DTA measure-
ments confirm the congruent melting of (Li,Fe)SeO without indication
of intermediate phase decomposition/transition (see Fig. S2). Note,
that the absence of additional thermal processes in addition to main
melting/crystallization further confirms high purity of the obtained
sample. The DTA data imply a melting peak temperature at 1037(2) °C
and a crystallization peak at 1008(2) °C. This thermal behavior sug-
gests higher thermal stability of (Li,Fe)SeO compared to (Li,Fe)SO [6]
and coincides well with the reported thermal trend for the series
(Li,Fe)S;_,Se,O [10]. The better thermal stability may be attributed
to the higher tolerance factor (~0.897) of (Li,Fe)SeO compared to
(Li,Fe)SO (~0.85) [6,12].

3.1. Physicochemical properties

SEM images of (Li,Fe)SeO (see Fig. 3(a) and (e)) show that the
sample exhibits non-uniform particle shape with large size distribution.
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The particle size ranges from several tens of micrometers up to sub-
micrometer. Due to the high ionic conductivity of antiperovskites [13],
even micrometer-sized (Li,Fe)SeO particles can be used in actual elec-
trodes for lithium-ion batteries. A large particle size distribution in turn
allows for a high tapping density, which is one of the key criteria for
a positive industrial outlook [14]. In addition, a homogeneous distri-
bution of Fe, Se and O elements is observed from SEM-EDS mapping
images (as seen in Fig. 3 (b-d)), while Li could not be detected by EDS
due to its low radiation energy.

High-resolution TEM images (Fig. 4(a) and (b)) provide further
insight into the material under study. The images show lattice fringes of
the atomic planes of only few crystalline domains. However, the thick-
ness of the shown particle in some areas causes significant overlapping
of the lattice fringes of some domains stacked along the optical axis.
The average d-spacing for the (110) plane is found to be ~0.301(1) nm
which is larger than the expected value from XRD (0.28309(2) nm).

This discrepancy may be attributed to the effect of dislocations and
lattice strain on the lattice fringes as observed in the inverse Fourier
Transformation FFT in the inset of Fig. 4(a) and (b), which leads to
a slight error in the estimation of the d-spacing value from the TEM
images. In contrast, the average d-spacing for (210) is found to be close
(0.184(7) nm) to the expected XRD value (0.178992(9) nm). Regions
with unexpectedly large d-spacings (0.56(3) nm) appeared in a few par-
ticles. Such regions may suggest the presence of minor FeSe or FeSe,_,.
impurities. Due to their characteristic magnetic properties [15], from
magnetization data (see Fig. S3 in the Supplemental Information) we
infer the presence of small amounts of p—Fe,_,Se with x ~ 025
(<1 w%) and possibly y—Fe,_,Se with x ~ 0.13. The invisibility of such
impurities in the XRD pattern indicates their negligible content.

XPS analyses were performed to investigate the composition and
chemical states of the as prepared (Li,Fe)SeO. Fig. S4 shows the full XPS
spectrum with clear photoemission peaks for the expected elements.
The large background observed at high binding energies is attributed
to the increased effect of inelastic photoemission [16]. To get a deeper
insight into the oxidation states present, Fig. 5 displays the high resolu-
tion spectra of Li 1s, Se 3d and Fe 3p (a) and Fe (b). The similar binding
energies of Li 15, Se 3d and Fe 3p [17] and the observed strong merging
of them into only one clearly visible peak (see Fig. 5(a)), impedes
a precise quantification of the surface composition. This is especially
true since the relative sensitivity factor of Fe 3p is 30 times higher
than Li 1s which further complicates the separation process [18].
Nevertheless, the Li 1s peak at 54 eV was adjusted as reference for
charge correction which can result in underestimation of the observed
binding energies compared to the real ones. The Fe 2p high resolution
spectrum (Fig. 5(b)) shows two distinct features due to spin—orbit
splitting corresponding to Fe 2p;,, and Fe 2p, /,, respectively [18,19].
The clear appearance of satellite feature for Fe 2p, 2 combined with
multiple splitting of the Fe 2p, , and 2p;/, suggests a high-spin state
for Fe>* as reported previously for (Li,Fe)SO based on Moessbauer
spectroscopy [9,20]. To further analyze the selenium oxidation state
present in our (Li,Fe)SeO sample, Fig. 5(c) displays the high-resolution
Se 3p spectrum. Spin-orbit coupling leads to a splitting of the Se 3p
peak into two peaks at 160.12 eV (3p3/2) and 165.75 eV (3p1/2). The
observed binding energies of Se 3p;,, and Se 3p,/, are close to the
values reported for Se?~ in other compounds such as CdSe [21] and
ZnSe [22]. The slight difference between the here obtained binding
energies of Se 3p compared to the values of CdSe and ZnSe can be
attributed to the different chemical environment. This finding confirms
the existence of Se with oxidation state —2 in (Li,Fe)SeO. Accordingly,
the XPS results support the successful formation of (Li,Fe)SeO with
high spin Fe2+.
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Fig. 3. SEM images of (Li,Fe)SeO at low (a) and high (e) magnifications as well as (b-d) the EDS-mapping images corresponding to (a).

Fig. 4. TEM pictures and analysis of a representative (Li,Fe)SeO particle. (a) Survey
TEM image of one selected (Li,Fe)SeO particle and (b) enlarged section of the red
marked area in (a). The yellow dashed framed insets display the inverse FFT images
for specific regions. The d-spacing and the corresponding crystal planes are marked in
white. (For interpretation of the references to color in this figure legend, the reader
is referred to the web version of this article.)

3.2. Electrochemical performance

The electrochemical properties of (Li,Fe)SeO are investigated with
regard to its applicability as an cathode material in LIB. The cyclic
voltammograms in Fig. 6 demonstrate that (Li,Fe)SeO undergoes a
multistage Lithium extraction process (see the peaks O1, 02, O*) during
the first charge, which shares similarities with the behavior observed in
mixed phase (Li,Fe)S,_,Se, O [10]. The multistage oxidation behavior
observed can be traced back to cationic as well as anionic processes.
The first initial oxidation peaks O1 and O2 are typically assigned to
the two-stage cationic oxidation process Fe2+ to Fe3* [9,10,23]. In a
previous report on the related material (Li,Fe)SO, the high voltage

process O* was ascribed to the anionic process (S>"— S°) by means of
XPS and XAS studies [9]. Up to now this reaction could not be further
clarified and the reversibility of the process is also still under discus-
sion. During incorporation of Lithium (discharge), much broader peaks
(R1, R2, R3) appear in the cyclic voltammogramms. The main double
peak (R1/R2) at ~2 V can be attributed to the reversible reduction of
iron. Notably is the much smaller voltage difference between R1/R2
compared to the voltage difference of O1/02 in the oxidation cycle. In
addition, the low voltage region shows a small reduction peak R3 at
~1.5 V and an oxidation peak O3 at 1.7 V. The origin of these peaks
remains unclear, even though previous reports on similar compounds
(Li,Fe)SO (Li,Fey gMng 1)SO, (Li,Fej gCoq 1)SO and (Li,Feq sMng 5)SO
have already shown similar low voltage features [10,23,24]. In the
following cycles the reduction peaks (R1,R2,R3) and the oxidation
peak O3 increase in height without significant broadening. The high
voltage oxidation peaks however shift to lower voltages, broaden and
decrease in height, which indicates a changing reaction mechanism and
a different kinetics between charge and discharge. The hypothesis of
a different kinetics during charge/discharge is supported by the GITT
measurements on (Li,Fe)SO [9].

In Fig. 7(a) the superior performance of (Li,Fe)SeO is shown by a
rate capability test. It yields a reversible capacity of 150, 140, 125 and
100 mAh g~!, at currents rates of C/10, C/4, C/2, and C. When the
current density is set again to C/10 in cycle 40, the capacity reaches
again 150 mAh g~! which proves good reversibility of the (Li,Fe)SeO-
based electrodes. A deeper insight into the underlying processes and
their dependence on the charge/discharge rate is provided by the
potential curves in Fig. 7(b). The charge curve in cycle 5 recorded at
the current rate of C/10 shows that approximately a capacity of 50 mAh
g~! is converted within the low voltage process O3 below 2 V while a
capacity of 100 mAh g~! is associated with the high voltage processes
(above 2 V) 01, 02, and O*. With increasing current, the capacity

(a) Li1s/ Fe 3p/ Se 3d (b)
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Fig. 5. High-resolution (Li,Fe)SeO XPS spectra for (a) Li 1s, Se 3d and Fe 3p, (b) Fe 2p and (c) Se 3p.
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associated with the high voltage processes increases (~67% at C/10
to ~79% at 1 C) indicating the high voltage processes to exhibit faster
kinetics then the low voltage ones. Returning to a rate of C/10 in cycle
45 results in an increase of the contribution of the low voltage process
at the expense of the high voltage one. This observation suggests that
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the capacity fading is mainly attributed to the high voltage processes
01, 02, and O* as these processes show a regression during cycling.

Long-term galvanostatic cycling performance of (Li,Fe)SeO-
cathodes at C/10 is displayed in Fig. 8(a) where dis-/charge capacities
are presented. (Li,Fe)SeO shows an initial charge/discharge capacities
of 128/164 mAh g~!. In the next 10 cycles the converted capacity
increases to around 170 mAh g~!. Thereafter, a slight monotonous
decrease in converted specific capacity to 139 mAh g~! in cycle 100 is
observed. The large difference between charge and discharge capacity
in the first cycle is also evident in the Coulombic efficiency, which is
for the first cycle 126%. Values over 100% strongly point to an irre-
versible process happening in the first cycle. Afterwards the Coulombic
Efficiency decreases to a value slightly above 100% demonstrating the
stability of (Li,Fe)SeO.

Fig. 8(b) compares the relative specific capacity (Q experimen-
tal/theoretical) of (Li,Fe)SeO (current study) with the reported
(Li,Fe)SO antiperovskite cathode [9] during removal/insertion of Li
into the corresponding structure. Fig. 8(b) reveals that although
(Li,Fe)SO can initially (first five cycles) insert/extract more lithium
than (Li,Fe)SeO, (Li,Fe)SeO is significantly more stable. (Li,Fe)SeO
demonstrates the possibility to reversibly remove/insert 0.85 lithium
even after 100 cycles, which is superior to 0.6 found for (Li,Fe)SO in
cycle 50. Consequently, the results show that (Li,Fe)SeO is a compet-
itive antiperovskite cathode material particularly in terms of cycling
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stability and volumetric capacity. The observed higher stability of
(Li,Fe)SeO upon cycling is accompanied by the higher structural stabil-
ity of (Li,Fe)SeO compared to (Li,Fe)SO. The intrinsic higher structural
stability of selenium containing li-rich antiperovskites is also reinforced
by the higher Goldschmidt factor as well as thermal analysis and XRD
studies in air [10]

Further insight into charge storage during cycling can be obtained
from the potential profiles in Fig. 8(c). The curves show that the
increase in the converted capacity in the first 10-15 cycles can be
attributed to the low voltage process. The following decrease in the
achieved charge capacity from cycles 15 to 50 is ascribed to the decline
of the high-voltage anionic selenium reaction. The slight decrease in
converted capacity in cycles 50 to 100 is associated with the whole
charging regime with however still a dominant loss in the anionic high
voltage region. Sulfur-containing lithium-rich antiperovskites display
an even higher loss in the high voltage anionic reaction, which is
displayed in the CV [24] and potential profiles [23] of sulfur-containing
lithium-rich antiperovskite cathodes. The higher electrochemical reac-
tivity of sulfur also explains the initially higher storage per formula unit
of (Li,Fe)SO. We therefore attribute the superior cycling stability of Se-
containing lithium-rich antiperovskite cathodes to the less pronounced
anionic reaction of selenium compared to sulfur in this materials [25].
The conclusion that the sulfur/selenium reaction is of great importance
is furthermore supported by studies on (Li,Fe)S;_,Se,O [10] which
show a shift of the high voltage peak in the reported first cycle CV as a
function of selenium content, i.e., the anionic reaction in the first cycle
distinctly changes with x. The high-voltage anionic reaction is hence
critical for the obtained electrochemical performance. Introducing ad-
ditional protective coating or the use of different electrolytes could
enhance the stability further. A further comparison of our work in terms
of electrochemical performance and especially of cycling stability with
the recently reported lithium-rich antiperovskites cathodes [10] is not
applicable. The here presented galvanostatic study applies a standard
protocol as described above which is in contrast to the cycling protocol
used in the previous reports [10] where the maximum capacity seems
to be limited to a theoretically predicted decomposition value [26].
The latter approach may lead to a severe overestimation of the cycling
stability so that comparison of the electrochemical performance from
Ref. [10] with our data is not feasible.?

To examine the kinetics present in (Li,Fe)SeO in more detail, poten-
tiostatic electrochemical impedance measurements (PEIS) were carried
out at a specific state of charge in different cycles at frequencies
between 200 kHz and 5 mHz (see Fig. S5). The corresponding Nyquist
plots as well as the fits applied to the data using the Z Fit function
of the EC-Lab (Bio-Logic) software are presented in Fig. 9. Qualitative
analysis by fitting the data with the corresponding equivalent circuit
(see Fig. S6) enables to evaluate the impact of cycling on the electrolyte
resistance R,, on the charge transfer resistance between electrolyte
and electrode material R, and on the double layer capacitance Cy.
The obtained fit parameters are listed in the table S2. After OCV, the
Nyquist diagram exhibits a small depressed semicircle in the high to
medium frequency range representative for charge transfer followed by
a steep rise in the low-frequency range, whose slope is representative
for the diffusion impedance of Lit ions inside the cathode. Qualitative
analysis yields an electrolyte resistance of 2.0(3) Q, a rather small
charge transfer resistance of 15.4(4) Q and a double layer capacitance
of 3.2(3) pF. After one cycle the impedance response of (Li,Fe)SeO is

2 Specifically, in our protocol there are no predefined constraints regarding
the converted capacity. When limiting the maximum capacity to a defined
value, in an initial cycling regime the experimentally obtained capacity values
may just reflect the chosen constraint parameters. Even though, the limitation
of the capacity may not prevent irreversible processes in general but rather
allows them to gradually proceed while the protocol yields seemingly stable
capacity values.
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practically unchanged with respect to R, and C,; while R, strongly
increases to around 98 Q. This strong increase of R, implies a major
change of (Li,Fe)SeO in the first cycle. After cycle 2, the PEIS data
again confirm quasi unchanged R, and Cg values and a further, but
significantly smaller increase of R, to ~115 Q indicating further slight
change of (Li,Fe)SeO. Examination of the measured low-frequency
impedance response, which reflects the diffusion, reveals a significantly
higher slope than the 45-degree slope predicted by the Warburg el-
ement. The higher slope of the measured low frequency impedance
after OCV indicates that ion diffusion in (Li,Fe)SeO is likely multi-
dimensional [27]. During cycling, a flattering of the slope of the low
frequency response during cycling is visible which is indicative for
structural change. Again the most significant change occurs within the
first cycle. In conclusion, the PEIS Data demonstrated that (Li,Fe)SeO
undergoes strong structural changes during the first cycle and then
stabilizes more and more. The observation of structural changes during
the first cycle is consistent to data shown in previous reports [9,24].

4. Conclusions

In summary, phase pure (Li,Fe)SeO was synthesized via a solid-state
method with particles in the range of several tens of micrometers up
to sub-micrometer in size. A thermally stable behavior with congruent
melting is confirmed by differential thermal analysis. Electrochem-
ical characterizations demonstrate a multistage extraction/insertion
mechanism of (Li,Fe)SeO based on cation Fe as well as anion Se
activity. Further electrochemical performance test on (Li,Fe)SeO dis-
played not only a high current capability of 100 mAh g~! at 1 C but
also high cycling stability cooperated by high coulombic efficiency.
These promising results persist leading to an overall superior cycling
stability and storage per formula unit of (Li,Fe)SeO compared to its
isostructural (Li,Fe)SO. In addition, the electrochemical impedance
spectroscopy measurements shed a light onto the kinetics of (Li,Fe)SeO
and the respective changes during cycling. The results displayed major
structural change primarily in the first cycle with a strong trend in
the next cycle towards more structural stability. The here realized
electrochemical performance makes the antiperovskite (Li,Fe)SeO a
competitive cathode material for Lithium ion batteries and nominates
Se containing antiperovskites for further optimization and investiga-
tions. One attractive option for further improvement involves reduction
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of the particle size to shorten the ionic diffusion length inside the bulk
cathode, and hence, improve the ionic conductivity for high current
rate applications.
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Table S1: ICP-OES results for (LizFe)SeO

compound Mass % Molar ratios®
Li Fe Se Li Fe Se (0]
(LigFe)SeO | 7.964 0.17 | 33.684+0.67 | 45.544+1.2 | 1.874+0.041 | 1.012+0.02 | 1.044-0.026 | 1.067

'Molar ratios are scaled to sum up to about 5

(111) 0,0016

Intensity (a.u.)

\ slope= (5.82007x10)+(3.73743x10°%)
- A - o intercept= (- 3.44502x10%)£(8.83917x10%)

44 45 46 47 0,5 1,0 1,5 2,0 2,5 3,0 35
20 (degree) 4 sind

Figure S1: Voigt fitting (left) for (111) plane and W-H plot (right) for (LioFe)SeO compound. Direct application of scherrer’s equation to
calculate the crystallite size is based on determination of the peak full width at half maximum (FWHM), excluding the instrumental effect
and then presuming that all residual broadening comes only from the crystallite size. This simplification is only valid in specific cases where
the crystallite size has the major effect on the peak broadening such as nanoparticles. However, in most cases, disregarding the effect of
lattice strain is not correct and results in underestimation of the crystallite size. To overcome this issue, Williamson-Hall (W-H) model is
used. According to that model, the lattice strain and crystallite size are independent and the total peak broadening can be represented as:
Brit cos(Opkr) = % + 4esin Oy where By is the FWHM after excluding the instrumental effect, 6%; is the Bragg angle, k is the shape
factor, A is the wavelength for the XRD source, D is the crystallite size and € is the lattice strain. It was found that all XRD diffraction peaks
fit non-linearly well with the Voigt function as highlighted for (111) peak in Fig. S1. Therefore, this function was used for estimating the
average full width at half maximum (FWHM) and then the instrumental broadening was excluded by recording the XRD data for a standard
Si and then eliminated from the observed pattern. By plotting a graph between Bxx; cos(fpk;) and 4 sinfpy; , D and € can be estimated from
the y-intercept and the slope of the straight line, respectively as seen in Fig. S1. W-H plot gave unphysical value of the crystallite size of —
519 nm while Sheerer’s equation yielded a crystallite size of ~ 260 nm. This negative value for the crystallite size results from intrinsic errors
in case of large crystallite size that can lead W-H line intercepts negative value of the y axis[1] . The lattice strain (€) was extracted from

W-H plot to be ~ 0.00058. This finding of large crystallite size combined with low lattice strain reflects the high crystallinity of the obtained
sample.

0.1. Voigt function

Voigt function represents a combination of Gaussian (strain effect) and Lorentzian (crystallite size effect) functions.
Based on this function, the full width at half maximum (FWHM) can be calculated as follows|[2]:

Bo = 05346 x Wy, +1/(0.2166 x W2 + W) (1)

where S is the (FWHM), W, is the Gaussian width and W is the Lorentzian width. The broadening due to instrument
(B;) is excluded by recording XRD data for a standard material and then using this expression:

Bhkt = \/(ﬂo — B:) (B3 — B2)0° (S2)

93



0.2. Williamson-Hall (W-H) model [2]:

The average crystallite size (D) can be estimated from Scherre’ s equation as follows:

R
~ Bpcos(Onw)

Where D is the crystallite size, k is the shape factor, A is the wavelength for the XRD source, Sp is the broadening
due to crystallite size and g is the Bragg angle. While the lattice strain is given by Wilson equation as follows:

o B
4tan(9hkl)

D (S3)

(S4)

Where f,. is the broadening due to lattice strain. According to W-H model[2], the total XRD broadening (Spx;) due
to both crystallite size and lattice strain can be given by simple addition as:

Brki = Bp + Be (S5)

By substituting equations S3 and S4 in S5, the following expression can be obtained for W-H model:

kA .
5hkl COS(Qhkl) = 5 + 4e sm(@hkl) (86)

By plotting a graph between B cos(0nk) and 4 esin(fnx;), D and € can be estimated from the y-intercept and the
slope of the straight line, respectively.
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Figure S2: DTA thermograms during the 1°% and 27¢ cycles for (LizFe)SeO compound. Thermogram revealed a congruent melting for
(LigFe)SeO without any intermediate phase change. Indeed, this finding agrees with the reported thermal behavior for (LizFe)SeO [3].
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Figure S3: Magnetization of (LizFe)SeO vs. temperature at B = 0.1 T (a), and vs. magnetic field at 7= 2 K (b). The data indicate a small
ferrimagnetic impurity phase of S—Fe;_zSe with z & 0.25 (Tc ~ 320 K; < 1w%) and suggest an antiferromagnetic transition around 130 K
indicative of y—Fe1_,Se with z ~ 0.13 [4]
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Figure S5: Voltage vs. time illustrating the specific state of charge where the PEIS measurements presented in have been performed. The
colours have been used to display the charge/discharge process in front of the corresponding PEIS measurement. The numbers show where
the PEIS measurements have been done.
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Figure S6: Equivalent circuit used to model the measured impedance. Re reflects the electrolyte resistance, Rct and Qct the charge transfer
contributions.

Table S2: Best fitting parameter obtained by modelling shown PEIS data by means of the equivalent circuit Fig. S6. The parameters reflect
the average values with standard deviation from three fits with slightly different boundaries.

R Rt C
S0C @ (@ (0w
OCV 2.0(3) 15.4(4) 3203

3.2(3)
after first cycle 1.3(5)  98(1) 3.1(1)
after second cycle || 1.3(3) 115(1) 3.4(1)
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4.2 Elucidating the electrochemical reaction mecha-
nism of lithium-rich antiperovskite cathodes for lithium-

ion batteries as exemplified by (LiyFe)SeO

Autoren:

Lennart Singer, M.A.A. Mohamed, Henrik Hahn, Ignacio G.
Gonzalez-Martinez, Martin Hantusch, Bernd Biichner, Silke Hampel, Nico

Grafler, Riidiger Klingeler
Akzeptiert vom Journal of Materials Chemistry A

L. Singer ist zusammen mit M.A.A. Mohamed (IFW Dresden) zu gleichen Teilen Erstautor
des Artikels. L. Singer hat den Abstract, die Einleitung, das Kapitel zu den elektrochemi-
schen Eigenschaften und die Zusammenfassung sowie zusammen mit M.A.A. Mohamed
den Abschnitt tiber die physikalischen Eigenschaften erstellt. L. Singer fertigte die finalen
Abbildungen 1, 3, sowie Abbildung 4-7, S4, S6-S7 und S9-S11 sowie zusammen mit M.A.A.
Mohamed den graphical Abstract an. L. Singer hat folgende experimentelle Arbeiten und
Analysen durchgefiihrt:

o Analyse der Rontgendiffraktometrie (XRD), Transmissionselektronenmikroskopie
(TEM) und Réntgenphotoelektronenspektroskopie (XPS) (zusammen mit M.A.A.
Mohamed)

o Magnetische Messungen: Durchfithrung und Analyse

 Elektrochemische Untersuchungen (CV, GCPL): Durchfithrung und Analyse entweder

alleine oder zusammen mit dem von ihm angeleiteten Bachelorstudenten H. Hahn.
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Beitrag der Koautoren:

M.A.A. Mohamed: Synthese der Materialien sowie XRD, DTA, SEM-Messungen (Abb.1,3
sowie S2, S3, S5, S8). Verfassen der Synthesebeschreibung sowie zusammen mit L. Singer

der physikalischen Charakterisierung.
I.G. Gonzalez-Martinez: TEM-Messungen (Abb. 4).
M. Hantusch: XPS-Messungen (Abb. 5,54).

H. Hahn: Unter der Anleitung von L. Singer Mitarbeit an den elektrochemischen Messun-

gen.

B. Biichner, S. Hampel: Projektplanung, Beratung bei den Experimenten bzw. Diskus-

sion der Ergebnisse.

R. Klingeler und N. Grissler: Projektplanung und -leitung, Beteiligung an der Inter-

pretation und Beitrag zur Finalisierung des Manuskriptes.
Korrespondenz mit den Gutachtern: L. Singer, R. Klingeler.

Alle Autoren haben das Manuskript Korrektur gelesen.
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We report in the context of lithium-rich antiperovskite cathode materials outstanding electrochemical
DOI: 00.00 00/XXXXXXXXXX . . . . . . T o .
properties of (LioFe)SeO, which for the first time was synthesized via direct ball-milling. The unique
structured material displays a electrochemical cycling performance of 250 mAh g=! at 0.1 C when
used as a cathode in lithium-ion batteries. Comprehensive electrochemical analysis combined with
detailed transmission electron microscopy studies reveal that, above 2.5 V, the multi electron storage
mechanism involves conversion of (LipFe)SeO to Fe;_,Se,. Our results furthermore demonstrate the
general relevance of our findings to the whole class of antiperovskite cathode materials and present

a route to strongly enhance their cell performance by avoiding the degradation path deciphered by

our studies.

1 Introduction

The recent discovery of lithium-rich antiperovskite with the gen-
eral formula (Li,TM)ChO (TM = Fe, Mn, Co; Ch = S, Se) has
extended the field of cathode materials for lithium-ion batter-
ies (LIB). The new class of lithium-rich antiperovskites exhibits
promising properties like low cost, non-toxic raw materials used,
high lithium-diffusion and the possibility of multi-electron stor-
age per formula unit which renders them a promising alternative
cathode material for LIB1-2. Among them, based on its superior
multi-electron storage and cycling stability, selenium-containing
lithium-rich antiperovskites such as (Li;Fe)SeO are regarded as
particularly compelling, competitive cathode candidates. The full
potential of antiperovskite-based cathodes could however, up to
now, not completely be unleashed 2. Two major obstacles are re-
straining the antiperovskite cathodes. First, the high-temperature
solid-state synthesis method previously applied yields rather large
particles, which in turn limits the high-current capability, and
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the synthesis technique is difficult to scale up®. Second, while
high-voltage anionic electrochemical activity limits the accessi-
ble capacity, the associated processes are yet unclear which hin-
ders the development of appropriate strategies to overcome this
issue. Our approach to surpass these barriers exploits a novel
mechanochemical synthesis method for the lithium-rich antiper-
ovskite (Li;Fe)SeO which is based on direct ball milling. This
method benefits from a controllable, low-temperature, solvent-
free process and can be easily scaled-up to the industrial level.
Mechanochemical synthesis furthermore allows to vary the syn-
thesis parameters in a wide regime and thereby to tune relevant
material properties such as the particle size®. This is particu-
larly relevant as the particle size is directly linked to the required
ion transport lengths so that tuning the size in turn yields signif-
icant changes of the electrochemical properties’. Importantly,
a more detailed look at the occurring high-voltage processes is
provided by our purposefully fabricated, unique (Li,Fe)SeO sam-
ples, elucidating the mechanism of multi-electron storage of the
lithium-rich antiperovskites. In the previous literature, lithium
storage was discussed as a multi-electron storage process in-
volving cationic and anionic contributions®*10, In particular,
(LipFe)SO, (LipFe)SeO, and the mixed systems (Li,Fe)S;_,Se,O
have been studied. By means of in-situ XAS, in-situ XRD and
Mossbauer spectroscopy, the first two oxidation peaks in the cy-
clovolta mmograms were attributed to the oxidation of Fe>* to
Fe3* 2. In contrast, the exact anionic process associated with sul-
fur/selenium has not been fully elucidated despite many investi-
gations. Mikhailova et al.2 have proposed that in the region of

Journal Name, [year], [vol.], 119 |1
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high voltages (~2.9 V) an anionic sulfur reaction S2 to SO takes
place. The data however did not allow to unambiguously con-
clude whether this involves an irreversible phase transformation
of the antiperovskite (formation of pure amorphous sulfur), or a
reversible reaction of the antiperovskite material itself2. Further
investigations on this issue are essential as knowledge of the com-
plete underlying reaction mechanism is of utmost importance for
possible improvement of the electrochemical performance.

Here, we report on two differently synthesized (Li,Fe)SeO ma-
terials with different physical and electrochemical properties. Our
studies on the one hand yield insight into the effect and the
great potential of mechanochemical synthesis and, on the other
hand, elucidate the electrochemical reaction mechanism of an-
tiperovskites in general. The mechanisms are studied by compre-
hensive electrochemical analyses with a particular focus on the
distinct electrochemical processes and their interrelationships ac-
companied by in-depth transmission electron microscopy. Com-
paring studies on (Li;Fe)SO and (Li,Fe)SeO show that our find-
ings concerning the high-voltage process can be generalised to
the whole class of antiperovskites. The such obtained knowledge
on the influence of the high voltage process yields a strategy to
strongly improve cycling stability and high current capability as
demonstrated by our studies on (LipFe)SeO. In particular, the here
presented (Li,Fe)SeO does not only display high specific capacity
of 250 mAh g~! at 0.1 C but also exhibits outstanding high-
current performance of 150 mAh g~! after 100 cycles at 1 C.
Our results hence show the route to improve lithium-rich antiper-
ovskites cathode materials in general, thereby opening the field
for further research and improvements in this whole class of ma-
terials.

2 Experimental section

Synthesis

Quantities of Li,O, Fe and Se as starting materials (purchased
from Alfa Aesar), were loaded into a stainless-steel jar inside an
argon-filled glovebox according to the desired stoichiometry. The
mixture (in total 2 g) was ball-milled using high-energy SPEX
SamplePrep 8000D with hardened stainless-steel balls (2 balls 12
mm diameter and 2 balls 6 mm diameter) for 8 h. The powder-
to-ball mass ratio was ~1:10. After milling, the jar was opened
inside the glovebox and a black powder was taken out for further
characterization. For the heat treatment of the sample after ball
milling, a certain amount of the sample was filled in a corundum
crucible (Aliaxis, Frialit-Degussite, AL23) in the glovebox. The
crucible was placed into a silica tube (QSILAG; Quarzschmelze,
Ilmenau) and temporarily closed with a rubber stopper. Out-
side the glovebox, the tube was evacuated to a pressure of less
than 103 mbar, refilled with Ar to adjust the internal pressure to
0.2 bar, and sealed with a gas burner. Finally, the closed ampoule
was placed into a furnace and heated up to 600 °C (heating rate:
50 °C h™!) for 3 h. The materials obtained by ball milling will be
labeled by the suffix >-BM’ (i.e., (Li;Fe)SeO-BM) and the potential
post-heat treatment temperature may be added, i.e., (Li;Fe)SeO-
BM600 refers to a ball-milled material subsequently heated at
600 °C.
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X-ray diffraction (XRD)

The purity and crystallinity of the prepared (LiFe)SeO sam-
ples were studied by XRD (STOE STADI P diffractometer) us-
ing Debye-Scherrer mode with Co K, radiation source (A =
1.788965 A) and a Mythen 1 K detector (Dectris). To prevent
any air exposure during XRD measurements, the samples were
filled into glass capillaries (diameter: 0.6 mm) inside the Ar-filled
glovebox and subsequently melt-sealed outside. The XRD pat-
terns were fitted by Voigt function and the sample broadening S
was derived by subtracting the instrumental broadening f; from
the total broadening f; as described elsewhere!l. The average
crystallite size (Dxrp) was calculated from Debye-Scherrer equa-
tion Dxrp = KA /Bscos(0), where K is the shape factor, A is the
wavelength of the XRD source, f3; is the full width at half maxi-

mum, and 6 is the Bragg position 12.

Elemental analysis

To estimate the stoichiometry of the produced compositions in
terms of molar ratios of the elements, inductively coupled plasma-
optical emission spectroscopy (ICP-OES) (iCAP 6500 Duo View,
Fa. Thermo Fisher Scientific GmbH) was used.

X-ray photoelectron spectroscopy (XPS)

X-ray photoelectron spectroscopy (XPS) was performed with a
PHI 5600 spectrometer (Physical Electronics) using monochro-
matic Al-K, radiation (250 W) equipped with a hemispherical
analyzer with 29.35 eV pass energy for high-resolution spectra.
To prevent any air exposure the sample was transferred from the
glovebox to the XPS device in a special transfer chamber. The
estimated spot size on the sample is about 0.4 mm. To avoid
charging effects, an electron gun is used as a neutralizer for each
measurement.

Electron Microscopy

Scanning electron microscopy (Nova-NanoSEM 200) coupled
with energy dispersive spectroscopy (EDS) was used to evalu-
ate the morphology and composition for the compounds under
study. High-resolution transmission Electron Microscopy (HR-
TEM) studies were performed using a FEI Titan 80-300, equipped
with a C; corrector and operated at 300 kV. The sample was
loaded by direct contact onto Cu 300 mesh TEM grids (Agar) and
holey carbon film (Plano). For monitoring the micro-structural
changes of (Li,Fe)SeO during cycling, TEM images were acquired
using a FEI Titan 80-300 transmission electron microscope, re-
spectively. The d-spacings between the atomic fringes in TEM
images were evaluated using Digital Micrograph software from
Gatan 3. For each crystalline domain, the average value for the d-
spacing was calculated from multiple lines at various locations. As
uncertainty, the maximum deviation of the measured d-spacings
to the mean was used. The cycled electrodes were disassembled
in an Ar-filled glovebox, washed with ethylene carbonate, and
then dried overnight. To prevent air exposure the sample was
transferred from the glovebox to the device in a special air-tight
transfer box.



Magnetic measurements

Magnetic measurements were performed on (Li;Fe)SeO pow-
der samples using an MPMS3 magnetometer (Quantum Design).
Magnetisation was measured by varying the temperature between
2 and 300 K using zero-field-cooled (ZFC) and field-cooled (FC)
protocols at 0.1 T. Isothermal magnetisation was studied at 2 K
in magnetic fields up to +7 T.

Thermodynamic investigations

Differential thermal analysis (DTA) up to 1200 °C was performed
by means of a Setaram DTA 92-2400 (alumina container) under
helium atmosphere (heating rate: 10 °C min~!).

Surface area analysis

N, adsorption/desorption measurements of the samples were
conducted to analyse the surface area using ASAP 2460 at a rela-
tive pressure of P/Po = 0.1 - 1.0. Prior to the measurements, sam-
ples were degassed at 100 °C under vacuum for 12 h. The specific
surface area was calculated by the Brunauer-Emmett-Teller (BET)
method.

Electrochemical measurements

Electrochemical measurements were carried out using a VMP3
potentiostat (BioLogic) at 25 °C. Slurry preparation as well as cell
assembly have been performed in an Argon-filled glovebox with
controlled humidity and oxygen concentration due to the mois-
ture sensitivity of (Li,Fe)SeO. Working electrodes were prepared
by mixing the active material (70%wt), carbon black (15%wt)
and polyvinylidene fluoride (PVDF, 15%wt) in dry isopropanol.
Afterwards the resulting mixture was spread onto a (@=10 mm)
aluminum mesh (thickness 0.125 mm). The obtained electrodes
were thereafter dried overnight in vacuum, pressed and dried
again. The active material mass loading ranged between 3 and
4.5 mg cm~2. During cell assembly Glass fiber (Whatman GF/D)
as the separator, pure lithium metal foil (Aldrich) as the counter
electrode and as electrolyte 1M LiPFg in a mixture of ethylene car-
bonate and dimethyl carbonate (1:1 by weight) have been used.
Cyclic voltammetry (CV) and galvanostatic cycle measurements
with potential limitation (GCPL) were performed in a coin cell
housing (see!#). Note, the theoretical capacity of (LiyFe)SeO
for the remove/introduce of 1 Lit is 162.8 mAh g~! and we
attribute the rate 1 C to the charge/discharge current required
to remove/introduce 1 Lit from/into the antiperovskite material
within one hour.

3 Results and discussion

3.1 Structure, morphology, and composition

Figure 1 displays the XRD patterns of the mechanochemical syn-
thesized (Li;Fe)SeO-BM and (LiyFe)SeO-BM600 together with
the reference pattern of (Li;Fe)SeO!. For both samples, all ob-
served peaks correspond to the cubic antiperovskite structure
with Pm-3m space group. The absence of any additional peak
in both patterns excludes, within the detection limit, the pres-
ence of crystalline impurities in both (Li;Fe)SeO samples. The
heat treatment leads to an increase in the crystallinity as evident
from the higher signal-to-noise ratio for (Li;Fe)SeO-BM600 com-
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Fig. 1 XRD patterns of (Li;Fe)SeO-BM and (Li,Fe)SeO-BM600 as well
as the reference pattern for (Li;Fe)SeO?!.

pared to (LipFe)SeO-BM. The lattice parameter in (Li,Fe)SeO-BM
amounts to 4.009(2) A which slightly decreases upon subsequent
heat treatment to 4.005(1) A in (LiFe)SeO-BM600. Both values
agree well with 4.0025(3) A reported for (Li,Fe)SeO prepared by
solid-state reaction!. The small reduction of the lattice parameter
upon heat treatment can likely be attributed to strain relaxation
and the vanishing of intrinsic defects such as stacking faults and
grain boundaries. By considering the peak broadening and using
Debye Scherrer formulal2, the crystallite size of 5.2(9) nm for
(LiFe)SeO-BM and 41(2) nm for (Li;Fe)SeO-BM600 was calcu-
lated; the changes upon heat treatment coincides with the expec-
tation on thermal grain-size growth.

To further confirm the formation of (Li;Fe)SeO and to exclude
the presence of other oxidation states, XPS analyses were carried
out on (Li;Fe)SeO-BM and (Li;Fe)SeO-BM600. The full XP sur-
vey spectra (see Fig. S1 in the Supplemental Material) for both
samples confirm the presence of Li, Fe ,Se , and O with only a
slight contribution of adsorbed atmospheric carbon, which is typ-
ical and hard to avoid '>. For further insight, Fig. 2 shows high-
resolution spectra of (a) Li 1s, Se 3d and Fe 3p (b) Fe 2p and
(c) Se 3p, Se LMM Auger-peak, and (d) O 1ls. The measured
spectra in Fig. 2a consist of a combination of the Li 1s, Se 3d,
and Fe 3p lines which are all in the energy range between 53
and 56 eV10. Due to the strong mixing of these lines, into only
one clearly visible peak, it is not possible to accurately quantify
the actual surface composition and oxidation state of these ele-
ments from the recorded spectra. The fact that the relative sen-
sitivity factor of Fe 3p is 30 times higher than for Li 1s further
hinders separation1”. Fig. 2b presents the Fe 2p spectra and their
splitting into two characteristic peaks at 709 eV (Fe 2p3/,) and
722.2 eV (Fe 2py ) due to spin-orbit coupling. The clearly visi-
ble satellite features at higher binding energies compared to the
main Fe 2p3/; and Fe 2p, peaks strongly suggest the high-spin
state of Fe?t in both materials under study181°. For both mate-
rials, the Se 3p and Se LMM peaks shown in Fig. 2c appear in
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Fig. 2 High-resolution XP spectra of (Li;Fe)SeO-BM and (Li,Fe)SeO-
BM600 of the (a) Li 1s, Se 3d and Fe 3p, (b) Fe 2p, (c) Se LMM
Auger-peak, and (d) O 1s.

the energy range from 155 €V to 185 €eV. The very similar spec-
tra indicate that heat treatment at 600 °C does not significantly
affect the selenium oxidation state. The measured binding ener-
gies of Se 33 (160.2 ev) and Se 312 (165.8 eV) are close to
reported values for Se?~ in CdSe 20 and ZnSe 2!, thereby con-
firming the oxidation state -2 of selenium in both materials stud-
ied at hand. The O 1s spectra of (Li;Fe)SeO-BM and (Li,Fe)SeO-
BM600 are separated into two peaks, i.e., Oy and Oy (see Fig. 2d).
The first peak (Op) appears for both materials at 529.8 eV, while
Oq locates at 531.9 eV for (Li;Fe)SeO-BM and at 531.5 €V for
(Li;Fe)SeO-BM600. We attribute Oy to the oxygen lattice, while
Oy most likely corresponds to chemisorbed oxygen species®2.
The higher relative expression of Oy for (Li;Fe)SeO-BM may in-
dicate a higher amount of absorbed oxygen species due to the
smaller particle size and higher specific surface of the material.
The hypothesis of a higher specific surface area of (Li,Fe)SeO-
BM compared to -BM600 was confirmed by N, adsorption mea-
surements (see Fig. S2), which show that while both materials
exhibit a low surface area, (LiFe)SeO-BM, with 1.2(4) m? g~!,
has more than twice the surface area of -BM600, with 0.5(1) m?
g~1. The XPS analysis in summary confirms the successful for-
mation of (Li;Fe)SeO in both materials. In addition, we observe
quasi-identical XP spectra which imply no significant differences
in the oxidation states of the contained Se, Li, Fe, and O due to
heat treatment. In particular, our data exclude the presence of
impurities with different oxidation in both samples.

The morphology and micro-structure of (Li;Fe)SeO-BM and
(Li;Fe)SeO-BM600 are investigated by SEM and TEM images (see
Fig. 3). The SEM image of (Li,Fe)SeO-BM (Fig. 3a) displays irreg-
ular, nearly spherical dominantly sub-micrometer-sized primary
particles. Compared to (Li;Fe)SeO prepared by solid-state syn-
thesis 23, (LiyFe)SeO-BM displays a strongly reduced particle size
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along with a narrower size distribution. In addition, minor par-
ticle agglomeration is visible in the SEM images of (Li,Fe)SeO-
BM which we attribute to the cold welding phenomenon during
the milling process24. Additional heat treatment leads to strong
sintering of the primary fine particles into larger agglomerates
(see Fig. 3e of (Li;Fe)SeO-BM600) which we attribute to the Ost-
wald repining effect?>. To confirm the uniform distribution of
the elements and the nominal composition, EDS measurements
were performed as shown in Fig. S3 and Fig. S4. The EDS anal-
yses reveal uniform distribution of the elements and that both
(LipFe)SeO-BM and (Li;Fe)SeO-BM600 consist entirely of Fe, Se,
and O with comparable relative atomic percentages coinciding
with the expected stoichiometry. Moreover, no indication of impu-
rities or contamination are detected. The stoichiometric composi-
tion of the material is further proven by ICP-OES analysis whose
results are presented in Table S1 in the Supplemental Material.
The good agreement between the measured and nominal values
in addition excludes non-stoichiometric extraneous phases.

TEM images in Fig. 3 provide a closer insight into the morphol-
ogy and lattice spacings of (Li;Fe)SeO-BM (b-d) and (LiFe)SeO-
BM600 (f-h). The selected area electron diffraction (SAED) pat-
tern of (Li;Fe)SeO-BM (inset of Fig. 3b) shows that the Bragg
peaks are arranged in circles of different diameters. We conclude
that the SAED spot area covers several crystallites which is in
agreement with the cristallite size of dxgp ~ 5 nm obtained from
the Scherrer analysis as well as from crystalline regions in Fig. 3c.
The TEM images of (Li;Fe)SeO-BM furthermore reveal not only
multiple crystallites inside a given mircoscaled particle, they also
show the existence of two kinds of crystalline regions. The dom-
inant one (Fig. 3c) consists entirely of crystalline domains re-
lated to the (Li;Fe)SeO phase, as evidenced by the appearance
of average interplanar spacing of 0.21(1) nm and 0.29(1) nm
between the atomic fringes corresponding to (200) and (110)
planes of (Li;Fe)SeO. The data also indicate a second kind of
crystalline regions in (LiyFe)SeO-BM (see Fig. 3d) that clearly dif-
fer from the d-spacing values of the (Li,Fe)SeO phase (Fig. 3d).
Specifically, the observed d-spacings between 0.54 to 0.56, and
0.31(1) nm can not be associated with the (Li,Fe)SeO phase so
that we conclude the presence of an impurity phase. As the asso-
ciated layer distances of 0.55(2) and 0.31(1) nm deduced from
Fig. 3d match well with the (001) and (101) spacings in tetrag-
onal FeSe20, we infer the presence of a FeSe impurity phase in
(LipFe)SeO-BM. Note, that crystalline regions with spacings of
0.29(1) and 0.19(1) nm could either correspond within the un-
certainty to the (110) and (200) planes in (LiFe)SeO or to the
(002) and (112)/(200) planes of FeSe. In addition, the pres-
ence of non-stoichiometric FeSe can based on our analysis not be
excluded since some regions display a slight deviation of the lat-
tice d-spacing of 0.55 nm corresponding to stoichiometric Fese.
As a result of heat treatment after milling ((Li,Fe)SeO-BM600
sample), the crystallinity improves as indicated by the observa-
tion of aligned dots in SEAD (see inset in Fig. 3f) and an in-
crease in the size of the crystalline domain corresponding to (110)
plane of (Li;Fe)SeO (Fig. 3g). In addition to crystalline domains
corresponding to (Li;Fe)SeO with a d-spacing of 0.29(2) nm,
(Li,Fe)SeO-BM600 displays only rarely, small crystalline domains
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Fig. 3 SEM and HR-TEM images of (Li;Fe)SeO-BM (a-d) and (LiFe)SeO-BM600 (e-h). The inset (b),(f) displays the obtained SAED pattern. The
depicted d-spacings are given in the unit nanometer. Differently colored dashed lines in (d),(h) mark regions with different lattice spacing.

with 0.53(1) nm interplanar spacing (Fig. 3h). Regions with
a d-spacing of 0.53(1) nm may indicate the presence of non-
stoichiometric FeSe. The observation that the number as well
as the d-spacing of crystallite domains corresponding to Fe;_,Sey
decrease in (Li;Fe)SeO-BM600, further supports its assignment
to FeSe in (Li;Fe)SeO-BM as tetragonal FeSe is reported to be
thermally unstable at high temperatures2”.

Owing to its characteristic magnetic properties?8, the pres-
ence of small amounts of Fe;_,Se, is unambiguously confirmed
by magnetic studies (see Fig. S5 in the Supplemental Material).
Specifically, from the magnetization data we infer the presence
of B—Fe;_,Se with x ~ 0.26 and of ferromagnetic Fe; ,Se with
x~0.21—-0.11282%_ Since magnetic order is supposed to appear
in crystalline structures, these results indicate crystalline mag-
netic impurity phases in the low single-digit % regime. In ad-
dition, there may be amorphous regions of the same phases.

DTA measurements in the temperature range between room
temperature (RT) and 1200 °C show the thermal behavior and
stability of ball-milled (Li,Fe)SeO-BM (see Fig. S6a in the Supple-
mental Material). The DTA results indicate a single endothermic
(at 1039(2) °C) and exothermic (at 1018(2) °C) peak correspond-
ing to the melting and re-solidification process of (Li,Fe)SeO, re-
spectively. The absence of any additional process, even though
some Fe;|_,Se, is expected from the TEM and magnetisation anal-
ysis, may refer to impurity content below the resolution limit of
the DTA, its mainly amorphous nature, or both. Similar thermal
behavior in the first and the second thermal cycles proves thermal
reversibility of the material. In addition, XRD after heating the
sample above its melting point and cooling it to room tempera-
ture (see Fig. S6b) confirms congruent melting of (Li;Fe)SeO-BM

without any phase transition/decomposition. The observed ther-
mal properties of (Li,Fe)SeO-BM are therefore in good agreement
with the reported properties of (Li,Fe)SeO prepared by the solid-
state reaction method 2. We particularly note that our data imply
that (LipFe)SeO antiperovskites possess superior thermal stability
as compared to other commercial cathode materials3® which may
be advantageous for Li-ion battery performance at high operating
temperatures.

3.2 Electrochemical studies

The mechanochemically synthesized (Li,Fe)SeO-BM as well as
the temperature-treated (Li;Fe)SeO-BM600 are studied as cath-
ode material in LIB. The corresponding cyclic voltammograms in
the potential range 1 to 3 V vs. Li/Li* shown in Fig. 4 demon-
strate that the two (Li;Fe)SeO materials exhibit a comparable
multistage lithium extraction and insertion mechanism which is
also similar to the previous report on (Li;Fe)SeO produced by
the solid state reaction (SSR) method?3. The open circuit volt-
age (OCV) of (Li;Fe)SeO-BM (2.1 V) and -BM600 (2.2 V) is in
the middle of the electrochemical reactions. Note, a full cyclic
voltammetry cycle starts and ends at OCV. For both materials at
hand, the two initial oxidation peaks O, and O, appear at about
~ 2.3V and 2.5V and signal the two-stage cationic Fe?* to Fe3*
oxidation process®19. We note the lower voltage of these fea-
tures compared to (LipFe)SeO-SSR23. This shift towards lower
voltages can be attributed to lower polarization due to the smaller
particle sizes and corresponding smaller diffusion path length for
Lit31-33_ An anionic reaction of the contained chalcogen is pro-
posed to take place in the high-voltage region O,, O, %1°. During
the first intercalation (discharge), both samples display distinct
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BM600 and (b) (LizFe)SeO-BM measured at a scan rate of 0.1 mV s~
The labels R/O mark distinct reduction and oxidation features.

reduction peaks (Ri, Ry, R3) in the CV. Note, the lower distinct-
ness and the higher broadness of the peaks in the cyclic voltam-
mogram of (Li;Fe)SeO-BM can, in accordance with the XRD data,
be attributed to the lower crystallinity. By comparing the first cy-
cle with the following ones, it becomes evident that the first cycle
is fundamentally different regarding the number, positions and
curvature of the peaks, which seems to be a general phenomenon
of (Li;Fe)SeO and other similar antiperovskite compounds. This
is particularly visible by the appearance of a fourth pronounced
peak O3 at about ~ 1.8 V in the second delithiation cycle. This
fourth peak is more pronounced in (Li;Fe)SeO-BM600 than in
(Li;Fe)SeO-BM and increases in the subsequent cycles. The other
peaks (Oy, O, O,) strongly decrease in height upon cycling with
a concomitantly increasing overlap. In fact, from the CVs it can-
not be unambiguously seen whether O, is still present after cy-
cle 1 since it becomes indiscernible but might be hidden by 0.
In the intercalation cycles, the change of the subsequent cyclic
voltammetry curves is less dominant and mainly visible at the
peak R3. Notably, the peaks R3/O3 not only shift but also clearly
increase for BM600 whereas for (Li;Fe)SeO-BM the peak height
does not change significantly. Overall, upon cycling the CV curves
of both materials become more and more similar. This may indi-
cate strong irreversible structural changes of (Li;Fe)SeO in the
initial cycle exceeding the initial effect of a post-synthesis heat
treatment.
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To investigate the electrochemical processes and their inter-
relationships, as well as the differences between both materi-
als in more detail, CV measurements in three limited potential
ranges (row a, b, and c of Fig. 5) were carried out for both
(Li;Fe)SeO materials. As will be discussed in detail below, these
measurements demonstrate the effect and stability of the dis-
tinct processes in each regime and allow us to identify the in-
terdependencies between them. Firstly, the CVs with initial lithi-
ation (discharge) to 1 V and restriction of the maximum volt-
age to OCV (Fig. 5, row a) show the electrochemical behavior
upon initial intercalation of the cathode material, thereby allow-
ing to investigate possible lithium vacancies or reactive anodic
impurity phases. In phase-pure cathode material without defects
and void space, it is not possible to directly incorporate further
lithium into the material, which holds especially for the here pre-
sented (LipFe)SeO as their stoichiometric and structural composi-
tion is confirmed by XRD, XPS, EDS and ICP-EOS. The results for
(LipFe)SeO-BM however display not only electrochemical activity
but also a clearly visible reduction peak Rz at around 1.4 V and
an oxidation peak O3 at around 1.8 V. The observation of such
a redox pair in the CV imply the presence of an electrochemical
active foreign phase. Moreover, the process appears to be very sta-
ble, which is represented by quasi-perfect overlapping CV curves
of (Li;Fe)SeO-BM. For BM600 on the other hand this process is
only negligibly pronounced. As the only difference between BM
and BM600 is the post-temperature treatment to 600 °C, this im-
plies that the electrochemical active foreign phase is not stable
up to this temperature. Both this observation and the peak posi-
tions which match literature values for Fe;_,Se, 343> confirm the
presence of an electrochemically active Fe;_,Se, phase as sug-
gested by the TEM and magnetisation studies discussed above.
Extending the upper voltage limit to ~ 2.4 V (see row b of Fig-
ure 5) includes the peak O; and hence allows us to examine the
processes associated with the reaction pair O;/Ry, which is con-
sidered to be a part of the reversible redox process (Fe?t s Fe31).
As expected for a reversible intercalation process, an almost per-
fect overlap of the CV curves of the following cycles can be seen,
proving the excellent reversibility of this process. Note, there is
also no discernible change in the O3/R3 peaks in (LiyFe)SeO-BM.
The CVs extending to the full potential range of 1 to 3 V and
thereby including the two high voltage processes O, and O, are
displayed in row c of Fig. 5. For both samples, the data imply
significant changes driven by the high-voltage processes which
in particular involve pronounced non-reversible behavior and the
appearance of a new redox pair in (Li,Fe)SeO-BM600. Specif-
ically, the pair R3/O3 evolves in the low voltage regime and in
both materials it increases and shifts upon cycling. Furthermore,
especially for (Li;Fe)SeO-BM600, there is a significant decrease
and broadening of O, O, and O, in the subsequent cycles after
passing through O,/0,. It is noteworthy that for (Li,Fe)SeO-BM,
the previously visible peak pair R3/03 is also clearly enhanced
after passing 0,/0,. Based on our observations, these results
demonstrate that passing through the high voltage oxidation pro-
cesses O,/0, triggers an irreversible process that partly converts
(LiFe)SeO to a different phase which is electrochemically active
as demonstrated by the redox pair R3/03. The peak positions at
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~ 1.4 and 1.8 V, respectively, in both samples strongly suggest
that Fe;_,Se, is formed during the high voltage processes. This
is confirmed by the corresponding presence of Rz in (Li,Fe)SeO-
BM signaling the Fe;_,Se, impurity phase. The additional activity
signaled by R3/03 agrees to the expected behaviour of Fe;_,Se,
and further corroborates this conclusion.

To gain detailed information on the charge converted in each of
the above-discussed processes and to precisely determine the volt-
age regime where the irreversible processes O, start, the maxi-
mum potential in GCPL measurements was step-wise increased
from OCV to 3 V with a 0.1 V step size (see Fig S7 in the Sup-
plemental Material). For (Li;Fe)SeO-BM600, the capacity stored
by direct discharge from OCV is very small and amounts to only
6 mAh g~! . This agrees to the CVs which show negligible elec-
trochemical activity in this regime. The same measurements on
(LioFe)SeO-BM however yield the sizable capacity of ~ 60 mAh
g~! for the first three cycles (see Fig. S7a,c in the Supplemental
Material). The quasi-linear behaviour of the potential curves hints
to the amorphous nature of the electrochemical active Fe;_,Se,.
Upon subsequent increase of the potential range, in (Li,Fe)SeO-
BM600 a change of the potential lines and the development of
a plateau-like feature indicating the low-voltage process R3/O3
is seen when the maximum voltage of 2.5 V is exceeded (see
Fig. S7d). For (LiyFe)SeO-BM the boundary voltage is due to the
already initially existing Fe|_,Se, impurity phase harder to esti-
mate. However, one also observes a change in the potential line
profile and an increase of the plateau-like feature (R3/03) in the

2.5 V boundary voltage region. The data, therefore, imply that, at
C/10, the limiting voltage to avoid the irreversible transformation
of (Li;Fe)SeO to Fe;_,Se, is around 2.5 V.

In order to further confirm the formation of Fe;_,Se, in
(Li;Fe)SeO-BM600 during cycling, ex-situ TEM measurements of
(LipFe)SeO-BM600 have been performed after charging the mate-
rial to 3 V using a constant current constant voltage (CCCV) pro-
tocol. The TEM results in Fig. 6a-c show that the cycled material
again exhibits two kinds of particles. Firstly, there are particles
with crystalline structures similar to those observed in the pris-
tine material with lattice spacings corresponding to (Li,Fe)SeO
(Fig. 6a). In addition, the TEM images (Fig. 6b and c) display par-
ticles with mixed crystalline/amorphous regions where the crys-
talline parts exhibit a lattice spacing of 0.55(1) nm corresponding
to FeSe 26, It has to be mentioned that crystalline regions with a
large lattice d-spacing of 0.53(1) nm are also present in pristine
(Li;Fe)SeO-BM600 but very rarely which is in agreement with
the electrochemical data. We hence conclude that the highlighted
area in (c) correspond to regions where (LiyFe)SeO was converted
to Fe;_,Sey.

To verify whether the high voltage process O, and its ef-
fects are general, synthesis-independent phenomena in antiper-
ovskite cathodes, similar measurements were also performed for
(LipFe)SeO-SSR and (Li;Fe)SO-SSR (see Fig. S8 in the Supple-
mental Material). X-ray diffractograms as well as SEM images
of the SSR samples can be found in the Supplemental Material
Fig. S9 and display their purity and particle size. The obtained
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Fig. 6 Ex-situ TEM images of an (Li;Fe)SeO-BM600 electrode charged to 3 V using a CCCV protocol (see the text).

CVs are very similar to the ball-milled (Li;Fe)SeO and confirm a
highly reversible behaviour when the voltages are limited below
the high voltage process O.. Significant irreversibility appears
again only when the high-voltage processes are included. The fact
that this observation holds for all presented antiperovskite ma-
terials independent on synthesis and composition demonstrates
that the process O, is a general feature of antiperovskite cathodes
which strongly hinders reversible cycling.

In summary, we conclude two major results. (1) We find a new
process in the high voltage range that leads to the progressive,
irreversible phase transformation of (Li;Fe)SeO to Fe;_,Se,. (2)
We discover the severe effect of the process (O.) on the electro-
chemical properties of lithium-rich antiperovskites and prove its
generic nature.

The current capability of (LiFe)SeO-BM and (LiyFe)SeO-
BM600 is displayed in Fig. 7. To determine the influence of O,
on the high-current capability and stability, measurements were
conducted both up to 3 V and in a limited potential range (up
to 2.5 V) avoiding O.. At cycle 1, two characteristics stand out.
Firstly, in the entire potential range, 1-3 V, both samples con-
vert an enormous initial capacity of around 300 mAh g~! at a
current rate of C/10, which is up to now the highest capacity
ever reported for any Li-rich antiperovskite and therefore con-
firms the huge advantage and potential of mechanochemical syn-
thesis. Secondly, in the restricted potential regime a capacity
of still 220 mAh g~! is reached for (Li,Fe)SeO-BM and around
150 mAh g~! for (LiyFe)SeO-BM600. The following nine cycles
(see Fig. 7a) illustrate that capacity fading even in the initial cy-
cles is completely different when cycling (LiyFe)SeO at up to 3V
and 2.5V, respectively. For the former range, both (LiFe)SeO
samples display a strong decrease in capacity whereas in the re-
stricted potential range (Li;Fe)SeO-BM shows stable capacity and
(Li;Fe)SeO-BM600 even an increase to 240 mAh g*1 in cycle 10.
At higher current rates, these effects become more pronounced:
In (LiFe)SeO-BM, we observe average capacities of 205, 170,
and 136 mAh g=! at C/4, C/2 and 1 C in the full potential
range and 204, 190, and 163 mAh g~! in the limited one. In
(Li,Fe)SeO-BM600, the same measurements yield 150, 108, and
75mAh g~! (full range) and 196, 145, and 95 mAh g~! (limited
range). The major findings are as following: (1) (Li;Fe)SeO-BM

g | Journal Name, [year], [vol.], 1-10

110

exhibits a better overall high current capability than BM600. (2)
The limited potential range is beneficial for both samples, leading
to a higher converted capacity at higher currents and improved
cycling stability. In particular, in the limited potential regime the
reversibly accessibly capacity in (Li;Fe)SeO exceeds the one ac-
cessible when cycling up to 3 V after a few cycles. We hence
also conclude, that the hybrid (Li,Fe)SeO/Fe;_,Se, material in
(Li;Fe)SeO-BM displays a superior electrochemical performance
compared to the pure material present in (LiyFe)SeO-BM600.
However, a part of the converted capacity for (Li;Fe)SeO-BM is
associated with the contained Fe;_,Se,-phase. In both cases, ap-
plication of a limited potential range is beneficial for the electro-
chemical performance.

The evolution of the potential profiles provides further insight
into the differences appearing for the two materials and voltage
regimes and in particular where the capacity is actually converted
(see Fig. S10 in the Supplemental Material). In agreement with
the expected formation of Fe;_,Se, at high voltages, the associ-
ated capacity to the converted capacity of cycle one for the sam-
ples (LipFe)SeO-BM and BM600 in the full potential range (see
S10a,c) is already highly increased 112 mAh g=! ((Li,Fe)SeO-
BM) and 118 mAh g*1 ((LiFe)SeO-BM600) compared to the
capacity attributed to the Fe;_,Se,-phase which can be obtained
by direct discharge (60 mAh g~! and 6 mAh g~! for (Li,Fe)SeO-
BM and BM600). The formed Fe;_,Se,-phase however cannot
compensate for the capacity losses of (Li;Fe)SeO, hence resulting
in the observed fading. The data also imply that in (Li,Fe)SeO-
BM the process O3/Rj3 attributed to Fe;_,Se, does not increase
when cycling in the limited voltage range from 1 to 2.5 V while
a clear increase of this process is evident in (Li;Fe)SeO-BM600
already after the fifth cycle. One might speculate that already at
2.5V a small portion of Fe;_,Se, is formed in (Li,Fe)SeO-BM600
in contrast to (Li;Fe)SeO-BM which may explain its lower cycling
stability in the restricted potential range. This result again indi-
cates the dependence on and importance of the boundary volt-
age, as slight changes lead to huge effects on the electrochemical
performance. Note, that the reversible regime depends on the ki-
netics present and especially the current rate as all processes shift
to higher voltages for higher currents. Comparing the positions
of the plateaus in the potential profiles at 1 C and C/10 leads to
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an estimated shift of 0.1 to 0.2 V.

Galvanostatic cycling studies at 1 C (Fig. 7b) confirm excellent
electrochemical performance of mechanochemically synthesized
(Li;Fe)SeO. As already mentioned above, the data in particular
imply superior performance of (Li;Fe)SeO-BM when limiting the
voltage to a maximum of 2.5 V. Specifically, while the initial ca-
pacity amounts to around 200 mAh g~! , cycling at 1 C only yields
moderate capacity fading resulting in 158 mAh g~! , after 100
cycles. When cycling to 3 V, slightly higher initial capacity of
~220 mAh g=! is achieved with however much stronger fad-
ing to 105 mAh g~! in cycle 100. For the same voltage regime,
findings for (Li;Fe)SeO-BM600 are similar, i.e., there is a rather
larger decrease of capacity from initially 210 mAh g~! to 90 mAh
g~ in cycle 100. Whereas, in the limited potential range a quasi-
constant capacity of 90 mAh g~! is reached. The latter observa-
tion is in full accordance with our conclusion that presence and
conversion to Fe;_,Se, triggers capacity fading in (Li,Fe)SeO as
in (Li;Fe)SeO-BM600 there is no Fe;_,Se, and due to the slight
shift of O, towards higher voltages (see Fig. S11 in the Supple-
mental Material) conversion to Fe;_,Se, starts at 1 C well above
2.5 V. Long-term galvanostatic cycling studies of (Li;Fe)SeO-BM
and (LiFe)SeO-BM600 in the restricted potential range to 2.5 V
and over 500 cycles can be found in Fig. S12 in the Supplemen-

tal Material. For (Li;Fe)SeO-BM600, the data at 1 C show only
a small drop in capacity over more than 500 cycles when limit-
ing the maximum voltage to 2.5 V, thereby confirming negligible
fading when the formation of the Fe;_,Se,-phase is completely
prevented. The results hence clearly show that capacity fading
appearing in all previous reports on antiperovskite cathodes can
be practically circumvented when the fading channel via Fe;|_,Se,
is avoided.

4 Conclusions

In summary, we report for the first time a straightforward low-
temperature, easy-to-scale mechanochemical synthesis method
for the antiperovskite (Li;Fe)SeO. Moreover, we propose a new
electrochemical reaction mechanism for (Li,Fe)SeO which is gen-
eralized to all up-to-now investigated antiperovskite cathodes.
Our data in particular prove the progressive partial conversion of
(LipFe)SeO to Fe;_,Se, at high voltages. While Fe_,Se, is elec-
trochemically active its formation still reduces the overall capacity
of the material and in particular opens a channel to capacity fad-
ing. Notably, completely avoiding this channel in a post-synthesis
heat-treated material practically prevents capacity fading appear-
ing in all previous reports on antiperovskite cathodes. Pristine
mechanochemically synthesised (Li;Fe)SeO with more dispersed
and smaller primary particles even achieves an outstanding re-
versible specific capacity of 200 mAh g~! at the high current
rate of 1 C. The results and achievements presented at hand fur-
ther elucidate the electrochemical reaction mechanism in antiper-
ovskites and show a route how to increase their cycling stability.
The success of this approach is already proven by the drastic per-
formance improvements of (Li;Fe)SeO demonstrated at hand.
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Figure S1 Full XPS spectra of (LizFe)SeO-BM and (LizFe)SeO-BM600
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Figure S2 Nitrogen adsorption/desorption isotherms of (LizFe)SeO-BM and (LizFe)SeO-BM600.
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Figure S3 EDS mapping of iron, selenium and oxygen for (Li2Fe)SeO-BM (a) and (LizFe)SeO-BM600 (b). The two materials both
possess a uniform distribution of the investigated elements.
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Figure S4 EDS spectra of (LizFe)SeO-BM and (Li2Fe)SeO-BM600 together with the atomic percent ratio of the existing elements. The
results confirm within uncertainty the expected nominal composition of the materials.
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Table S1 ICP-OES results for (LizFe)SeO-BM and (Li>Fe)SeO-BM600

compound Mass % Molar ratios?

Li Fe Se Li Fe Se (0]
(LizFe)SeO-BM 8.36+0.13 | 33.92 +£0.49 | 47.874+0.55 | 1.971+0.031 | 0.9944+0.014 | 0.992+0.011 | 1.04340.003
(LizFe)SeO-BM600 | 8.34+0.08 | 33.81+£0.28 | 47.494+0.49 | 1.996+0.019 | 1.006+0.008 | 0.999-+0.01 0.999+0.007

IMolar ratios are scaled to sum up to about 5
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Figure S5 Magnetization of (LizFe)SeO vs. temperature at B = 0.1 T (a), and vs. magnetic field at 7= 2 K (b). The data indicate a
antiferromagnetic transition f at (T =~ 290 K;) and a ferri or ferromagentic transition at 50 K. Both hint to the existence of 3—Fe;_,Se

with = & 0.26 as impurity phase present [1, 2].
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Figure S6 DTA for (Li2Fe)SeO-BM (a) and XRD patterns (b) for pristine (LizFe)SeO-BM and after its heat treatment at 1100 °C
((LizFe)SeO-BM1100). To prove that no phase decomposition occurs, the (Li2Fe)SeO-BM was heat-treated at 1100 °C (higher than its
melting point) and then cooled normally to room temperature (we refer to this sample as ((Li2Fe)SeO-BM1100). The XRD patterns
using Mo Ka1 radiation source (A = 0.709300 A) show that by heating the sample above its melting point, the peaks increase in
intensity and becomes sharper. This effect can be attributed to an improvement of crystallinity and long-range atomic order. In addition,
a noticeable shift in the peaks position to lower 20 angle is remarked, which corresponds to an expansion in the lattice parameter. The
expansion of the lattice parameter may be attributed to strain relaxation and vanishing of the internal defects.
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Figure S7 Potential profiles of (LizFe)SeO-BM (a,b) and (LizFe)SeO-BM600 (c,d) in specific potential ranges at a C/10 current rate.
At each potential step, 3 discharge/charge cycles were recorded. At direct discharge (Li2Fe)SeO-BM displays a pronounced capacity of
around 75 mAh g~! whereas (LizFe)SeO-BM600 (c) shows a much lower capacity of around 12 mAh g~
range in 0.1 V steps (b,d) a decisive increase of the low voltage feature R3/03 is for both samples only visible at 2.6 V, leeding to a
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Figure S8 Cyclic voltammograms of (left) (LioFe)SeO-SSR in the potential range from (a) 1 to OCV, (b) 1 to 2.4V, (c) 1-3 V and
(right) (Li2Fe)SO-SSR in the potential range from (a) 1 to OCV, (b) 1t0 2.4V, (c) 1t0 2.6 V and (d) 1 to 3 V vs Li/Li* measured at a
scan rate of 0.1 mV s~ !. The cyclic voltammograms for both materials show, similar to the data shown for (LizFe)SeO-BM and BM600
a pronounced increase in the low voltage O3/R3 feature only after the voltage range was extended and include the high voltage process
O*. Note, the lower expression of O3/R3 after the first cycle for the (LioFe)SeO-SSR samples compared to the ball-milled samples can
likely be attributed to the much larger particles obtained through the SSR synthesis which reduces the number of active sites.
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Figure S9 XRD (using Mo Kq1 radiation source (A = 0.709300 A)) and SEM image of (Li>Fe)SeO (a,b) and (Li2Fe)SO (c,d) prepared
by solid-state reaction method. The synthesis was reproduced using the synthesis conditions from Ref.[3]. The asterisks in c refer to
minor LiFeOs secondary phase.
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KAPITEL 5 ABSCHLIESSENDE DISKUSSION

Die vorliegende Arbeit beschéftigt sich mit potenziellen Anoden- und Kathodenmaterialien
fir Lithium-Tonen-Batterien. Die hergestellten Materialien wurden dafiir hinsichtlich ihrer
physikalischen und elektrochemischen Eigenschaften untersucht, mit dem Ziel, den Zu-
sammenhang zwischen physikalischen und elektrochemischen Eigenschaften zu verstehen.
Um dieses Ziel zu erreichen, wurde ein breites Spektrum an Charakterisierungsmessungen
eingesetzt. So wurde die Struktur sowie Kristallitgrofle mittels Rontgendiffraktometrie
untersucht und die Morphologie und Partikelgrofle mittels Rasterelektronenmikroskopie
bestimmt. Die chemische Zusammensetzung ergab sich sowohl aus energiedispersiven
Rontgenspektroskopie- als auch aus CHN-Analysen. Die vorliegenden Oxidationsstufen der
jeweiligen Elemente wurden mittels Rontgenphotoelektronenspektroskopie bestimmt und
die magnetischen Eigenschaften der Materialien mittels SQUID-Magnetometrie studiert.
Die elektrochemischen Charakterisierungsmethoden zyklische Voltammetrie, galvanosta-
tische Zyklierung und elektrochemische Impedanzspektroskopie kamen zur Bestimmung
der elektrochemischen Eigenschaften zum Einsatz. Dartiber hinaus wurden in Zusammen-
arbeit mit Kooperationspartner*innen auch Transmissionselektronenmikroskopie (TEM),
Ramanspektroskopie, optische Emissionsspektrometrie mit induktiv gekoppeltem Plasma
(ICP-EOS) sowie Differenz-Thermoanalyse (DTA) eingesetzt, um die Materialien weiter zu

charakterisieren.

Anhand des Kohlenstoffkomposites Fe30,QHCS wurde der Ursprung sowie die Eigenschaf-
ten des zusatzlichen, noch nicht aufgeklarten Speichermechanismuses von Nano-Fe3Oy-
Partikeln untersucht. Das Anodenmaterial Fe30,QHCS wurde dafiir mittels Hydrother-
malsynthese hergestellt. Das erlangte Kompositmaterial zeichnete sich durch gleichméfig
verteilte, sehr kleine Fe;O4-Partikel (~ 10 nm) auf hohlen Kohlenstoff-Nanopshéren (~
150 nm) aus. Speziell die sehr kleinen Fe3O4-Partikel verleihen Fe3O,QHCS interessante
elektrochemische Eigenschaften. So zeigt FesO,QHCS nicht nur eine wéihrend des Zyklie-

rens stetig steigende spezifische Kapazitit, sondern erreicht auch Werte (1050 mAh g~! in
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Zyklus 250 bei einem Strom von 0.1 A g=!) deutlich tiber der reversiblen theoretischen
Kapazitit von Bulk-FesO4 von 694 mAh g=!. Da die gesamte zusitzliche Kapazitit auf
die enthaltene Fe3O4-Komponente zuriickgeht, ist die tatsachliche spezifische Kapazitit
auf die Fe3O4-Komponente gerechnet sogar 2000 mAh ggelgo ,- Die zusitzliche Kapazitat
und ihr Anstieg sind im Fall von Fe;O,@QHCS aufgrund der besonders kleinen Grofle
der Fe3O4-Partikel stark ausgeprigt. Zwar ist das Erreichen von Kapazitaten tiber der
theoretischen Kapazitit ein bekanntes Phanomen fiir TMOs, die genaue Ursache dahinter

ist allerdings noch Gegenstand unzahliger Studien.

Im Rahmen dieser Arbeit kamen sowohl elektrochemische Impedanzmessungen als auch ex
situ-SEM- und TEM-Messungen fiir die Untersuchung des zugrundeliegenden, unbekann-
ten Prozesses sowie dessen kontinuierlicher Anstieg zum Einsatz. Die elektrochemischen
Impedanzdaten zeigen, dass sich wahrend des Ladens/Entladens eine kapazitive Oberfla-
chenschicht auf- und abbaut, die wahrend des Zyklierens weiter anwéachst. Eine Abschétzung
des Beitrags des zusétzlichen Speichermechanismuses zur Gesamtkapazitat, ausgehend von
der Theorie der Speicherung spinpolarisierter Elektronen [88|, wurde anhand der Grofie
der gebildeten Fe-Partikel (ex situ-TEM Messungen) und der maximalen Kapazitat der
Doppelschicht dieser Partikel (Literatur [112]) durchgefiihrt. Die im Rahmen dieser Arbeit
durchgefiihrte Abschéitzung ergab, dass der postulierte Speichermechanismus, im Vergleich
zur gemessenen spezifischen Kapazitat, mehrere Groflenordnungen zu klein ist und somit
nicht verantwortlich sein kann. Eine weitere Hypothese [86] hinter der zusétzlichen Kapazi-
tat vermutet, dass die zusétzliche Speicherung unter anderem in einer sich kontinuierlichen
auf- und abbauenden gelartigen Oberflache begriindet liegt. Die Bildung dieser Oberfléche
wiederum kommt in diesem Szenario aus einer reversiblen Reaktion der elektrochemischen
gebildeten Fe-Partikel und der SEI. Die Impedanzdaten, die eine sich auf- und abbau-
ende kapazitdre Oberflache zeigen, lassen diese Theorie als Ursprung durchaus plausibel
erscheinen. Dariiber hinaus zeigen die Impedanzdaten, dass die beobachtete Abnahme der
zusatzlichen Kapazitét bei hohen Lade-/Entladestromen auf die vergleichsweise langsame
Zeitkonstante des Prozesses zuriickzufiihren ist. Die folgende Arbeit konnte somit eine
haufig diskutierte Erklarung fir die zusétzliche Kapazitat ausschlieBen und fand Indizien
fiir die Speicherung mittels einer sich auf- und abbauenden kapazitaren Oberflache, die
vermutlich aufgrund einer Reaktion der gebildeten Fe-Partikeln und der SEI entsteht. Die
genaue Reaktion ist allerdings nach wie vor unbekannt und bedarf weiterer Untersuchungen.
Die Grofe der Kapazitéit von 1300 mAh g, und deren niedriges Redoxpotential von

ungefahr 0.5 V macht diesen Mechanismus aus der Perspektive der Energiespeicherung
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besonders interessant. Zum einen wird die theoretische Kapazitiat von Fe3O, fast verdrei-
facht und zum anderen auch die durchschnittliche Entladespannung reduziert. Mégliche
potenziell hilfreiche Charakterisierungsmessungen fiir weitere Untersuchungen waren in
situ-Neutronenstreuung und/oder Kernspinresonanzspektroskopie (NMR). Der Vorteil
beider Methoden ist, dass sie, anders als Techniken, die auf Rontgenstrahlen basieren,

sensitiv gegeniiber Lithium sind.

Im Rahmen einer Sol-Gel-Synthese wurde mittels zweier verfiigharer, preisgtinstiger Koh-
lenstoffquellen (Glukose und Weinséure) MoO,/C-Komposite (MoOs/C-G und MoO,/C-T)
hergestellt. Anschlieende Charakterisierungsmessungen zeigen, dass der Kohlenstoffanteil
der Komposite mafigeblich von der verwendeten Kohlenstoffquelle abhangt. MoO,/C-
G zeigt einen Kohlenstoffgehalt von 23,7(5)wt% und MoOy/C-T von 2,4(5) wt%. Die
morphologischen Eigenschaften hingegen sind nahezu unbeeinflusst von der verwendeten
Kohlenstoffquelle. Elektrochemische Untersuchungen ergaben, dass ein hoherer Kohlen-
stoffanteil prinzipiell zu einer verbesserten elektrochemischen Performance fithrt. Fiir den
folgenden Vergleich wird, aufgrund der irreversiblen Bildung der SEI im ersten Lithiie-
rungszykluses und der schwierigen Abschétzung dessen Einflusses, immer die Delithiierung
betrachtet. Beide MoO,y-Kohlenstoffkomposite zeigen zwar im ersten Delithiierungszy-
klus eine spezifische Kapazitit von 300 mAh g™, jedoch ist ihre Zyklenstabilitit sehr
unterschiedlich. Das Komposit mit dem niedrigeren Kohlenstoffanteil (MoOy/C-T') zeigt
nach 15 Zyklen eine spezifische Kapazitit 100 mAh g=! und somit einen Verlust von 67%.
MoO,/C-G mit seinem héheren Kohlenstoffanteil hingegen erreicht 280 mAh g~! nach
15 Zyklen und zeigt somit lediglich einen Verlust von 7%. Um den Effekt der Grofiens-
kalierung studieren zu konnen, wurde das Komposit MoO,/C-G mit seiner vorliegenden
Agglomerategrofie von 1-3 pm nachbehandelt. Dieser Prozess beinhaltete eine nachtrégliche
Kolloidvermahlung und eine darauffolgende Temperaturbehandlung bei 500°C fir 1 Stunde
unter No-Atmosphére. Die Nachbehandlung erwirkte eine Verkleinerung der Agglomerate
auf 0,5-0,1 pm (MoOy/C-G(M)). Die elektrochemischen Untersuchungen zeigen, dass die
Sekundarpartikelgréfie einen signifikanten Einfluss auf die elektrochemischen Eigenschaften
hat. Die nachbehandelte Probe MoOy/C-G(M) erreicht eine spezifische Kapazitat von
650 mAh g=! im ersten Delithiierungszyklus. Dies entspricht 78% der theoretischen spezifi-
schen Kapazitat und ist somit mehr als das Doppelte der Kapazitat des ersten Zyklus des
Ursprungsmaterials MoO,/C-G von 300 mAh g~!. Die Kapazititsabnahme nach 15 Zyklen
ist allerdings bei beiden Proben quasi identisch und liegt bei 7%. Insgesamt lasst sich fir die

hergestellten MoOs-Strukturen festhalten, dass sich sowohl ein hoherer Kohlenstoffgehalt
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als auch eine Verkleinerung der Agglomerate positiv auf die elektrochemische Performance
auswirken. Die Verkleinerung der Agglomerate erhoht die erreichte spezifische Kapazitét

und ein hoherer Kohlenstoffanteil verbessert die Zyklenstabilitét.

Als weiteres Konversionsmaterial wurde ein hydrothermal synthetisiertes dreidimensionales
hierarchisches blitenartiges Graphen/MoSy-Nanokomposit vorgestellt. Die Ergebnisse der
elektrochemischen Untersuchungen zeigen die typischen Redoxmerkmale von MoS, auf. Das
bliitenartige Graphen/MoS,-Nanokomposit prasentiert eine vielversprechende spezifische
Entladekapazitit im ersten Zyklus von 1015 mAh g~!. In den folgenden Zyklen zeigt sich
jedoch ein relativ starker Abfall der Kapazitiat auf 55 mAh g~! in Zyklus 100 und somit
eine starke Degeneration des Materials. Zur Untersuchung dieser wurden ez situ SEM-
Untersuchungen an einer Elektrode nach 100 Zyklen durchgefiihrt. Diese demonstrieren, dass
sich die Kohlenstoffstruktur nahezu nicht verandert, wohingegen die MoSs-Struktur nach 100
Zyklen vollstandig zerstort ist. Die verlorene MoSs-Struktur deutet auf ein Zerbroseln der
Partikel aufgrund der auftretenden grofien Volumenénderung sowie Aggregation der Partikel
hin. Es ist unklar, inwiefern ein mégliches Herauslésen von Polysulfiden (Shuttle-Effekt)
wihrend des Entladevorgangs zusétzlich eine Rolle gespielt hat. Aus Anwendungssicht muss
daher festgestellt werden, dass das hergestellte dreidimensionale hierarchische bliitenartige
Graphen/MoSs-Nanokomposit alleine nicht die inhérenten Probleme von MoS, 16st. Eine
zusétzliche weitere Beschichtung mit Kohlenstoff oder TiO, konnte moglicherweise helfen,

die auftretende Degeneration zu reduzieren.

Zusammengefasst wurde im Rahmen der vorliegenden Untersuchungen drei vielversprechen-
de konversionsbasierte Kohlenstoffkomposite Fe3O,QHCS, MoO,/C sowie Graphen-MoSs
fiir die potenziell nachste Generation von Anodenmaterialien fiir Lithium-Ionen-Batterien
vorgestellt. Von diesen Materialien sticht vor allem Fe;O,QHCS mit seiner sehr hohen spe-
zifischen Kapazitit von 1050 mAh g=! nach 250 Zyklen heraus. Die Fe3O,QHCS-Struktur
verhindert nicht nur am effektivsten die klassischen Nachteile der Konversionsreakti-
on, wie die Volumenausdehnung wéihrend dem zyklieren, sondern ermoéglicht aufgrund
der Nano-Natur der Fe3O4-Partikel dariiber hinaus den Zugang zu einem zuséatzlichen
Speichermechanismus. Unter den hergestellten MoO,-Kohlenstoffkompositen zeigt das
nachbehandelte MoO, mit verkleinerten Agglomeraten und hochstem Kohlenstoffgehalt

die beste elektrochemische Performance von 650 mAh g!

im ersten Delithiierungszyklus.
Die Nachbehandlung des Materials verbesserte dabei die erreichte spezifische Kapazitat
deutlich. Der Kapazitatsverlust konnte jedoch nicht weiter verbessert werden. Dies fiihrte

dazu, dass das nachbehandelte MoO,-Kohlenstofkomposit nach 100 Zyklen eine Kapazitét
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Abbildung 5.1: Vergleich der mittleren Redoxspannungen und spezifischen Kapazitédten von
verschiedenen Anodenmaterialien. Die im Rahmen dieser Arbeit vorgestellten Konversions-
materialien sind in Rot (Fe304@QHCS), Gelb (MoO2C-G(M)), Grau (GO-MoS3) eingetragen.
LTO steht fiir LiyTisO;2. Sn, Gn, Si und P stehen fiir die legierungsbildenden Elemente
Zinn, Germanium, Silizium und Phosphor. Oxide stehen fiir Materialien mit Sauerstoff und
Phosphide fiir Materialien mit Phosphor als Anion. C steht fiir Graphit, das am haufigsten
verwendete Anodenmaterial. Entnommen aus |\

von 350 mAh g~! umsetzt. Die vorgestellte MoSy-Kohlenstoff-Struktur zeigt zwar eine hohe
Kapazitit von 1015 mAh g=! im ersten Zyklus, allerdings 1ost die vorgestellte Struktur die
inhdrenten Nachteile des Materials nicht vollstdndig, was zu einem starken Abfall in der
spezifischen Kapazitit auf 55 mAh g=t in Zyklus 100 fiihrt.

Eine Ubersicht tiber die spezifischen Kapazititen und die durchschnittlichen Redoxspannun-
gen der vorgestellten Materialien im Vergleich zu bereits kommerzialisierten und anderen
aktiv erforschten Anodenmaterialien ist in Abbildung[5.1]zu finden. Um die Zyklenstabilitéit
der Materialien zu beriicksichtigen, wurde die Kapazitdat am letzten gemessenen Zyklus
eingetragen. Fiir MoO,/C-G(M) und das blitenartige Graphen/MoS, entspricht das der
Kapazitéit bei Zyklus 100. Bei Fe30,QHCSist es die Kapazitat bei Zyklus 250.

Abbildung [5.1] zeigt erneut, dass Fe3O,@HCS unter den hier untersuchten Anodenmateriali-
en die vielversprechendsten Eigenschaften fiir eine potenzielle Kommerzialisierung aufweist.

Generell ist zu beachten, dass es sich bei dem durchgefiihrten Vergleich nur um eine Mo-
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mentaufnahme handelt. Die Fortschritte, die fiir ein Material moglicherweise erzielt werden
konnen, lassen sich schlicht nicht abschatzen. Zum Beispiel ist das tatsdchliche Maximum
des zusétzlichen Speichermechanismuses von Fe3O, noch nicht bestimmt und liegt vermut-
lich deutlich tiber dem hier gemessenen Wert. Zudem existieren weitere Faktoren, die dieser
Vergleich nicht beriicksichtigt, aber fiir eine praktische Anwendung von grofier Bedeutung
sind. Diese Faktoren betreffen alle konversionsbasierten nanostrukturierten Materialien und
sind daher von genereller Relevanz [113]. Einer dieser Faktoren ist die geringe Coulombische
Effizienz von Konversionsmaterialien aufgrund irreversibler Vorgéinge in den ersten Zyklen.
Im Fall der Vollzelle fithrt diese dazu, dass auf Kathodenseite zusatzliches Aktivmaterial
vorgesehen werden muss, um die Verluste auszubalancieren. Die Energiedichte wird somit
sowohl von der Kathoden- als auch Anodenseite verringert. Ein weiterer Faktor ist die
geringe Schiittdichte von Nanomaterialien, die die praktisch erreichbare Energiedichte
deutlich reduzieren, da eine geringere Materialmenge pro Volumen eine geringere erreich-
bare volumetrische Energiedichte nach sich zieht. Fiir die genannten Probleme existieren
teilweise bereits Losungsansatze. Die geringe Schiittdichte kann zum Beispiel durch eine
hierarchische Strukturierung der Primarpartikel zu grofleren Sekundarpartikel verbessert
werden [114) 115]. Studien haben zudem gezeigt, dass die Coulombische Effizienz der
ersten Zyklen durch Elektrolytadditive [116, [L17], einer zusdtzlichen Beschichtung [118],
sowie Prelithiation [119, 120], weiter verbessert werden kann [121]. All diese Faktoren
machen aussagekraftige Statements iiber das Potenzial von Batteriematerialien schwierig.
Die Community hat dieses Problem erkannt und ist sehr bestrebt, Metriken zu entwickeln,
die diese Faktoren mit einbezichen [113] [122].

Die Materialklasse der lithiumreichen Antiperowskite und speziell der Vertreter (LiyFe)SeO
wurde hinsichtlich seines Einsatzes als Kathodenmaterial fiir Lithium-Ionen-Batterien unter-
sucht. Das mittels Festkorpersynthese hergestellte lithiumreiche Antiperowskit (LizFe)SeO
hat dabei in den Charakterisierungsmessungen vielversprechende physikalische Eigenschaf-
ten fiir die praktische Anwendung als Kathodenmaterial in LIB wie eine hohe Kristallinitét
und Phasenreinheit, eine hohe thermische Stabilitat und eine durchschnittliche Partikelgro-
e von mehreren Mikrometern gezeigt. Die elektrochemischen Untersuchungen an LisFeSeO
resultierten dariiber hinaus in zwei Hauptergebnissen. (LisFe)SeO hat eine deutlich vielver-
sprechendere elektrochemische Performance von 150 mAh g=! in Zyklus 1 und 125 mAh g=!
in Zyklus 100 bei einem Strom von 0.1C gezeigt, als die ersten 5 Zyklen Vollzellenmessungen
von Lai et al. [18] von 120 mAh g~! im ersten Zyklus bei einem Strom von 0.18C sowie
einem Abfall von 18 % nach bereits 5 Zyklen, erhoffen lielen. Auch der Vergleich mit dem
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isostrukturellen (LiyFe)SO zeigt trotz anfianglich geringerer absoluter Kapazitét eine hohere
Speicherung pro Formeleinheit sowie eine bessere Zyklenstabiltiat von (LisFe)SeO. Die
bessere Zyklenstabilitdt ist dabei vermutlich auf die geringere elektrochemische Aktivitat
von Selen zuriickzufithren. Das zweite Hauptergebnis resultiert aus den elektrochemischen
Impedanzmessungen, welche eine starke Verdanderung des Ladungstransferwiderstandes
zwischen dem ersten und zweiten Zyklus zeigen. Diese Veranderung deutet eine starke
strukturelle Veranderung von (LisFe)SeO im ersten Zyklus an. Die strukturelle Veranderung
scheint allerdings nach dem ersten Zyklus bereits abgeschlossen, da sich im Folgenden der
Ladungstranferwiderstand stabilisiert. Insgesamt blieb aber offen, inwiefern diese struk-
turelle Verdnderung die Zyklenstabilitat beeinflusst. Im Folgenden wurde zunéchst eine
neue, besser zu skalierende Synthese mittels Kugelvermahlen (BM) und Kugelvermahlen
plus nachtréglicher Hitzebehandlung bei 600 °C (BM600) fiir (LioFe)SeO vorgestellt. Das
so hergestellte Material besitzt eine deutlich kleinere Partikelgrofie und zeigt nach XRD,
ICP-EOS, DTA und XPS &hnliche physikalische Eigenschaften. Hochauflésende TEM-
Messungen sowie magnetische Messungen weisen allerdings auf Fe;_,Se, als Fremdphase in
der Probe hin. Mit der Vermutung, dass die strukturelle Veranderung die Grundlage fiir die
beobachtete Zyklenstabilitit ist, wurden zielgerichtet weitere Untersuchungen durchgefiihrt,
um die Hypothese zu bestétigen. Elektrochemische Messungen im begrenzten Potential-
bereich und direktem Entladen enthiillten die reduktive elektrochemische Aktivitit von
Fe;_,Se,. Ein Teil der gemessenen Kapazitat entfallt somit auf die enthaltene Fremdphase.
Dariiber hinaus, konnte gezeigt werden, dass es erst durch den Hochspannungsprozess O*
zu einer starken strukturellen Verdnderung kommt. Diese strukturelle Verénderung enthalt
dabei die teilweise Zerstorung der Antiperowskitstruktur sowie die zeitgleiche Formation
von Fe; . Se,. Die Hochspannungsreaktion hat somit einen mafigeblichen Einfluss auf die
beobachtbare Zyklenstabilitat. Messungen, die den Hochspannungsprozess durch eine Be-
grenzung der Maximalspannung vermeiden, haben im Vergleich eine drastisch verbesserte
Zyklenstabilitat nachgewiesen. Die generelle Relevanz fiir die Klasse der lithiumreichen
Antiperowskite konnte durch identische Messungen an festkorpersyntethisiertem (LiyFe)SO
und (LizFe)SeO bewiesen werden. Insgesamt présentieren die Ergebnisse der vorliegenden
Arbeit somit essenzielle physikalische als auch elektrochemische Eigenschaften der Mate-
rialklasse der lithiumreichen Antiperowskite, wie zum Beispiel den Ursprung der bisher
beobachteten schlechten Zyklenstabilitiat sowie einen Weg, wie diese deutlich verbessert

werden kann.

Aus einer weitreichenderen Perspektive auf die lithiumreichen Antiperowskite bleibt al-
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Abbildung 5.2: Vergleich der mittleren Redoxspannungen und spezifischen Kapazititen
von verschiedenen Kathodenmaterialien. Die in dieser Arbeit untersuchten lithiumreichen
Antiperowskite sind in Gelb eingetragen und mit LRA abgekiirzt. LCO steht fiir Lithium-
Kobalt-Oxid, LMO fiir Lithium-Mangan-Oxid, NCM fiir Nickel-Kobalt-Mangan-Oxid, NCA
fiir Nickel-Kobalt-Aluminium-Oxid, LCP fiir Lithium-Kobalt-Phosphat, LFP fiir Lithium-
Eisen-Phosphat, LFSF fiir Lithium-Eisen-Fluorosulfat und LTS fir Lithium-Titan-Sulfid.
Adaptiert aus [4].

lerdings die Problematik der nicht vollstdndig verstandenen Hochspannungsreaktion, der
Luftsensitivitdt und der insgesamt nicht sehr hohen Redoxspannungen, die es noch zu
iiberwinden gilt. Weitere Untersuchungen beziiglich der Hochspannungsreaktion werden
benoétigt, da nur mit dem Wissen um den gesamten elektrochemischen Reaktionsmecha-
nismus ein Weg zu hoheren Kapazitiaten entwickelt werden kann. Die DFT-Kalkulation
von Lu et al. sagen einen Zerfall der (LizFe)SeO-Struktur ab einer Entnahme von 1.25
Lithium voraus . Es kann daher spekuliert werden, ob die beobachtete Umwandlung
im Hochspannungsbereich auf diesem Prozess beruht. Eine mogliche Erklérung konnte sein,
dass es aufgrund der ungleichméafligen Partikelgrofien, zu einer unregelméafligen Entnahme
von Lithium in einzelnen Partikeln kommt, die punktuell iiber 1.25 Lithium liegt. Allerdings
sind weitere Studien notwendig, um diese Hypothese zu bestétigen, wie zum Beispiel in
situ XRD, Paarverteilungsfunktionsanalyse (PDF) sowie differenzielle elektrochemische
Massenspektrometrie (DEMS). Mit in situ XRD und/oder PDF kann die sich elektroche-
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misch formende Struktur nachvollzogen werden. Mittels DEMS ist es moglich, den aus der
Struktur l6senden Sauerstoff zu quantifizieren, um darauf aufbauend Riickschliisse tiber die
Reaktion zu treffen. Dotierung konnte ein Weg sein, der die Zersetzung an Luft verhindert,
sowie die geringen elektrochemischen Redoxpotentiale erhoht. Eine Dotierung kann unter
Umsténden die Struktur stabilisieren und die Redoxpotentiale zu hoheren Spannungen
verschieben. Um diese Hypothese zu bestatigen sind erneut weitere Untersuchungen an

weiteren, gedopten lithiumreichen Antiperowskiten notig.

Inwiefern die spezifischen Kapazititen und Redoxspannungen lithiumreicher Antiperowskite
(LRA) zu anderen, teilweise bereits kommerzialisierten Kathodenmaterialien vergleichbar
sind, zeigt Abbildung[5.2] Der Vergleich legt dar, dass die Redoxspannungen der LRA im
Verhéaltnis zu anderen Kathodenmaterialien geringer sind, die erreichbaren Kapazitiaten
sind hingegen durchaus vielversprechend. Mit dem Blick auf die erreichbaren Energiedichten
sind die lithiumreichen Antiperowskite somit durchaus kompetitiv. Zum jetzigen Zeitpunkt
lasst es sich allerdings nicht vorhersagen, wie sich die LRA entwickeln. Zuerst miissen die
vorher genannten Probleme gelost werden, da ansonsten alleine die Luftsensitivitat ein
zentrales Gegenargument gegen die tatsichliche Verarbeitung der LRA sein wird. Insgesamt
bleibt jedoch anzumerken, dass in der Klasse der Lithiumreichen Antiperowskite (LRA)
noch betréachtliches Optimierungspotenzial vorhanden ist, welches hochstwahrscheinlich
zu einer Neubewertung dieser Materialklasse fithren wird. Die bisherige Forschung im
Bereich der Entwicklung und Optimierung von Lithium-Ionen-Batteriematerialien verbreitet
Optimismus, da sie gezeigt hat, dass sie fiir zahllose Probleme unzihlige Losungen finden

kann.
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Introduction

ZnO has attracted attention of a large community of
researchers as an electrode material for lithium-ion
batteries (LIBs) due to its low cost, environmental
friendliness and high theoretical capacity in particu-
lar [1-4]. Assuming a two-step reaction mechanism
that involves a conversion Eq. (1) and alloying pro-
cess Eq. (2), as proposed by previous studies [5-7],
up to 3 Li*/fu. can be reversibly stored corre-
sponding to a theoretical capacity of 978 mAh/g:

ZnO + 2Li* +2e~ « Zn + Li,O, (1)
Zn+Li" + e < LiZn. (2)

However, there are some challenges to overcome.
One issue is the large volume change of ZnO during
the dis-/charge process resulting in pulverization of
the electrode material [8]. Furthermore, the studies of
Pelliccione et al. [6] and Park et al. [9] revealed the
limited reversibility of the conversion reaction
Eq. (1), which depends on the size of the electro-
chemically formed zinc particles, as additional reason
behind the rapid capacity fading. Li,O can only be
partially decomposed due to its poor reactivity and
low lithium ion conductivity [10]. Another factor that
limits the practical application of ZnO for electro-
chemical energy storage is its poor electrical con-
ductivity [11]. To overcome these difficulties and to
enhance the electrochemical performance of ZnO-
based anodes, hybridizing ZnO with varieties of
conductive carbon materials is frequently employed.
Carbonaceous materials can prevent the aggregation
of ZnO nanoparticles and maintain the structural
stability of the anode during charge/discharge pro-
cesses. ZnO nanoparticles anchored on the surface of
carbon nanotubes (CNT) have been shown to deliver
a reversible capacity of 602 mAh g~' at 100 mA g~
for up to 50 cycles, i.e., superior cycling and rate
performances [12]. Similarly, a ZnO/graphene anode
exhibits an initial specific capacity of 850 mAh g~ at
0.1 C and good cycling stability (capacity decay ~8%
after 50 cycles) [13]. Also, films of ZnO nanosheets
coated with 350 A thick graphite layers showed
specific capacity values of ~ 600 mAhg 'at1 A g™
after 100 cycles [14].

Various synthesis methods and approaches have
been used in the literature to fabricate ZnO/C com-
posites. Yang et al. [15] reported the synthesis of
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porous carbon coated ZnO quantum dots by the
carbonization of metal-organic frameworks. As-ob-
tained composites exhibit a reversible capacity of 919
mAh g~' over 100 cycles at 100 mA g~ '. The porous
ZnO/C microboxes prepared by annealing of the
analogous metal-organic framework carboxylate
groups deliver an initial discharge capacity of 1290
mAh g ! and reach a high reversible capacity of 716
mAh g after 100 cycles at a current density of
100 mA g~' [16]. Bai et al. [17] have synthesized
ZnO/C nanospheres by a one-step co-pyrolysis
method using Zn powder and acetylacetone as
starting materials. As-prepared ZnO/C nanospheres
show a reversible capacity of 440 mAh g~ ' at a cur-
rent density of 100 mA g~ ' after 50 cycles. Electro-
spinning and subsequent thermal treatment by Zhao
et al. yielded a ZnO/carbon nanofiber composite,
which delivers a reversible capacity of 702 mAh g™
at a current density of 200 mA g~' [18]. Hydrother-
mally fabricated core-shell ZnO/C nanospheres by
Liu et al. [19] obtained from Zn-resorcinol-
formaldehyde polymer followed by carbonization at
650 °C under inert atmosphere show a capacity of 496
mAh g~ ' after 200 cycles at a current density of
82.5 mA g~'. Microwave-assisted solvothermal syn-
thesis permitting to reduce the time of reaction was
performed to produce ZnO/C composites using
sucrose as carbon source [20]. However, these meth-
ods always need multi-step or strict experimental
conditions which increase the costs and limit large-
scale production.

There are, however, one-step methods as well, with
calcination under a nitrogen atmosphere for the
synthesis of ZnO/C composites being probably the
most efficient, easily implementable, and low-cost
approach. In this case, organometallic complexes
suggested for thermal treatment such as zinc citrate
dihydrate (C4Hs507),Zn3-2H,0 [21-24] and zinc tar-
trate C4H4ZnOg [25] can serve as precursors for both,
ZnO and carbon.

Summarizing, although a significant progress has
already been achieved, developing a facile route to
synthesize carbon coated nanosized materials
remains an important task to further improve the
performance of ZnO-based anode materials. In the
present paper, based on the results of our previous
work [26], a synthetic route involving a thermal
treatment of organometallic compounds was devel-
oped to prepare carbon-composited metal oxide. The
formation of ZnO/C composites has been
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successfully realized by heat treatment of zinc glyc-
erolate (ZnGly) under inert atmosphere. The organic
component of ZnGly partially transformed into car-
bon resulting in the formation of ZnO/C composites.
Additionally, potential applications of the ZnO/C
composites as anode materials for lithium-ion bat-
teries were investigated.

Experimental
Materials preparation

Zinc acetate dihydrate (CH3;COO),Zn-2H,O and
freshly distilled glycerol (analytical grade) were used
as the starting materials for the synthesis of zinc
glycerolate ZnC;H¢Os. The ZnGly precursor was
prepared via a polyol-mediated synthesis based on
Dong’s work [27]. Typically, 2.0 g (CH3;COO),.
Zn-2H,0 and 1 ml of distilled water were added to
50 mL of glycerol in a 100-mL round-bottom flask.
This solution was heated to 160 °C and refluxed
under Ar flow for 1 h. After cooling to room tem-
perature, the resulting colorless precipitate, zinc
glycerolate, was collected using centrifugation,
washed with ethanol, and dried at 80 °C for 60 min.
Finally, ZnO/C composites were prepared by
annealing of the as-obtained ZnGly in a tube furnace
at different temperatures between 400 and 800 °C for
2h under N, flow at an initial heating rate of
5 °C min~'. The carbonized products are termed as
ZnO/C-X, where X is the annealing temperature. For
the purpose of comparison, a bare ZnO sample was
prepared by annealing of the ZnO/C-800 composite
at 600 °C for 1 h in air.

Materials characterization

The synthesized ZnO/C-X composites were charac-
terized by a variety of complementary experimental
techniques, as described in detail below. X-ray
diffraction (XRD) patterns were obtained with a
Bruker AXS D8 Advance Eco diffractometer using Cu
K, radiation and a step size of A(20) = 0.02° at the
angular scan. The morphology of the samples was
investigated using a ZEISS Leo 1530 scanning elec-
tron microscope (SEM) and a JEOL JEM 2100 trans-
mission electron microscope (TEM). Raman spectra
of the samples were recorded on a Bruker Senterra
spectrometer equipped with Olympus BX-51 optical

13229

microscope using a 532 nm laser. To avoid damage to
the samples, the emitted power was limited to 2 mW.
All spectra were obtained at room temperature at a
wavelength range from 100 to 4000 cm ™' using a 400
lines mm ™' grid and 25 x 1000 pm aperture. X-ray
photoelectron (XP) spectra of the samples were
measured with MAX200 (Leybold-Heraeus) spec-
trometer equipped with a non-monochromatized Mg
Ko X-ray source (200 W) and a hemispherical ana-
lyzer. The powder materials were pressed into clean
indium foil and thinned by a brush to suppress
charging effects, following the established method-
ology [28]. Thermogravimetric analysis (TG/DTA)
was performed on a Mettler Toledo TGA/DSC1
analyzer with a heating rate of 5 °C min~' in air and
Ar. The content of carbon was examined by elemental
analysis using Vario MICRO Cubes (Elementar).
Nitrogen sorption isotherms were determined on a
Micromeritics Gemini VII 2390 Surface Area Ana-
lyzer. Prior to N, physisorption data collection, the
samples were degassed at 150 °C under vacuum for
4 h. The specific surface area, pore size distribution,
and pore volumes were obtained by means of the
Brunauer-Emmett-Teller (BET) method and the
Barrett-Joyner-Halenda model from the adsorption
branches of the isotherms.

Electrochemical measurements

Electrochemical studies were performed in Swage-
lok-type two electrode cells at 25 °C by using a VMP3
potentiostat (Bio-Logic SAS) (see [26]). The prepara-
tion procedure of the working electrodes is as fol-
lows. A mixture of 80% ZnO/C, 15% carbon black
(Super C65, Timcal), and 5% polyvinylidene fluoride
binder (PVDF, Solvay Plastics) dissolved in
N-methyl-2-pyrrolidone (NMP, Sigma-Aldrich) was
stirred for at least 12 h. In order to obtain a spread-
able slurry most of the NMP was evaporated in a
vacuum oven (10 mbar, 65 °C). The resulting elec-
trode slurry was applied on circular Cu meshes (di-
ameter 10 mm) with a mass loading of about
2 mg cm 2. Afterward, the electrodes were dried at
80 °C under vacuum, mechanically pressed at
10 MPa, and then dried again. The working electrode
and the counter electrode, consisting of a lithium
metal foil disk (Alfa Aesar) pressed on a nickel cur-
rent collector, were separated by two layers of glass
fiber separator (Whatman GF/D). As electrolyte 200
pL of a 1 M LiPFg salt solution in 1:1 ethylene
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carbonate (EC) and dimethyl carbonate (DMC)
(Merck Electrolyte LP30) was used. The cells were
assembled in a glove box under argon atmosphere
(O2/H0 < 5 ppm). For ex-situ XRD measurements
the cells were galvanostatically cycled at 10 mA g~
and disassembled at various dis-/charged states in
the glove box. The electrodes were washed in DMC
and dried under vacuum conditions overnight. The
XRD measurement of the post-cycled electrode
material was performed using an airtight sample
carrier.

Results and discussion

The structure of the ZnO/C-X composites was ana-
lyzed by XRD (Fig. 1a). For comparison, the XRD
pattern of ZnO obtained by annealing the ZnO/C-800
composite in air at 600 °C is also included. All
diffraction peaks can be assigned to a hexagonal
phase of wurtzite-type ZnO according to JCPDS # 36—
1451, space group P63mc. Lattice parameters deter-
mined by means of full-profile analyses with the
FullProf Suite (see Table 1) are in good agreement
with the literature. The intensities of the characteristic
peaks of ZnO increase with rising annealing tem-
peratures. For ZnO/C composites prepared by heat
treatment below 600 °C, the diffraction peaks are
rather broad which is attributed to nanosized ZnO
crystallites. The crystallite sizes of ZnO in the ZnO/
C-X (X =400, 500, 600) samples are calculated using
the Scherrer equation:

J Mater Sci (2021) 56:13227-13242

where Dy is the average grain size based on the
particular reflecting crystal face (hkl) direction, K is a
shape factor which can be approximated to 0.9, 4 is
the wavelength of the applied Cu Ko radiation,
AQROu) is the full width at half-maximum of the
diffraction peak and 0y is the Bragg angle. The
analysis of the peaks below 20, = 65° yields the
averaged crystallite size for the ZnO/C-X samples.
Both, ZnO/C-400 and ZnO/C-500 composites, exhi-
bit similar particle size of around 12 nm. By contrast,
the ZnO/C-600 composite is characterized by a larger
size of 19 £ 3 nm.

Raman spectra collected from the ZnO/C-X
(X =400 — 700) samples display two prominent
peaks which are attributed to the carbon D- and
G-bands (see Fig. 1b). The G-band corresponds to
sp>-bonded carbon atoms, while the D-band is asso-
clated with defects or disorders mainly due to sp’
hybridization [29]. The D- and G-bands of the ZnO/
C-400 composite are located at 1359 cm™' and
1591 em ™', respectively. In comparison, the D-and
G-peaks of the ZnO/C-700 sample are slightly red-
shifted by 23 and 20 cm™' toward 1314 and
1571 cm™!, respectively. The same shift toward
higher binding energy indicating the strong chemical
interaction between the surface carbon and Zn atoms
was observed by XPS on ZnO/C composite [23].
Similar shifts have been reported for TiO,/C com-
posites [30, 31]. These shifts are attributed to the
stress induced by the chemical anchoring of ZnO
atoms on the carbon surface. Obviously, such an
interaction can change the Raman shifts describing

Diw = K2/ A(201) cos Oy, (3) the carbon bond energy. The ratio of the maximum
intensities, Ip/Ig, was calculated as 0.73 and 0.91 for
@) ssz | o _ | o o ©),00 7
Zn0/C-400 m % = § g """""""" Zn0J/C-700
ZnO/C-500
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Figure 1 a XRD patterns and b Raman spectra of the ZnO/C-X composites and bare ZnO sample as well as (¢) TG curves for the ZnGly
precursor heated in an inert atmosphere and ZnO/C-400(700) composites heated in air.
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Table 1 Lattice parameters obtained from Rietveld refinement, results of BET analysis, and carbon content for the ZnO/C-X composites

and bare ZnO

Sample Lattice parameters Sger (m g™ h) Total pore volume (cm® g 1) Carbon content (wt%)

a (A) c(A) TG Chemical analysis
ZnO/C-400 34.80 52.05 54.8 0.18 8.0 8.7(5)
ZnO/C-500 32.49 52.06 59.8 0.16 7.1 8.2(5)
ZnO/C-700 32.55 52.16 100.9 0.36 5.7 6.0(5)
Zn0O/C-800 32.53 52.11 93.1 0.29 - 5.8(5)
ZnO 32.49 52.05 6.6 0.02 - -

the ZnO/C-400 and ZnO/C-700 composite, respec-
tively. According to the model proposed by Ferrari
and Robertson, the ratio Ip/Ig is proportional to the
crystallite size, when it is less than 2 nm for amor-
phous carbon [32]. The increasing intensity of the
D-band with rising annealing temperature is charac-
teristic of the carbonization process and implies less
disorder and a lower number of defects in the carbon
component due to a growing crystallite size [33, 34].
The peaks associated with ZnO were not observed by
Raman spectroscopy using a laser wavelength of
532 nm.

TG/TGA analysis (Fig. 1c) of the ZnGly precursor
illustrates its conversion into carbon containing zinc
oxide upon annealing in a nitrogen atmosphere. A
significant weight loss of ca. 40% at heating from 400
to 1000 °C can be explained by the total decomposi-
tion of the ZnGy precursor with simultaneous for-
mation of zinc oxide, volatile products with low
molecular weight and products of condensation of
organic compounds, similar to titanium glycerolate
[26]. Furthermore, the products of the condensation
also undergo a disproportionation with the formation
of volatile low molecular weight substances and the
carbonaceous part of the ZnO composite. Therefore,
400 °C was selected as the start reaction temperature
to calcine the ZnGly precursor under nitrogen envi-
ronment to produce the ZnO/C composites. The
carbon content in the as-prepared ZnO/C-X com-
posites was determined by the TG/TGA measure-
ments in air, performed in the temperature range up
to 1000 °C to ensure the complete oxidation of carbon
into carbon dioxide (cf. Table 1). As a result, the
carbon contents in the ZnO/C-400 and ZnO/C-700
composites were estimated at 8.0 and 5.7 wt%,
respectively. These values were additionally verified

by the chemical analysis, with good agreement of the
results (Table 1).

To confirm the formation of the ZnO/C composites
and to exclude other oxidation states of Zn, XPS
analyses were carried out on ZnO/C-400 and ZnO/
C-700. The XPS survey spectrum and core level
spectra of the Zn 2p, O 1 s and C 1 s peaks for both
samples are shown in Fig. 2. The survey spectrum in
Fig. 2a displays the presence of Zn, O, C without any
detectable impurities. The Zn 2p spectra of both
samples in Fig. 2b exhibit a single Zn 2p3,, /> dou-
blet, with the positions of the Zn 2p;,, and Zn 2p ,
components, 1021.6 eV and 1044.7 eV, respectively,
corresponding to Zn>* [11, 23]. This assignment is
additionally supported by the kinetic energy position
of the most intense Zn LMM Auger peak at 988 eV
(Fig. S1), which corresponds to ZnO. The O 1s
spectrum, as shown in Fig. 2¢, was resolved and the
lower binding energy component at 530.7 for the
ZnO/C-400 sample and 530.6 eV for the 700 sample
can be attributed to the hexagonal close packing of O,
in the wurtzite-ZnO structure. The peak at 532.3 eV
for both samples is associated with surface hydroxyl
groups (OH) and/or C=0. The peak at 533.9 and
534.2 eV corresponds to single bonds between oxy-
gen and carbon (C-O) and/or absorbed water [35].
The C 1 s spectra, which are shown in Fig. 2d, can be
fitted by four sub-peaks, the aliphatic C-C, the C-O,
C=0, and O-C=0 peak [35]. For ZnO/C-400 the
positions of these peaks are at 284.8, 286.2, 287.9, and
289.9 eV and for ZnO/C-700 the peaks are located at
284.4, 286.6, 287.9, and 289.8 eV. The shift of the C-C
peak from ZnO/C-400 to ZnO/C-700 towards lower
binding energies indicates, in accordance with the
Raman data, a more graphitic state for the carbon
component of the ZnO/C-700 composite [36].
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SEM images of the ZnO/C-X composites in Fig. 3
show the drastic effect of the calcination temperature
on the morphology of the samples. The pristine
ZnGly precursor is mainly composed of irregularly
shaped sheets with several micrometers in length
(Fig. 3a). The ZnO/C composites fabricated via
annealing of the precursor at a temperature below
500 °C consist of sheets with an average size of few
micrometers, which are primarily composed of
nanosized grains of ZnO (Fig. 3b, c). Probably, carbon
acts as a cross-linking agent that holds the ZnO
nanoparticles together. The cross-sectional SEM
images of the sheets show that their thickness chan-
ges from 270 to 800 nm for ZnO/C-500 and ZnO/C-
400 composites, respectively (Fig. 3b, c, insert). In
contrast, the ZnO/C-700 and ZnO/C-800 composites
consist of many thin sheets and several large particles
of about 1 — 7 pm in diameters (Fig. 3d, e). As shown
in Fig. 3f, the bare, carbon-free ZnO particles,
obtained by the heat treatment of the ZnO/C-800
composite in air, represent hexagonal ZnO prisms
with an average size of about 1-7 um.

Further information on the morphology and
structural features of the sheets in the ZnO/C-700
composite was obtained by TEM studies. The TEM
images shown in Fig. 4a exhibit well crystallized ZnO
nanoparticles which are dispersed in a carbon matrix.
The corresponding high-resolution TEM (HRTEM)
image in Fig. 4b exhibits lattice fringes with spacings
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of 0.26 and 0.28 nm, which correspond to the dis-
tances between the (002) and (100) planes of ZnO,
respectively. Furthermore, the crystalline structure of
the ZnO/C-700 composite is confirmed through the
selected area electron diffraction (SAED) pattern as
shown in Fig. 4c. Several clear diffraction rings from
the SAED pattern can be assigned to the (100), (002),
(101), (102), (110), (103), and (200) planes of hexagonal
Zn0O, suggesting a polycrystalline nature of the ZnO
component in the composite.

The porous nature and the specific surface area of
the as-prepared samples were investigated by nitro-
gen adsorption—desorption isotherms. Correspond-
ing pore size distribution plots of the samples are
shown in Fig. 5. The ZnO/C-X composites display
isotherms of type IV, according to the IUPAC classi-
fication, with a H3 hysteresis loop (Fig. 5a) [37]. The
isotherms of the bare ZnO powder are close to type II,
which is typical for non-porous or macroporous
materials. The BET specific surface area and the
respective pore volumes of the samples are displayed
in Table 1. The BET surface area of the ZnO/C-X
composites is rather high which is attributed to the
presence of mesopores, in contrast to the bare ZnO
which displays a very low value of this parameter
(6.7 m*g ). In the case of the ZnO/C-X hybrid
materials, the annealing temperature of the ZnGly
precursor affects the specific surface area signifi-
cantly as this parameter increases with the increasing
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Figure 3 SEM images of

(a) ZnGly precursor, b ZnO/C-
400, ¢ ZnO/C-500, d ZnO/C-
700, e ZnO/C-800 composites,
and f bare ZnO sample. Insets
show high-magnification SEM
images of cross sections of
ZnO/C-400(500) composites.

Figure 4 a TEM image, b HRTEM image, and ¢ SAED pattern of ZnO/C-700 composite.

annealing temperature, from 400 to 700 °C. We  N,. The decrease in the specific surface area of the
attribute this behavior to the formation of defects in =~ ZnO/C-800 composite compared to the ZnO/C-700
the composite structure during their annealing under composite is attributed to the appearance of large
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Figure 5 a N2 adsorption—desorption isotherms and b BJH pore size distribution curves of as-prepared ZnO/C composites and bare ZnO

powder.

ZnO particles, as demonstrated by the SEM images
(Fig. 3). Note, the ZnO/C-700 composite shows the
highest BET surface of 100.9 m* g~ '. From the pore
size distribution plots (Fig. 5b), it is obvious that
mesoporous structures are predominant in the fab-
ricated ZnO/C-X composite materials.

The fabricated hybrid nanomaterials were studied
with respect to their applicability as electrode mate-
rials in LIBs. Note, that the mesoporous nature of
these materials is supposed to facilitate penetration of
the electrolyte, thereby securing good electrical con-
tact with the electrode and accelerating the diffusion
kinetics. The electrochemical properties were inves-
tigated by cyclic voltammetry (CV) and galvanostatic
cycling with potential limitation (GCPL). Figure 6a
shows the first, second, third and tenth CV cycles for
the ZnO/C-400 composite at a scan rate of
0.1 mV s ' in a voltage range of 0.01-3.0 V. During
the first reductive sweep the irreversible formation of
the solid electrolyte interphase (SEI) occurs at around
0.6 V (R3). The peak R1 at the lower voltage limit of
0.01 V originates in part from the lithiation process
related to carbon [38]. Since no corresponding
oxidative peak is visible, we conclude that the
delithiation process takes place over an extended
voltage range. The reduction peak R2 and the oxi-
dation peaks O1-O4 can be assigned to the Li* stor-
age in ZnO [5, 6]. In the initial scan the reduction
peak R2 at 0.3 V can be ascribed to both electro-
chemical reactions, the conversion and the alloying
process [6]. After the second cycle R2 splits up in R2,
(0.4 V) and R2¢ (0.7-0.8 V) which may be explained

@ Springer
148

by a reduced overpotential of the conversion reaction
at R2¢ due to structural changes during the initial
cycle as compared to the conversion reaction at R2
while the alloying reaction at R2, is not significantly
affected. Such a behavior is also observed for other
conversion materials, such as Mn3O,4 [38]. The oxi-
dation peaks O1-O3 located between 0.3 and 0.7 V
are assigned to the dealloying of LiZn alloy. The
occurrence of several peaks suggests a multi-step
process with various LiZn intermediate stages, such
as LipZnj, LiZn, and Li,Zns [39, 40]. The peaks O1-
O3 as well as R2, corresponding to the alloying
process show good cycling stability. The oxidation
feature O4 at around 1.3 V finally signals conversion
to ZnO [6, 9]. Upon further cycling, the redox peak
pair R2/04 quickly decreases in intensity indicating
an inactivation of the conversion reaction of ZnO
Eq. (1). In contrast to the CV curve of the ZnO/C-400
composite, in case of the ZnO/C-700 composite
(Fig. 6b) and bare ZnO (Fig. 6¢) the oxidation peaks
01—04 have lower intensity in the first cycle, while
an additional oxidation peak at 2.6 V, labeled as O5,
can be observed. The latter feature was also observed
in several previous studies [3, 6, 7, 41, 42] but its
origin still remains unclear. Huang et al. [3] and
Pelliccione et al. [6] have speculatively assigned it to
the back formation of ZnO Eq. (2) and the oxidation
peak O4 to the dealloying process Eq. (1). In contrast,
Mueller et al. [7] showed by means of in-situ XRD
studies that the dealloying process is completed even
before the oxidation process O4 starts and that ZnO is
formed only afterwards, at O4. However, while these
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Figure 6 Cyclic voltammograms of (a) ZnO/C-400, b ZnO/C-700, and bare ZnO in the range of ¢ 0.01-3 Vand d 0.01-2 V at a scan rate
of 0.1 mV s~'. 01-05 and R1-R4 label oxidation/reduction features as discussed in the text.

results exclude the above-mentioned assignment of
05, Mueller et al. make no further statements about
this oxidation process. Hence, for understanding of
the latter process we recorded a CV of the bare ZnO
anode in a restricted potential range of 0.01-2.0 V
(Fig. 6d), excluding O5. The comparison of this CV
curve with the full range scans shows that the elec-
trochemical activity steadily and strongly decreases
in case of O5 exclusion, whereas otherwise, i.e., when
the oxidation O5 takes place, the intensities of the
subsequent features are significantly higher. Appar-
ently, the oxidation process O5 plays a decisive role
in the reversibility of Li* storage processes.

Ex-situ XRD measurements were performed in
order to get insight into the structural changes of
ZnO/C composites during electrochemical cycling.
The XRD patterns of the ZnO/C-700 electrode at
different dis-/charge states are shown in Fig. 7. In the
initial state, the hexagonal ZnO phase (JCPDS
#36-1451) is identified. The additional peaks at 44°

and 51° originate from the Cu current collector. After
discharging to 0.6 V the XRD pattern is similar to that
of the as-prepared electrode. As expected, this
implies that the electrode material does not undergo
any structural transformation during the SEI forma-
tion. By further discharging to 0.3 V, the hexagonal
ZnO phase completely transforms into a Zn phase
(COD #9,008,522), which goes along with the con-
version reaction according to Eq. (1). As can be seen
from the expanded view of the 27-41° 26 range in the
inset of Fig. 7, a broad low intensity peak located at
33.7° indicates the presence of Li,O (ICSD #54,368). It
can be observed for all the following charge states as
exemplarily shown by the XRD patterns of the fully
charged and discharged state in the inset of Fig. 7.
The XRD pattern of the completely discharged elec-
trode (i.e., at 0.01 V) exhibits the characteristics of a
single LiZn phase (COD #1,539,519), resulting from
the alloying process described by Eq. (2). The
observed structural changes upon cycling are in good
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Figure 7 Ex-situ XRD patterns of a ZnO/C-700 electrode
recorded at different stages of electrochemical Li* de-/insertion.
The reflexes marked with * originate from the Cu current
collector. In addition, the Bragg peak positions for ZnO (JCPDS #
36-1451), Zn (COD #9,008,522), and LiZn (COD #1,539,519)
are shown. The inset shows the expanded view of XRD patterns of
the samples lithitated up to 0.01 V (fully discharged), 0.9 V, and
3 V (fully charged) in the 27-41° 260 range.

agreement with the reported results for a two-step
mechanism for Li* storage in ZnO including a con-
version and an alloying process [5, 40]. During the
subsequent charging to 0.9 V, the peaks associated
with LiZn vanish and the Zn phase reappears, con-
firming the reversibility of the alloying process. As
charging proceeds to 3 V, the peaks associated with
the Zn phase diminish in intensity, while no other
crystalline phase shows up. Apparently, no structural
changes are associated with the oxidation processes
reflected by O4 and O5. Against expectation, there is
no indication of crystalline ZnO in the completely
charged electrode (i.e, at 3 V). This might be
explained either by the amorphous structure or
nanosize of the electrochemically formed ZnO or by
the irreversibility of the conversion reaction Eq. (1).
The lattice parameters of the Zn and LiZn phases
appearing at various charging stages during the
electrochemical cycling were determined by means of
full-profile analyses with the FullProf Suite
(Table S1). Ex-situ XRD studies on ZnO/C-400 show
similar results (Fig. S2).

GCPL measurements at a current density of
100 mA g~' in the range of 0.01-3.0 V enable
assessing the cycling performance of the composite
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Figure 8 a Specific dis-/charge capacities and coulombic
efficiencies of the ZnO/C-400 and ZnO/C-700 composites and
of bare ZnO for galvanostatic cycling in the potential range
between 0.01 and 3 Vat 100 mA g~ as well as (b) the respective
potential profiles for the first, second, tenth and twentieth cycles.

nanomaterials under study. Figure 8a shows specific
dis-/charge capacities and coulombic efficiencies for
the first 100 cycles of the ZnO/C-400 and ZnO/C-700
composite as well as of the bare ZnO electrode. In the
first cycle specific dis-/charge capacities of 1126/633
mAh g~ (ZnO/C-400), 1061/671 mAh g~ (ZnO/C-
700) and 749/439 mAh g~' (ZnO) were measured.
One reason for the large capacity loss in the first cycle
is the irreversible SEI formation during discharge. As
can be seen from the potential profiles of the first
lithiation (Fig. 8b), for bare ZnO the SEI contribution
is quite small with less than 50 mAh g~', whereas for
the composites it is larger due to the fact that the
irreversible charge loss is roughly linearly propor-
tional to the specific surface area of carbonaceous
materials [43]. Cracking and fracture of the electrode
material due to large volume changes can lead to an
unstable SEI and irreversible capacity losses beyond
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the first cycle [44], which also might explain the
unexpected high second discharge capacity of ZnO/
C-700 compared to the first charge capacity. Based on
the reaction mechanism of ZnO Egs. (1) and (2), a
maximal theoretical specific capacity of 978 mAh g™
can be reached. Considering the capacity from the SEI
formation, it can be concluded that in the case of the
composites the ZnO almost fully reacts with Li"
according to the expected reaction mechanism, while
this is not the case for the bare ZnO electrode. After
20 cycles 293 mAh g~ can be charged from ZnO/C-
700 and a slightly higher capacity of 374 mAh g™
from ZnO/C-400, corresponding to a capacity fading
of 44% and 41% relative to the first cycle. The poor
coulombic efficiencies and rapid capacity fading
during the first twenty cycles might be explained by
the limited reversibility of the conversion reaction
Eq. (1). This is supported by the results of ex-situ XRD
studies. Under the assumption that the back forma-
tion to ZnO Eq. (1) is irreversible and the reversible
lithiation reaction is a single alloying process Eq. (2) a
maximal capacity of only 329 mAh g~' can be
expected. Obviously, the charge capacities exceed
this value for about the first twenty cycles indicating
that the reoxidation of Zn to ZnO is at least partly
reversible as also observed by Pelliccione et al. [6]
and Mueller et al. [7]. Interestingly, during further
cycling the coulombic efficiencies are increasingly
converging at 100% and simultaneously the cycling
stabilities get much better. Exemplarily, the ZnO/C-
700 composite delivers a discharge capacity of 212
mAh g ! after 100 cycles exhibiting excellent cycle
stability with an average capacity loss of only 0.04%
per cycle over the last 80 cycles. The potential profiles
of the first, second, tenth and twentieth cycle in
Fig. 8b provide an insight into the origins of the
capacity fading. Comparing the potential profiles, it
is noticeable that the capacity loss can be mainly
traced back to an inactivation of the conversion
reaction Eq. (1), which can also be observed in the CV
curves (Fig. 6). During the first cycles both processes,
viz. the conversion and the alloying, take place but in
the further course the alloying mainly contributes to
the Li" storage, which might be due to the incom-
plete back formation of ZnO. In addition, the loss of
electrical connectivity to the active material due to
changes in the electrode structure, such as particle
aggregation or pulverization, results in capacity los-
ses. Comparing the two composites, indeed, the
capacities of the ZnO/C-700 composite fade more
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rapidly in the first cycles with lower coulombic effi-
ciency than for ZnO/C-400 but stabilize faster in the
further course. It should be noted, that the evolution
of the capacities of the ZnO/C-500 sample is similar
to that of ZnO/C-400 while the evolution of the
capacities of the ZnO/C-800 sample is similar to that
of ZnO/C-700 (Fig. S3), who each have similar crys-
tallographic and morphological properties, respec-
tively. The worse cycling stability of the ZnO/C-700
composite in the first twenty cycles might be attrib-
uted to the presence of microscaled polyhedrons,
whereas the ZnO/C-400 composite consists only of
nanoscaled primary particles. For one thing, the
reversibility of the conversion reaction depends on
the crystallite size of the transition metal particles
formed during electrochemical cycling [45]. Park
et al. [9] have shown that the back formation of ZnO
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Figure 9 a Rate capability test of the ZnO/C-400 and ZnO/C-700
composites and of bare ZnO at current rates between 100 and
1000 mA g~! as well as (b) the respective potential profiles of
cycle 10 at 100 mA g, cycle 40 at 1000 mA g~ and cycle 50

again at 100 mA g~
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only occurs for extremely small Zn nanocrystallites.
In addition, nanosized particles can better accom-
modate the strain caused by the volume changes
during electrochemical cycling [46]. Looking at the
comparison between the ZnO/C composites and the
bare ZnO sample, it is remarkable that over the whole
measurement the composites reach about twice the
capacities of the bare sample. In cycle 20 and 100, the
bare ZnO compound reaches specific capacities of
131 mAh g' and 97 mAh g !, respectively. The
higher capacities of the composite materials can be
probably traced back to the larger surface area
offering more active sides as well as a better elec-
tronic connection of the ZnO particles due to the
conductive network provided by the carbon. Fur-
thermore, the stabilized coulombic efficiency and the
cycling stability of the bare ZnO electrode is with a
capacity loss of 70% in cycle 20 relative to the first
cycle worse than for the composites. We conclude
that degradation effects such as structural changes of
the electrode material leading to the electrical dis-
connection of the active material as well as an
unstable SEI can be at least partly prevented by the
carbon. The carbon matrix can effectively suppress
the nanoparticle aggregation and pulverization of the
electrode material due to large volume changes

J Mater Sci (2021) 56:13227-13242

helping stabilize SEI formation [23, 47-49]. In addi-
tion, the electrochemical properties of bare ZnO and
the ZnO/C-400 and ZnO/C-700 composites were
also investigated by galvanostatic cycling with vari-
ous current densities between 100 and 1000 mA g™ '.
The specific dis-/charge capacities are shown in
Fig. 9a along with the potential profiles of cycle 10 at
100 mA g~ ', cycle 40 at 1000 mA g~ ' and cycle 50
again at 100 mA g71 in Fig. 9b. The ZnO/C-400
composite reaches a charge capacity of 113 mAh g~*
at a high current rate of 1000 mA gfl while for ZnO/
C-700 a charge capacity of 125 mAh g™ is measured
and for bare ZnO 67 mAh g~'. The inferior rate
capability of the sample ZnO/C-400 compared to
ZnO/C-700 is caused by a more severe polarization
resistance due to kinetic effects. As can be seen from
the potential profiles, at a high current rate of
1000 mA g-1, the potential gap between charge and
discharge increases more for ZnO/C-400 than for
ZnO/C-700. The reduced polarization resistance in
case of ZnO/C-700 might be associated with better
conductivity of the less disordered carbon as shown
by Raman spectroscopy and the XPS analysis. When
the current density is reset to 100 mA g~' charge
capacities of ca. 83%, 86% and even 88% relative to
cycle 10 can be regained for the ZnO/C-400, ZnO/C-

maintaining the structural stability and, moreover,

700

and Dbare

ZnO samples, respectively.

Table 2 Comparison of the electrochemical performance of ZnO and ZnO/C electrodes prepared via different synthesis methods as
reported in the literature

Sample Method of synthesis Current density (mA Discharge capacity (mAh g~ ')/cycle References
g no

ZnO spheres Hydrothermal 100 109/100 [2]

ZnO/C Thermal decomposition of 100 850/200 [22]
nanoparticles Zn3(C¢Hs507),

ZnO/C spheres Thermal decomposition of 100 520/150 [24]

Zn3(CeHs07),

ZnO/C Thermal decomposition of C4H4ZnOg¢ 100 610/300 [25]
nanoparticles

ZnO/C nanocages Pyrolysis 100 750/100 [50]

ZnO/C spheres Pyrolysis 100 750/100 [51]

ZnO/C Ball milling 100 610/500 [52]
nanoparticles

ZnO/C tetrahedron Calcination 110.7 518/300 [53]

ZnO/C Calcination 100 610/50 [54]
nanoparticles

ZnO/C spheres Coprecipitation 500 659/300 [55]

ZnO/C-400 Thermal decomposition of ZnC;HsO3; 100 208/100 This work

ZnO/C-700 100 212/100

ZnO 100 98/100
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Interestingly, the comparison with the measurement
consistently at 100 mA g~ (Fig. 8) reveals that the
capacity fading seems to be more serious for elec-
trochemical cycling at lower rates accompanied with
higher Li* storage capacity. For ZnO/C-400, ZnO/C-
700 and bare ZnO which were continuously cycled at
100 mA g, charge capacities of only 68%, 67% and
54% were obtained in cycle 41 relative to cycle 10.
Higher degradation effects for a more comprehensive
dis-/charge process might be explained as a result of
more serious structural damages of the electrode
material. For comparison purposes, Li storage per-
formance of the as-prepared ZnO/C anodes and
those of ZnO and ZnO/C materials reported in lit-
erature are summarized in Table 2. The results show
that the cycling performance of ZnO/C composites
compared with bare ZnO is much better owing to
positive effects of carbon. The differences of the
specific capacities of ZnO/C composites produced by
various methods can be attributed to the morphol-
ogy, crystal size, specific surface area as well as
porosity which influence the electrochemical prop-
erties of the electrode materials. The lower electro-
chemical activity of the ZnO/C composites in this
work compared to most of ZnO materials in literature
can be explained by their morphological features and
carbon content in the compounds. The as-prepared
composites are composed of ZnO particles with rel-
atively large dimensions. Small-sized particles have a
large surface area, which provides more active sides
resulting in high specific dis-/charge capacities. The
good electrochemical performance of the electrodes
prepared by the thermal decomposition of the dif-
ferent organometallic complexes [22, 24, 25] can be
attributed to the distinctive carbon content in the
products.

Conclusions

In conclusion, a facile method to synthesize ZnO/C
composites, involving a thermal treatment of zinc
glycerolate as a source of both carbon and zinc, was
demonstrated. This one-pot method allows the syn-
thesis of a variety of controllable ZnO/C composites
with distinctive nano/microscaled arrays of ZnO
particles. When used as anode material for lithium-
ion batteries, the ZnO/C composite synthesized at a
calcination temperature of 700 °C achieves high ini-
tial discharge and charge capacities of 1061 and 671
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mAh g~' at a current rate of 100 mA g~'. As com-
pared to the bare ZnO, the composites exhibit sig-
nificantly better electrochemical properties, such as
higher specific capacities and superior cycling sta-
bility. The carbon acts as a conductive network that
runs through the material leading to the prevention
of inactive areas and thus to a higher electrochemical
activity. Ex-situ XRD studies confirm a two-step
mechanism for lithiation of ZnO including a con-
version and alloy process.
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Supplementary Materials

Table S1 Rietveld refinement data of Zn and LiZn appearing at various charging stages during

electrochemical cycling.

Phase Charging stage Lattice parameters
V) a(A) c (A)
Zn 0.3 2.66(1) 4.93(1)
LizZn 0.01 6.18(4) 6.18(4)
Zn 0.9 2.664(6)  4.934(8)
Zn 3.0 2.661(4) 4.94(1)

Figure S1: XPS Zn Auger spectra of ZnO/C-400 and ZnO/C-700
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Figure S2 Ex-situ XRD patterns of an uncycled, fully discharged (0.01 V) and charged (3 V)
Zn0O/C-400 electrode. The reflexes marked with * originate from the Cu current collector. In

addition, the Bragg peak positions for ZnO (JCPDS # 36-1451), Zn (COD #9008522), LiZn

(COD #1539519) and Li20 (ICSD #54368) are shown.
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ABSTRACT

Lithium ion batteries are well established as a prominent option for electrical energy storage due to their
high-power and high-energy density. Here, we demonstrate fully reversible conversion in hollow carbon
spheres (HCSs) functionalized with copper oxide when applied as an anode material for lithium ion
batteries. HCSs have been produced with hard template and glucose as a carbon precursor. Copper oxide
has been prepared via thermal decomposition of copper precursor. The spherical structure is uniform in
diameter of 160 nm and shell thickness of ~10 nm. Copper oxide (Cu0) nanoparticles of about 25 nm in
diameter are homogeneously distributed inside HCSs. The carbon structure between Cu;0 nanoparticles
buffers the volume change and prevents aggregation of Cup,O nanoparticles. Clearly, it provides also
unobstructed pathways for electron transport and Li* diffusion during charge/discharge processes. When
evaluated as anode material for lithium ion batteries, HCSs with Cu,0 nanoparticles deliver an enhanced
high specific capacity of 682 mAh/g at a current density of 50 mA/g and super stable cycling perfor-
mances even at higher current rates in comparison with HCSs. Therefore, these findings reveal a great

potential of HCS/Cu,0 nanoparticles as high-energy anode materials for LIBs.

© 2020 Elsevier B.V. All rights reserved.

1. Introduction

In recent years there is an ever-increasing demand for portable
electronics for consumer as well as for professional applications
which results in increasing energy demand of these devices.
Currently, the dominant energy storage technology for portable
electronic devices is rechargeable Li-ion batteries (LIBs), which is
mainly due to their high energy density and superior rate perfor-
mances but also because of their long cycling stability and low
manufacturing cost compared to other secondary batteries[1-4].
However, the energy density of conventional graphite-based
lithium ion battery cells is greatly limited because the stoichio-
metric limit of Li* intercalation restricts the theoretical capacitance
of graphite to about 372 mAh/g (about 837 mAh/cm?). Therefore,
researchers are aiming at alternative high-capacitance anode

* Corresponding author.
** Corresponding author.
E-mail addresses: kwenelska@zut.edu.pl (K. Wenelska), xchen@zut.edu.pl
(X. Chen).

https://doi.org/10.1016/j.jallcom.2020.156700
0925-8388/© 2020 Elsevier B.V. All rights reserved.

materials. It seems that the carbon-based composite nanomaterials
are well-suited for this purpose, since they increase the capacity of
the anode even up to 1000 mAh/g[5]. A number of carbonaceous
materials including graphene, nanotubes, fullerenes, nanosheets
and nanofibers have been previously reported[6-17]. In most of the
cited examples, high specific surface area and associated high
reactivity with the electrolyte leads to ineffectiveness during the
first cycle and the materials often suffer from severe capacity fading
upon long-term cycling. A crucial parameter of electrode materials
is its porosity. It is important in terms of material contact with the
electrolyte solution which allows interfacial diffusion of Li ions, and
thus determines the overall electrochemical efficiency. For this
reason, it is considered that, the spherical morphology is advan-
tageous for the electrode material as it facilitates homogeneous
distribution of current, thereby reducing the electrolyte distribu-
tion and preventing growth of dendrites from lithium, i.e,,
improving the safety of LIBs. In the case of hollow carbon nano-
spheres (HCS) there is another advantage: the short diffusion dis-
tance for Li ions. It is also worth mentioning that the void space in
the hollow particles can buffer against the volume change during Li
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ions insertion/desertion and thus achieve better electrochemical
performance[18]. The above-mentioned properties of HCS can be
used to create composites with transition metal oxides (TMO),
because they have high theoretical capacities[19-22]. Especially,
the use of only TMO as active material is hindered by their poor rate
performance and low cycling life resulting from the large volume
changes during the conversion processes as well as often limited
transport of electrons and ions in the materials. Hence, when
designing such carbon/TMO composite one should aim at rather
small TMO nanoparticles in order to reduce the Li* diffusion dis-
tance[23-25]. Therefore, much work has been done to develop
strategies that would alleviate these problems. One of them is
combining TMO with carbon materials such as carbon nanotubes
[26-29] or graphene[30-32] because carbon materials can enable
fast electron transport, stabilize the system and act as elastic
buffers.

Furthermore, there are many reports that the combination of
carbonaceous material and copper oxide is characterized by high
capacity and improved cyclability when used as anodes in LIBs. Liu
et al published results for onion-like carbon coated Cu,O nano-
capsules which maintained a reversible capacity of 629 mAh/g after
50 cycles[33]. Zhang et al have reported Cu;O nanowires/func-
tionalized graphene composite. This material exhibited good cyclic
stability and decent specific capacity of 677 mAh/g after 50 cycles
[34]. There are also records reporting on other combinations of
carbonaceous material and copper oxide such as nano-structured
carbon-coated Cu,0 hollow spheres[35,36] mesoporous Cu,O par-
ticles threaded with CNTs[37] or multi-yolk-shell copper oxide@-
carbon octahedral[38].

Herein, we report a facile and reproducible route to prepare
HCSs functionalized by Cu;O nanoparticles as advanced anode
material for high performance LIBs as illustrated in Scheme 1.
Hollow carbon spheres were obtained on a template of silica
nanospheres using glucose as carbon source. Carbon structure be-
tween CuyO nanoparticles can buffer the volume change, pre-
venting aggregation of the Cu0 nanoparticles, and also providing
unobstructed pathways for electron transport and Lit diffusion
during charge/discharge processes. The electrochemical perfor-
mance of HCS/Cu,0 was evaluated by cyclic voltammograms (CV)
and galvanostatic charge-discharge (GCD). The results imply that
HCS/Cu,0 electrodes possess large capacity, good capability and
superior rate cycle stability.

2. Experimental section
2.1. Synthesis of SiO; sphere template

Silica spheres were prepared by the modified Stober method. In
a typical synthesis 4.5 mL of tetraethylorthosilicate (TEOS) was
added to a mixture of ethanol (150 mL) and concentrated ammonia
(25%, 6 mL). The solution was subsequently stirred for 16 h. Then,
0.45 mL of (3-Aminopropyl) triethoxysilane (APTES) was added and

glucose
HF

&

-

Sio,

HCS/Cu.0
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stirred for another 4 h. Finally, the product was dried in air at 90 °C
for 24 h.

2.2. Synthesis of HCS

Above-prepared solid silica structures were used as a template
to get HCSs. 0.5 g of silica spheres were dispersed in 80 mL of water.
Then 0.5 g of glucose was added and stirred for 30 min. The mixture
was placed in 100 mL autoclave at 180 °C for 12 h. In the next step,
the product was separated by filtration, washed with ethanol, dried
and annealed in inert gas at 800 °C for 2 h. Finally, to get HCS the
product was washed with hydrofluoric acid to remove the silica.

2.3. Functionalization of HCS with copper oxide nanoparticles (HCS/
Cuy0)

The HCS modified by metal oxide nanoparticles (HCS/Cu,0)
were prepared according to the following procedure: 50 mg copper
(1) sulfate were dispersed in 20 mL of ethanol and added dropwise
to 50 mg of HCS while stirring and heating at 50 °C. Afterwards, the
mixture was dried in air at 80 °C for 24 h. Then, the product was
annealed in inert gas at 400 °C for 2 h.

2.4. Characterization

HR-TEM micrographs were collected using an FEI Tecnai G2
F20 S Twin with a field emission gun operating at 200 kV. The
morphology of the samples was investigated by scanning electron
microscopy (Hitachi SU8000), with an acceleration voltage of
30 kV. Raman scattering was conducted on a Renishaw micro-
Raman spectrometer (A = 720 nm). X-ray diffraction (XRD) was
conducted on a Philips diffractometer (X'Pert PRO Philips diffrac-
tometer, Almelo, Holland) using Cu Ko radiation. The N, adsorp-
tion/desorption isotherms were acquired at liquid nitrogen
temperature (77 K) via Micromeritics ASAP 2420 instrument, and
the specific surface area was calculated by the Brunauer-Emmett-
Teller (BET) method. The pore-size distribution (PSD) was deter-
mined by the Barret-Joner-Halenda (BJH) method. Thermogravi-
metric analysis (TGA) was carried out on 10 mg samples using a
DTA-Q600 SDT TA at a heating rate of 10 C/min from room tem-
perature to 900 °C under air.

2.5. Electrochemical measurements

The as-prepared HCS/Cu,0 nanomaterials were used as elec-
trode materials for LIBs. The active materials, acetylene black and
PVDF were mixed in a weight ratio of 85:10:5, respectively. Sub-
sequently, N-methyl-pyrrolidone (NMP) was dropped to the pow-
der in order to form a slurry. The working electrodes were
fabricated by coating the slurry onto copper foam and dried in a
vacuum at 80 °C overnight. The testing coin cells were assembled
with the working electrode, metallic lithium foil as a counter

Cu
— - Cathode (Li foil)
<  Separator and electrolyte

=

. = Anode (HCS_Cu0)
Pl Steel plate
g T e
- /isprmg

<

Can

Coin cell

Scheme 1. Graphical illustration of HCS/Cu,0 synthesis route and coin cell composition.
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electrode, NKK TK4350 film as separator, and 200 pl LiPFg in 1:1
ethylene carbonate (EC)/dimethyl carbonate (DMC) as the electro-
lyte. The assembly of the cells was carried out in an argon-filled
glovebox (German, M. Braun Co.). Electrochemical studies were
carried out by means of cyclic voltammetry (CV) and galvanostatic
cycling with potential limitation (GCPL). The measurements were
performed on a VMP3 multichannel potentiostat (BioLogic) at room
temperature.

3. Results and discussion

Fig. 1 shows the XRD patterns of HCS/Cu;0 and HCS samples,
respectively. In HCS, two broad diffraction peaks are observed at
24° and 44° which can be attributed to the (002) and (100) planes
of graphitic carbon[39]. In addition to these broad features, several
clear diffraction peaks in HCS/Cu,0 imply the presence of crystal-
line Cu,O0. Specifically, according to COD 1000063, diffraction peaks
at 20 values of 36.5, 42.5, 61.6, 73.8 and 77.6° can be assigned to the
(111), (200), (220), (221), and (222) planes of cubic Cu,0, respec-
tively. The cubic lattice parameters of Cu,0 were calculated from
the (111), (200), and (220) diffraction peaks using Bragg’s law. The
resulting value of a = 4.252(2) A agrees well with literature reports
[40].

To further investigate the as-prepared samples, the morphology
of the materials was studied by TEM and SEM (Fig. 2). Pristine
hollow carbon nanospheres obtained from glucose on silica spheres
template is shown in Fig. 2A. They are uniform in diameter of
~160 nm with the shells thickness ~10 nm. The size of copper oxide
nanoparticles is in the range of 2—5 nm (see inset Fig. 2 D). SEM
images indicated the maintaining of the spherical structure of the
sample. Fig. 2C clearly shows that the surface of HCS/Cu,0 sample is
smooth, demonstrating Cu,0 nanoparticles are supported inside of
HCS instead of outside of HCS. No impurities or agglomerates were
noticed. As discussed above, HR-TEM of the HCS/Cu,O sample
(Fig. 2D) shows only one kind of periodicity of lattice fringe with a
spacing of 0.234 nm. This value nicely agrees to the separation of
the (111) planes in Cuy0 as determined by XRD (see Fig. 1). Quan-
titatively, our XRD analysis yields 0.245(1) nm.

To further demonstrate the existence of Cu,O nanoparticles
supported in HCS, EDS mapping was used to characterize the pre-
pared sample of HCS/Cu0. Fig. 3 presents the STEM image and EDS

HCS/Cu,0

Intensity [a.u.]

20 30 40 50 60 70 80 90

Fig. 1. XRD patterns of HCS (red) and HCS/Cu,O (black). (For interpretation of the
references to colour in this figure legend, the reader is referred to the Web version of
this article.)

Journal of Alloys and Compounds 853 (2021) 156700

mapping of HCS/Cu,O0. It proves that Cu and O elements are evenly
distributed in the sample of HCS/Cu,O0, further implying that Cu,O
nanoparticles have been successfully incorporated in HCS.

The N, adsorption/desorption measurements for HCS and HCS/
Cu,0 shown in Fig. 4 imply typical type-IV profiles within relative
pressure of 0—1, which suggests the presence of different pore sizes
ranging from micro- to macropores. HCS exhibits larger specific
surface area which decreases after modification with metal oxide
nanoparticles. The parameter decrease upon Cu,0O functionaliza-
tion indicates the presence of Cu,0 nanoparticles in the pores and
their good distribution in the HCS. For HCS, the specific surface area
is 1159 m?/g with total a pore volume of 0.33 cm?/g. After modifi-
cation with Cuy0 nanoparticles, the specific surface area and the
total pore volume decreased to 790 m?/g and 0.18 cm?/g, respec-
tively (see Table 1).

Further information on the structure/defects of the materials is
obtained by Raman spectroscopy (Fig. 5). The Raman spectra of the
HCS and HCS/Cu,0 nanomaterials show two bands, i.e., the G- and
D-band, which are characteristic for all graphitic materials. They are
observed at ~1320 cm™! (D) and ~1598 cm™! (G). The G-band is
associated with stretching of the C—C bond in graphitic materials
which is common in all sp? carbon systems. The D-band is associ-
ated with the vibration of carbon atoms with dangling bonds in the
plane with termination by disordered graphite. The intensity of the
D-band measures the presence of such defects of the graphitic
structure. To quantify disorder in carbon material, the Ip/Ig in-
tensity ratio is estimated. The value of Ip/Ig for HCS/Cu,0 (~1.40) is
not significantly higher than for HCS (~1.38), which may be asso-
ciated with no changes in order of sp? bonded graphitic domains
during decoration by Cu;0 nanoparticles[41].

The TGA measurements in Fig. 5 enable to reveal the carbon
content and the quality of carbon nanospheres. Pristine HCS starts
to decompose at 520 °C in air and the weight loss stops at 720 °C.
This suggests that carbon spheres are less stable than pure graphite,
which starts to burn above 600 °C[42]. There was no ash after
combustion, which indicates high purity of HCS. TGA of HCS/Cu,0
reveals that the Cu,0 content is ~23 wt%. In addition, the data imply
that the interaction of the metal oxide and the carbon induces
lower stability of HCS. The main weight loss for HCS/Cu,0 starts at
around 215 °C and ends at 400 °C.

3.1. Electrochemical measurements

To confirm the potential of the newly developed material (HCS/
Cuy0), lab-scale lithium cell prototypes were assembled using a
HCS/Cu,0-based electrode as anode. The cyclic performance of
HCS/Cu,0 shows a variety of reversible redox reactions as well as
irreversible processes, all of which governed by the electrochemical
properties of both carbon and Cu,O. Fig. 6A shows the initial
discharge—charge curves from HCS/Cu,0 electrode in a half cell
with a Li metal counter-electrode at the current density of
50 mAg~ . In the reduction scan of the 1st cycle, the sample exhibits
irreversible reactions at 0.6 V.

CupO« + +2Lit + 2+ —+Cu- + +Li,0 (1)

and the formation of solid electrolyte interface (SEI) at below
0.8 V. In this case the Cu;0 is reduced into Cu during the discharge
process. In the oxidation scan, the decomposition of SEI occurred at
below 2.0 V and the Cu metal is then re-oxidized into Cu;0 and
partially into CuO at 2.0—2.7 V during the charge process.

2Cu - + +Liy0+ — «Cuy0- + +2Li+ + +Cuo (2)

In the reduction region of the 2nd cycle, the CuO phase is
reduced to Cuy0 at 2.4 V.
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Fig. 2. (A) TEM images of HCS, (B) SEM, (C) TEM, (D) HRTEM images of HCS/Cu,0, and Cu,0 nanoparticles size distribution as obtained from statistical analysis of the TEM images

(inset).

Cuo+ + +Lite ++e7+—+Cuy0 3)

and the Cuy0 phase is then reduced to the Cu metal at 1.4 V
[43,44].

CpO+ + +2Lit+ + +2e- = +Cu- + +Li,0 (4)

Fig. 6B shows the first, the second and the fifth galvanostatic
discharge—charge curves of the HCS/Cu,0 between 0.05 and 3.0 V
(versus Li/Li+). The orange line shows the potential profile of the
first charge and discharge cycle of HCS/Cu,0 (376 mA h g~! and
860 mA h g~ !, respectively). The difference between the charge and
discharge capacity in the first cycle can be assigned to irreversible
effects such as the formation of the SEI layer. Thin SEI is formed on
the HCS/Cuy0 electrode after cycling, and more mesopores are
generated in the hollow structure, leading to the formation of
interconnected spaces, which are favorable to fast transport of
lithium ions and electrons. The stable SEI layer and hollow space on
electrodes can stabilize lithiation/delithiation and mitigate the
mechanical degradation originating from large volume expansion
during discharge. The Cu;O having dominant (111) facets, the
enhanced of performance may be attributed to facilitating lithium
ion transport during the discharging/ charging process. The ca-
pacity data in crystal planes of the Cu,0 play an important role in
searching for high performance lithium-ion. The Cu;O phase is
easily oxidized to the CuO phase in this cell system. In addition,
atom rearrangement and lattice/unit cell reconstruction were
needed when the formation of monoclinic CuO from Cu20 phase
occurred. However, on the (111) surfaces, which are a mixture of Cu
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and O atoms, it is difficult for the oxidation reaction to occur.

Multiple plateaus are clearly observed on both discharge/charge
profiles, which are in good accordance with the CV curves. A
sequential decay in reversible capacities as the rate increase can be
observed. The electrode delivered capacities of 860 mAhg~,
487 mAhg~! 334 mAhg~!, 219 mAhg ! 168 m hg ! and
112 mAhg ! at current densities from 50 to 1000 mAg~'. As shown
in Fig. 6D, the new anode material exhibits good Li" storage ca-
pacity and cyclic stability at each current density from 50 to
1000 mA g L. Notably, the fused HCS/Cu,0 presents much higher
capacities at each stage in comparison to pristine HCS[45]. Even at a
very high current density of 1000 mAg~, a satisfying capacity value
of ~112 mAhg ! is measured. It is interesting to note that even at a
current density of 50 mAg~! (second time), the capacity quickly
returned to 590 mAhg . These results indicate an excellent rate
capability of the HCS/Cu,0-based electrode.

The Cuy0 and its composites have been studied widely in LIBs
and attained prominent achievements. The specific properties of
Cu,0 and its composites for LIBs are given in Table 2. The ability of
Cuy0 to retain its electrochemical capacity is significant and is
strongly dependent on the second component of composite.

From the above results, it is confirmed that Cu,0 nanoparticles
stored inside hollow carbon spheres exhibit excellent performance
when used as anode material of lithium ion battery. Due to the
synergistic effect between Cu,0 nanoparticles and hollow carbon
spheres, the hybrid HCS/Cu,;0 material shows enhanced capacities
in which the void space in HCS can buffer against the volume
change during Li* insertion/desertion.
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Fig. 3. (A) high-angle annular dark-field scanning transmission electron microscopy (STEM) and energy-dispersive X-ray spectroscopy (HAADF-STEM-EDS) mapping of (B) carbon,
(C) oxygen, (D) copper of HCS/Cu,0. The red square in (A) illustrates the region studied in (B) to (D). (For interpretation of the references to colour in this figure legend, the reader is

referred to the Web version of this article.)
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Fig. 4. N, adsorption/desorption isotherms (A) and pore size distribution profiles of HCS and HCS/Cu,0.

Table 1
Specific surface area, total pore volume, and main pore size of HCS and HCS/Cu,0 as
obtained by analysis of the N, adsorption/desorption isotherms in Fig. 4.

Sample Sger (M?[g) VroraL (cm3/g) Pore Size (nm)
HCS 1159 + 6.9 0.33 5.0
HCS/Cu,0 791 + 3.7 0.18 48

4. Conclusion

The contribution provides a facile route to prepare uniform

hollow carbon nanospheres loaded with copper oxide nano-
particles. The spheres were obtained by the deposition of carbon
from glucose onto silica sphere templates. Then, metal nano-
particles were selectively deposited inside HCS by precursor
decomposition. The obtained HCSs were 160 nm in diameter with a
shell thickness of about 10 nm. Based on TGA measurements, it was
determined that the content of copper oxide was ~23 % wt. Also a
slight decrease in order of sp?> bonded graphitic domains with
decoration of Cu,0 nanoparticles was noticed. High capacities and a
good cycle performance make HCS/Cuy0 a promising anode ma-
terial for rechargeable lithium ion batteries.
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Fig. 6. (A) Cyclic voltammograms recorded over a potential window from 0.05 to 3 V at a scan rate from 0.5 mV s, (B) galvanostatic charge/discharge profiles at a current density of
50 mA g~ ! in the voltage range of 0.05—3.0 V, (C) voltage-capacity curves, (D) gravimetric specific capacities vs. cycle number of HCS/Cu,0.

Table 2
Cu,0 and its composite materials for LIBs.

Materials Disharge capacity [mAh g-1] Ref.
Cu,0/graphene hierarchical nanohybrids 857 [46]
Graphene oxide nanosheets Cu,0 1326 [47]
Cu,0/MXene 143 [48]
Cu,0 embedded in porous carbon 882.6 [49]
This work 860

Core—shell structure morphology of Cu,0 120 °C 351 [50]
Cubic shape Cu,0 390 [51]
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ABSTRACT

Constructing composites of metal oxides and disulfides with carbonaceous materials is
considered a useful approach to improve their lithium-ion storage performance. However,
complicated synthesis processes and high-cost carbonaceous materials usually used hinder the
commercialization of such composites. Here, as an example, carbon-coated tungsten oxides and
disulfides are prepared using a facile and simple method on the basis of two kinds of low-cost
carbon sources (CTAB and PVP). Following our postulated synthesis route, a variety of carbon-
coated WOy, WS, as well as mixed-phase WOx-WS: s presented. The CTAB-assisted WO/C
(c-WOX/C), WS,/C (c-WS,/C), and mixed-phase (c-WOx/C-WS2/C) electrodes exhibit
outstanding capacity retention of 74%, 99%, and 95%, respectively, which still have 420 mAh
g, 460 mAh g1, and 525 mAh g capacity left after 200 cycles at 100 mA g*. Particularly, the
c-WS,/C electrode exhibits superior long-term cycle stability of 97% retention after 500 cycles.
Similarly, the PVP-assisted WS,/C (p-WS2/C) electrode displays a capacity retention of 80%
after 500 cycles. This work provides an easy and versatile route to fabricate carbon-coated
tungsten oxides and disulfides with compelling battery performance and can be easily
implemented for other metal oxides and disulfides.

Keywords: lithium ion batteries, tungsten-based materials, a facile method, metal oxides,
metal disulfides
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1. Introduction

The energy crisis arising from the depletion of fossil fuels, and environmental pollution
force people to develop clean, renewable energy like solar and wind energy. To effectively use
these energies, significant worldwide interest has been raised to have access to appropriate
energy conversion and energy storage devices 4. In particular, rechargeable lithium-ion
batteries (LIBs) are promising energy storage systems for electric vehicles and electric grids
due to their high energy density and super-long cycle life 71, However, limited by the low
theoretical capacity of graphite (372 mA h g), which cannot meet the ever-growing demand
for anode materials of next-generation LIBs, many endeavors have been placed on exploring
alternative anode materials for LIBs 121, Among them, metal oxides and sulfides, like tungsten
oxide and tungsten disulfide, are promising candidates because of their high theoretical capacity
(WOs - 693 mAh g, WS, - 432 mAh g*), high intrinsic density, low cost, and environment
friendliness 13161,

However, fast capacity fading and poor rate performance caused by low electrical
conductivity and large volume expansion during cycling hinder practical applications of these
compounds. To solve these issues, constructing composite with carbonaceous materials has
proven to be a promising strategy 719, In previous work, most papers reported composites of
metal oxides and sulfides with carbonaceous materials including graphene, carbon nanotubes
(CNTSs), and carbon fiber which worked as a substrate via in-situ growth or liquid assembly
method 2221 In particular, Park et al. prepared a hierarchically structured composite consisting
of reduced graphene oxide and WO3 via hydrothermal and heating treatment. The composite
showed a good reversible capacity of 487 mAh g under 150 mA g over 100 cycles 2%, Kim
et al. fabricated the onion-like crystalline WS, nanoparticles anchored on graphene sheets 1241,
This material exhibited a specific capacity of 356.5 mAh g™*at 100 mA g after 100 cycles.
Pang and their coworkers grew WS, nanosheets on mesoporous carbon CMK-3 by
hydrothermal approach; the resulting composite delivered a good specific capacity of 720 mAh
g at 100 mA g ! after 100 cycles 2°!,

Although the above composites exhibited better battery performance than the bare ones,
complicated synthesis methods and high-cost carbonaceous materials still limit their practical
application. Therefore, it is urgently needed to develop an easier and low-cost method to prepare
composites of carbonaceous materials with metal oxides and sulfides. Polyvinyl pyrrolidone
(PVP) and cetyltrimethylammonium bromide (CTAB) have been reported as low-cost carbon
sources for various composites for many applications. For example, PVP was used as a carbon
source to prepare MoS./C composites 2628l carbon-coated SiO 21, SiO,/C composite
nanofibers % C@CoFe layered double hydroxides arrays B, and V.0s@carbon nanofiber 321,
In the case of CTAB, it also worked as a carbon source for the preparation of carbon-coated
TiO2 B3 carbon-coated NaVeOis flower 34 nitrogen-doped Mo,C@C composites [,
LisTisO12/C B8, and Ni-Mo.C/graphene aerogel B71.

Here, we report a facile and scalable approach to fabricating carbon-coated metal oxides
and sulfides by taking tungsten oxide and sulfide as an example. Two kinds of carbon sources,
PVP and CTAB, were adopted to verify our approach. Important synthesis conditions, such as
carbonization temperature, sulfurization temperature, and the amount of the carbon source,
were adjusted. As a result, carbon-coated tungsten oxide and tungsten disulfide synthesized
with two different carbon sources exhibit excellent battery performance. The reported approach
provides an easy and versatile route that can be extended to the preparation of other metal oxides
and disulfides.
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2. Experimental Section
2.1 Synthesis of WO,/C composite

WO,/C composites were synthesized by a hydrothermal process and subsequent
carbonization. Firstly, 600 mg Na>;WOs was dissolved in 25 ml deionized water at room
temperature, then 9 M HCI solution was added dropwise to adjust the pH of the mixture to 1.5.
200 mg or 500 mg carbon source (CTAB, PVP) was subsequently added to the solution. The
mixture was transferred to a 50 ml stainless steel autoclave lined with PTFE and heated at 180°C
for 24h and then cooled to room temperature. The precipitate was collected after centrifugation,
washed several times with water and ethanol, and dried in an oven at 80°Cfor 24 h. Finally, the
powder was sintered under a flow of Argon gas at 400 — 800°C for two hours to obtain WO,/C
composites, which are denoted as c-WO/C and p-WOx/C respectively (x is a value varying
from 2 to 3) according to the carbon source (CTAB or PVP) used for the synthesis. Pristine
WOs3 was fabricated using the same reaction conditions without adding a carbon source.

2.2 Synthesis of WS,/C composite

In the giving step, WOx/C composites were used as precursors and further sulfurized to
WS,/C. 100 mg WO/C composite was ground with 500 mg thiourea and then loaded into an
alumina crucible which was put in the downstream of a tube furnace; other alumina boat
containing 500 mg thiourea was put in the upstream. The tube furnace was then kept at 600 or
800°Cfor 2 h under argon flow. Pristine WS was fabricated using the same reaction conditions
by sulfurization of pristine WOs. Depending on the initial carbon source, either CTAB (c) or
PVP (p), the obtained products are denoted as c/p-WS2/C. Mixed-phase composites are labeled
as ¢/p-WOx/C-WS,/C.

2.3 Material Characterization

X-ray diffraction (XRD) patterns were obtained with a Bruker AXS D8 Advance Eco
diffractometer using Cu K radiation and a step size of A(2®) = 0.02° at the angular scans.
Scanning electron microscopy (SEM) was carried out with a ZEISS Leo 1530 scanning electron
microscope. Transmission electron microscopy (TEM) and high-resolution TEM (HR-TEM)
were performed on a Tecnai F30 transmission electron microscope (FEI Corporation, USA) at
an acceleration voltage of 200 kV. The elemental mapping was performed on a scanning
transmission electron microscope (STEM) unit with a high-angle annular dark-field (HAADF)
detector (FEI, Tecnai F30) operating at an acceleration voltage of 200 kV. Thermogravimetric
analysis (TGA) was conducted on a DTA-Q600 SDT TA at a heating rate of 10°C min™* from
room temperature to 800°C under flowing air. X-ray photoelectron spectroscopy (XPS)
measurements were conducted using a MAX 200 (Leybold-Heraeus) spectrometer equipped
with a hemispherical analyzer (EA 200; Leybold-Heraeus) and a Mg Ka. X-ray source. The XP
spectra were acquired in normal emission geometry with an energy resolution of ~0.9 eV. The
binding energy (BE) scale of the spectra was referenced to the Au 4f 7,2 peak at 84.0 eV.

2.4 Battery Assembly and Electrochemical Measurements

The electrochemical performance of the fabricated materials was evaluated using coin cells
(CR2032). The working electrodes were prepared by mixing the active material with carbon
black and polyvinylidene difluoride (PVDF, Solvay Plastics) at a mass ratio of 7:2:1 in 1-
methyl-2-pyrrolidone (NMP, Sigma Aldrich) by magnetic stirring for at least 12 h 8. The
mixed slurry was then applied on circular Cu meshes (diameter 10 mm) with a mass loading of
about 1.5-2 mg cm2. Afterward, the electrodes were dried at 80°C under vacuum, mechanically
pressed at 10 MPa, and then dried again. The cells were assembled in a glove box under argon
atmosphere (O2/H,O < 5 ppm) by using two layers of glass microfibre separator
(WhatmanGF/D) soaked with 130 pl of al M solution of LiPFe in ethylene carbonate
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(EC)/dimethyl carbonate (DMC) (1:1 by volume) (LP30, Merck) and a lithium foil (Sigma
Aldrich) pressed on a nickel plate as the counter electrode. The electrochemical properties were
investigated by cyclic voltammetry and galvanostatic cycling with potential limitation (GCPL)
in the voltage range from 0.01 to 3 V. The measurements were performed with a VMP3
potentiostat (BioLogic) at room temperature.

3. Results and discussion

Carbonization I WO,/C

Hydrothermal WO,/C Lithium ion batteries

i

Carbon source

W source

—— o

Ar flow /' o* \
Sulfur source WO,/C
Sulfurization

Scheme 1. Schematic illustration of the preparation of WOx/C and WS,/C composites.

The experimental synthesis procedure of WOx/C and WS,/C composites is illustrated in
Scheme 1. The WO,/C was obtained based on a hydrothermal process and a post-carbonization
procedure. After a further sulfurization step, the WS,/C was fabricated. It is noted that instead
of high-cost carbonaceous materials like graphene, mesoporous carbon, and carbon nanotubes,
the commonly used and inexpensive carbon source (CTAB and PVP) were introduced. Both
carbon-coated tungsten oxides and disulfides could be easily obtained without the involvement
of any sacrificial template and complex preparation steps. The effects of crucial synthesis
parameters, such as the amount of carbon source, carbonization temperature, and sulfurization
temperature, on the crystal structure, morphology, and battery performance of the above
composite materials were investigated. We will first discuss the composites produced with the
CTAB source, which was generally set to 500 mg.
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3.1. c-WO/C, c-WOx/C-WS2/C, and c-WS2/C
3.1.1. Morphology and Structure of c-WO,/C, c-WO,/C-WS,/C, and c-WS,/C
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Fig. 1. (a) XRD patterns of c-WOx/C, c-WOx/C-WS,/C (sulfurization at 600°C) and c-WS>/C
(sulfurization at 800°C). Vertical ticks show the reference patterns according to JCPDS No. 08-
0237 and JCPDS No.71-2450. (b-e) SEM images of (b, ¢) c-WOy/C, (d) c-WOx/C-WS,/C and
(e) c-WS,/C.

XRD patterns of pristine c-WO,/C, sulfurized at 600 and 800 °C, respectively, are shown
in Fig. 1la. The pattern of pristine c-WO,/C exhibit distinct peaks at 23° and 48°, characteristic
of WO272 (JCPDS No. 71-2450) B°. The influence of the amount of CTAB and the
carbonization temperature on the obtained phase are presented in the Supplementary
Information. A reduction of the amount of CTAB (200 mg) still results in the production of
WO:.72. Whereas without the addition of CTAB, the growth of pure WO3s occurred (Fig. Sla).
Besides, a high carbonization temperature (800 °C) causes the formation of WO- (Fig. S1b).
Thus, we conclude that CTAB also acts as a reducing agent during the carbonization in addition
to serving as a carbon source, and this effect becomes stronger at higher temperatures.

Upon sulfurization, the characteristic WO2.7.-diffraction peaks are suppressed and new
features at 13°, 32°and 60° appear, pointing to the presence of WS, (JCPDS No. 08-0237).
When the sulfurization process is performed at 800 °C, the resulting product is c-WS,/C as
indicated by the complete absence of the WOz, diffraction peaks. By comparison, if the
sulfurization temperature is 600 °C, a mixture of two components (c-WOx/c-WS,/C) is formed
(see Fig. 1a). It can thus be concluded that the degree of sulfurization is controlled by the
sulfurization temperature [“°l. Moreover, all peaks associated with WS, are rather broad,
indicating poor crystallinity. The phase of WS> was maintained when a small amount of CTAB
(200 mg) was added (Fig. S3a), which is similar to the case of WO2.7..
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The effect of sulfurization on the microstructure of the resulting composites is demonstrated
by SEM images in Fig. 1b-e and TEM images in Fig. 2a-e. Pristine c-WO/C exhibits a
nanocluster-like structure of agglomerated nanorods with 100 — 200 nm in length (Fig. 1b, c).
For comparison, the mixed-phase c-WOx/C-WS>/C is composed of curled nanosheets as well
as nanoparticles which are assumed to be c-WOx/C and c-WS,/C, respectively (Fig. 1d). After
the complete sulfurization at 800 °C, only curled nanosheets are observed in the resulting c-
WS,/C (Fig. 1e). Moreover, as shown in Fig. S2a, b and S3b, ¢, the morphology of c-WO/C
and c-WS,/C does not change noticeably at a small amount of CTAB added (200 mg). However,
a low carbonization temperature (400 °C) caused the production of irregular c-WO,/C (Fig.
S2¢).

0.375nm
(010) '

200 nm 200 nm
e ———

Fig. 2. TEM images and HR-TEM images of c-WOx/C (a, b) and c-WS>/C (c, d). TEM images
(e, f) and elemental mapping images (g-j) of c-WO,/C-WS,/C.

As the TEM ad HRTEM images shown in Fig. 2a, b, the c-WO,/C nanorods are coated by
amorphous carbon which agrees with its SEM images. The lattice fringes with a spacing of
0.375 nm can be indexed to the (010) planes, corresponding to the main peak of WO, 7, in the
XRD patterns. The TEM and HRTEM images of the resulting c-WS,/C (Fig. 2c-d) exhibit
curled nanosheets with an interlayer spacing of 0.675 nm, which can be attributed to the (002)
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plane of WS, [*1 421, The elemental mappings of c-WS,/C by energy dispersive spectroscopy
(EDS) shown in Fig. S4 confirm the uniform distribution of W, S, and C in this composite. In
the mixed-phase, c-WOx/C-WS,/C, both WS; nanosheets and WOx nanoparticles are observed,
as seen in Fig. 2e, which is consistent with the corresponding SEM images. EDS elemental
mapping, presented in Fig. 2g-j, further illustrates the homogenous distribution of W, O, S, and
C within randomly selected areas in Fig. 2f, indicating the coexistence of c-WOx/C and c-
WS,/C, which is in good agreement with the XRD data. Thermogravimetric analysis (TGA)
curves (Fig. S5) demonstrate that the specific carbon contents in c-WO,/C, c-WO,/C-WS,/C,
and c-WS,/C are about 2.0, 2.1, and 2.0 (£0.5) wt%, respectively.

(a) (b)
W 4f af,, —Ww
Ols
J Cls .
5 | eWOo,/C
<
N’
cé) e Pl o :
% ¢-WO,/C-WS,/C ¢-WO /C-WS,/C
= waf,, A whaf,,
— L AV
c-WS,/C c-WS,/C -
1 | 1 | 1 1 | 1 1 | 1 | 1 1 | 1
600 400 200 0 40 35 30
Binding energy (eV) Binding energy (eV)

Fig. 3. Wide-scan XP spectra (a) and W 4f XP spectra (b) of c-WO/C, c-WO,/C-WS,/C, and
c-WS,/C. Characteristic peaks and doublet components are marked.

Chemical states and compositions of c-WOx, ¢c-WOx/C-WS2/C, and c-WS,/C were
monitored by XPS. The wide-scan XP spectrum of c-WO/C shown in Fig. 3a confirms the
presence of W, O, and C in this material. After the sulfurization, there is a clear signature of S,
as seen in the wide-scan spectra of c-WOx/C-WS2/C and c-WS,/C. Simultaneously, the signal
of O gradually decreases in intensity due to the sulfurization treatment. All these observations
agree well with the results of the EDS elemental mapping.

The W 4f XP spectrum of the c-WO,/C composite shown in Fig. 3b exhibits a superposition
of two W 4f72,5,2 doublets. The first doublet, with the component peaks at ~35.7 and ~37.8 eV,
is attributed to W®*. The second, comparably weak doublet, with the component peaks at ~34.9
eV and ~36.9 eV, is assigned to W°*. One can thus conclude that c-WO/C is composed of W°*
and W®*, in good agreement with the literature data [“%l. In contrast, in the W 4f XP spectrum
of c-WS2/C, a single W 4f7,2,512 doublet, with the component peaks at 32.5 eV and 34.6 eV, is
found, corresponding to the W** oxidation state [*4l. This doublet is accompanied by a broad W
5p32 peak at 37.8 eVV. Complementary information is provided by the S 2p XP spectrum of c-
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WS,/C. The characteristic S 2p3s2,1/2 doublet, with the component peaks at 161.8 eV and 162.9
eV (Fig. S6), can be assigned to S—W bond, confirming the presence of WS,. Moreover, the
very low intensity of the O 1s peak in the spectrum of c-WS,/C (Fig. 3a) verifies a nearly
complete conversion of WO,/C to WS»/C. Significantly, the W 4f XP spectrum of the mixed-
phase, c-WO,/C-WS,/C, confirms the presence of both W** and W®*. Specifically, this
spectrum exhibits two W 4f7p, 52 doublets, with the component peaks at 32.2 eV and 34.4 eV
for the first one and the component peaks at 5.5 eV and 37.7 eV for the second one. A
coexistence of WOx/C and WS,/C in c-WOx/C-WS,/C is thus confirmed.
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Fig. 4. CV curves for (a) c-WOx/C, (b) c-WO«/C-WS>/C, and (c) c-WS,/C electrodes for the
first, second, and fifth cycles at a scan rate of 0.1 mV s™* and in a potential range of 0.01-3 V
vs. Li/Li*. (d) Cycling performance at 100 mA g* and (e) rate performance of the above
electrodes at the current densities ranging from 100 to 1000 mA g*. (f) Long-term cycling
performance and Coulombic efficiency of c-WS,/C at a high current density of 500 mA g*. In
(d), the values for the pristine WOs3 are also shown for comparison.
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3.1.2. Lithium lon Storage Performance of c-WOy/C, ¢c-WO,/C-WS>/C, and c-WS,/C

To investigate the electrochemical behaviors of c-WO/C, c-WOx/C-WS>/C, and c-WS,/C
electrodes, cyclic voltammetry (CV) at a scan rate of 0.1 mV s and galvanostatic cycling with
potential limitation (GCPL) were performed. The current density was set to either 100 or 500
mA g*and the potential window was set from 0.01 V to 3 V.

Fig. 4a shows the first, second, and fifth CV cycles of the c-WO\/C electrode. The first
cathodic scan displays five reduction peaks. Peaks at 2.8 and 0.6 V correspond to irreversible
reactions and the formation of solid electrolyte interface (SEI) which disappear in the
subsequent cycles. Other two reduction peaks at 1.5 and 0.8 V can be assigned to the lithium
intercalation into WO2.72 (Equation 1). The peak located at 0.3 V is attributed to the conversion
reaction of Lix\WO2 72 (Equation 2). During the first anodic process, an oxidation peak appears
at 1.25 V which is associated with the delithiation process of Li,O (Equation 3) [4% 4],

In the second discharge cycle, only one reduction peak at 1.1 V, corresponding to the lithium
insertion into WO..7> (Equation 1), is visible. This peak is representative of a similar
electrochemical reaction as the reduction peaks in the first cathodic scan but its position is
slightly different, which can be attributed to structural changes caused by irreversible
conversion reactions during the initial cycling 1. The second and fifth CV cycles are mostly
overlapping, implying high reversibility of Li* storage in the c-WO\/C electrode after the
second cycle.

The relevant electrochemical reactions for c-WOx/C can be expressed below [431:
WO, ;, + xLi* + xe™ © Liy WO, 7, (1)
Liy WO, 7, + (5.44 — x)Li* + (5.44 — x)e~ - W + 2.72Li,0 (2)
Li,0 + W - xW0, ;, + (2 — X)W + zLi,0 + (2 — 2z)Li* + (2 — 2z)e™ (3)

The c-WS2/C electrode exhibits a completely different electrochemical behavior as shown
by the respective CV curves in Fig. 4c. In the first cathodic scan, three reduction peaks are
observed. The ones at 1.6 and 0.9 V can be attributed to the lithiation of WS> to form LixWS;
(Equation 4). The third reduction peak, centered at 0.6 V, corresponds to the conversion reaction
from LixWS; to metallic W (Equation 5) as well as to the generation of SEI 46471 Also, in the
first anodic scan, three oxidation peaks are recorded. Two of them, at 1.1 and 1.7 V, are
fingerprints of the delithiation of LixWS> to form WS, (Equation 4). The pronounced oxidation
peak at 2.3 V is associated with the oxidation of Li2S to S (Equation 6) /1. In the subsequent
cathodic scan, three new reduction peaks appear which are ascribed to the lithiation of WS>
(features at 0.9 and 1.3 V) (Equation 4) and the formation of Li>S (1.9 V). At the same time,
the reduction peak at 0.6 V disappears, indicating the irreversibility of the conversion reaction.

The electrochemical processes for c-WS»/C can be described as follows:

WS, + xLi* + xe™ & Li, WS, ()
Liy, WS, + (4 — x)Li* + (4 —x)e” > 2Li, S+ W (5)
2Li, S & 4Li* + 4e” +2S (6)

The oxidation peaks in the second anodic scan are overlapping with the ones in the first
cycle. Besides, the CV profiles remain fairly consistent and steady in the fifth cycle, suggesting
good reversibility and stability of lithium ion transport.

9 175



For the mixed-phase, c-WOx/C-WS>/C, the CV profile in Fig. 4b displays the fingerprints
of both constituting materials. Specifically, three reduction peaks in the first cathodic scan at
1.0, 0.5, and 0.3 V emphasize the intercalation of lithium ions into WO2.7> and WS, the
formation of an SEI, and the conversion reactions of WS, and WO 72, respectively. Oxidation
peaks in the first anodic scan correspond to the delithiation of Lix\WOx and LixWS; (1.1 V) and
the delithiation of WS, (2.3 V). Similarly, in the further cycles, features related to WO/C as
well as to WS,/C are observed thereby showing that both materials in this mixed phase
contribute to the electrochemical behavior. Again, the good matching of the redox peaks in the
second and fifth cycles indicates high reversibility of Li* storage in the c-WO,/C-WS,/C
electrode.

Fig. S7 shows the galvanostatic charge-discharge profiles for the 1%, 2", 10" 100" and
200" cycles of c-WOL/C, c-WO/C-WS,/C, and c-WS,/C electrodes at a current density of 100
mA gl The observed potential plateaus are in good agreement with the CV results. The
corresponding cycling performances and Coulombic efficiency are shown in Fig. 4d and Fig.
S8 where the data of the pristine WOg3 electrode are also presented for comparison. The pristine
electrode shows an initial specific discharge/charge capacity of 645/338 mAh g which
decreases gradually to 198/197 mAh g after 200 cycles. The reason behind this decrease is
typically assigned to the volume expansion effects and poor electric conductivity 2. In contrast,
the carbon-coated c-WO\/C electrode not only delivers a higher initial specific discharge/charge
capacity of 840/560 mAh g but also exhibits noticeably better capacity retention (74%) which
still amounts to 420 mAh g after 200 cycles. For comparison, if a relatively small amount of
CTAB (200 mg) is used, the initial specific discharge/charge capacity (860/630 mAh g?) is
slightly higher than for the “standard” amount of CTAB (500 mg) but the capacity retention
value (48%) is noticeably lower (Fig. S9). This can be explained by the lower carbon content
resulting from the smaller amount of CTAB, which is not enough to completely cover WOx.
By contrast, the sufficiently high carbon content (500 mg) provides the full carbon coating on
the WOy surface, which not only promotes the electron and lithium ion diffusion kinetics but
also alleviates the pulverization and volume expansion of WOy [“81,

The c-WO,/C electrode exhibits a faster capacity fading in the first 20 cycles (Fig. S10) and
the specific capacity is gradually maintained in the following cycles if the carbonization
temperature is set to 400°C. Interestingly, a capacity retention of 88% is observed after nearly
100 cycles for the c-WO\/C electrode synthesized at the high carbonization temperature (800°C),
but the low initial specific discharge/charge capacity of 630/420 mAh g hinders its application.
The above results imply that the parameters of the preparation procedure, such as carbonization
temperature and the amounts of carbon source, play crucial roles in the battery performance of
the synthesized c-WO,/C.

After sulfurization at 600°C, c-WOy/C was partially converted to c-WS,/C, and the mixed-
phase, c-WO,/C-WS,/C, was obtained. In comparison with the c-WO,/C electrode, the c-
WO,/C-WS,/C electrode shows enhanced cycling stability as well as slightly lower initial
specific discharge/charge capacities of 760/530 mAh gt. After 200 cycles, the specific
discharge capacity of this electrode is remarkably maintained at 525 mAh g (99% capacity
retention) and no obvious capacity fading is observed during the cycling.

The full sulfurization of c-WO\/C to c-WS,/C at 800°C provides an electrode with an initial
discharge/charge capacity of 680/483 mAh g*. Besides, this electrode shows remarkable
cycling stability (95% capacity retention) and a high discharge capacity of 460 mAh g%, which
is close to the theoretical capacity of WS, (462 mAh g1), after 200 cycles.

The pristine WS, and ¢c-WS,/C electrodes prepared with a small amount of CTAB (200 mg)
were also tested to verify the importance of carbon coating. The respective pristine WS>
electrode displays a fast discharge capacity fading from 836 to 248 mAh g* after 60 cycles (Fig.
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S11). The c-WS,/C electrode has a high initial capacity but shows a significant capacity drop
from 763 to 428 mAh g* after 100 cycles (Fig. S11). Hence, optimization of the amounts of
CTAB for the c-WS>/C is of importance.

In brief, the electrodes of c-WO,/C and c-WS,/C as well as mixed-phase c-WOy/C-WS,/C
all exhibit better cycling performance and higher specific capacities than the pristine WO3 and
WS; electrodes implying the usefulness of the facile composite preparation method described
here.

Additionally, as shown in Fig. 4e, the rate capabilities of the c-WOy/C, c-WO,/C-WS,/C,
and c-WS,/C electrodes were tested under different current densities ranging from 100 to 250,
500, and 1000 mA g. The c-WS,/C electrode delivers average specific discharge/charge
capacities of 440, 360, 300, and 250 mAh g, respectively. As the current density is returned
to 100 mAg™, the specific discharge/charge capacity quickly recovers to 435 mAh g*. Similar
superior rate performances are also observed for the c-WOx/C-WS,/C electrode which shows
slightly higher average specific discharge/charge capacities of 500, 420, 380, and 320 mAh g’
! respectively, at the same current densities. Consequently, both ¢-WS,/C and c-WO/C-WS,/C
electrodes display high reversibility and excellent rate capability. By comparison, the c-WO,/C
electrode exhibits slightly inferior rate capability, delivering specific capacities of 550, 420,
280, and 220 mAh g2, respectively.

Motivated by the excellent stability and rate performance of the c-WS2/C electrode, its long-
term stability was evaluated at a high current density of 500 mA g*. Remarkably, as shown in
Fig. 4f, even over 500 cycles, a high capacity retention of 97% is obtained and the electrode
delivers a capacity of 307 mAh g.

—p-WO/C
—— p-WO/C-WS,/C
——p-WS,/C

(010)

1?
1>(ozo)

W

&J“m

(002)
(101)

’(llﬂ)

WS,

WO,

L |“ | Moala la i 1
10 20 30 40 50 60 70

2 Theta (°)

10pum

Fig. 5. (a) XRD patterns of p-WOx/C, p-WOx/C-WS,/C (sulfurization at 600°C), and p-WS,/C
(sulfurization at 800 °C). Vertical ticks show the reference patterns according to JCPDS No.
08-0237 and JCPDS No.71-2450. (b-e€) SEM images of (b, ¢) p-WO/C, (d) p-WOx/C-WS,/C,
and (e) p-WS..
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3.2. p-WO/C, p-WOx/C-WS2/C, and p-WS2/C
3.2.1. Morphology and Structure of p-WOx/C, p-WOx/C-WS,/C, and p-WS,/C

In order to confirm the general applicability of the presented preparation method, PVVP was
used as an alternative carbon source to prepare carbon-coated tungsten-based oxide and
disulfide. Analogously to the case of CTAB, p-WO,/C was firstly synthesized via a
hydrothermal and carbonization process, and then sulfurized at 600 and 800 °C to be converted
into p-WO,/C-WS,/C and p-WS>/C, respectively.

Fig. 5a shows the XRD patterns of p-WO/C, p-WO/C-WS,/C, and p-WS>/C. In the case
of p-WO,/C, two main peaks at 23° and 48° are observed, corresponding to the (010), and (020)
planes of WO2.72, respectively. It is noteworthy that, similar to CTAB, PVP worked as a carbon
source as well as a reducing agent. After p-WO,/C was further sulfurized at 600°C, three new
peaks located at 13°, 32°, and 60° appeared which are attributed to the (002), (102), and (110)
planes of WS,. When the sulfurization temperature was elevated to 800°C, the peaks
characteristic of WOz 72 disappeared, while the peaks characteristic of WS, remained. It can
then be concluded that the use of CTAB and PVP results in similar products, which confirms
the general character of the preparation method. Some differences were however recorded. In
contrast to the regular structure of the c-WO,/C particles, the morphology of p-WO,/C turned
out to be quite irregular exhibiting microparticles ranging from 2 to 50 um as well as some
microplates (Figs. 5b, c). It is notable that this irregular morphology is maintained after
sulfurization to p-WOx/C-WS2/C and p-WS,/C (Figs. 5d, e), which differs noticeably from the
behavior of the CTAB-based composites for which the morphology changed from nanorods to
nanosheets after the sulfurization. The TEM and HRTEM images (Fig. S12) confirm the SEM
data. Moreover, TEM-EDS mappings (Figs. S13 and S14), show a uniform distribution of the
elements, including W, O, S, and C as well as W, S, and C in p-WO,/C-WS,/C and p-WS,/C,
respectively. As shown in Fig. S15, the carbon contents in p-WO/C, p-WOx/C-WS>/C, and p-
WS,/C amount to 11.6, 13.9, and 12.1 (#=0.5) wt% respectively. Accordingly, we conclude that
PVP provides more carbon coating than CTAB under identical preparation conditions.
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3.2.2. Lithium lon Storage performance of p-WO/C, p-WOx/C-WS;, and p-WS,/C

The electrochemical behaviors of p-WO/C, c-WOx/C-WS,/C, and p-WS>/C electrodes, as
studied by CV (Figs. 6a, b, and ¢) and GCPL measurements (Figs. S16a, b, and c¢) in analog to
section 3.1.2, is very similar to the materials obtained by the CTAB-assisted syntheses. The
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cycling performance and Coulombic efficiency of pristine WOs3, p-WOy/C, p-WOx/C-WS,/C,
and p-WS2/C electrodes were studied and the results are shown in Fig. 6d and Fig. S17.
Compared with the pristine WOs3 electrode, the p-WOy/C electrode delivers a lower initial
discharge/charge specific capacity of 660/480 mAh g, but exhibits more stable cycling
performance (80% capacity retention after 200 cycles) at 100 mA g™. The mixed-phase p-
WO,/C-WS,/C electrode, however, does not show an obvious improvement in battery
performance compared with the p-WOy/C electrode. It delivers an initial discharge/charge
specific capacity of 630/440 mAh gand a capacity retention of 67% after 200 cycles at 100
mA g. In the case of the CTAB-assisted mixed-phase, c-WOx/C-WS,/C, the big improvement
in the cycling stability can be explained by the synergetic effect of c-WOx/C and c-WS,/C.
However, the micro-scale structure of p-WOx/C-WS,/C might mitigate the impact of this effect
and lead to worse capacity retention. As p-WO/C completely converted to p-WS2/C at 800 °C,
the p-WS2/C electrode delivers a comparatively low initial discharge/charge specific capacity
of 654/420 mAh g but shows excellent stability, viz. a capacity retention of 90% after 200
cycles at 100 mA gL,

To evaluate the rate capabilities, the p-WO/C, p-WOx/C-WS2/C, and p-WS,/C electrodes
were cycled at various current densities ranging from 100 mA g to 1000 mA g with 10 cycles
for each (Fig. 6e). The p-WO,/C and p-WOx/C-WS,/C electrodes show a pronounced capacity
decrease along with increasing current densities. In contrast, the p-WS,/C electrode exhibits an
excellent rate performance, delivering high reversible capacities of 390, 280, 200, and 150 mAh
gt and fast recovering to 360 mAh g* as the current density returns to 100 mA g*. In addition,
the long-life cycling performance of p-WS,/C electrode was tested at a current density of 500
mA g to further verify its cycling stability. As displayed in Fig. 6f, a capacity retention of 80%
is attained after 500 cycles, suggesting a superior cycling performance.

In the context of the above results, it is worth noting that CTAB works as a growth controller,
setting the preferential orientation of WOy and causing the formation of nanorods “°!. And the
subsequent sulfurization process leads to the growth of the WS> curled nanosheets. These
unique nanostructures provide both short lithium-ion diffusion paths and high surface areas 241,
Meanwhile, the carbon coating of around 2wt% (Table S1) can not only accommodate the
volume expansion of WOy and WS; during the cycling process but also improve the electrical
conductivity of composites 24, As a consequence, the unique structures and carbon coating
result in outstanding cycling stability and the excellent rate capability of CTAB-assisted
composites. Besides, in the mixed phase c-WOx/C-WS,/C, the content of WS; is estimated two
times higher than that of WOy (Table S1), leading to more electrochemical contribution from
WS, and thus the comparatively lower capacity for the mixed phase than that for c-WOy/C. By
comparison, the PVP-assisted composites show a higher carbon content of 11wt%-14wt%
(Table S1) and the high-content carbon coating hinders the lithium-ion diffusion, causing low
capacity 8. Although a similar ratio of WOy and WS, was realized in the mixed phase p-
WO,/C-WS,/C to the CTAB-assisted counterpart, the capacity retention is comparatively
unstable. This might be because the unfavorable morphology of microparticles and microplates
makes the volume expansion difficult to be alleviated even with the help of carbon coating and
this effect works strongly in tungsten oxides instead of tungsten disulfide due to the moderate
volume expansion of metal sulfides [*®1, But both CTAB and PVP-assisted composites exhibit
significantly enhanced lithium storage performance compared to the bare tungsten oxide and
disulfide. To highlight the improvement, Table 1 compares the previously reported
electrochemical performances of various tungsten oxides and sulfides composites when used as
electrode materials in LIBs. The table implies competitive specific capacities and superior
cycling stability of the carbon-coated tungsten oxides and sulfides produced in our work exhibit.
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Table 1

Electrochemical performance of various tungsten oxides and sulfides composites in LIBs

Active material Cu er:[ Cycle Capacity Ref.
(mA g number (mAh g'!)

WO,_,/C nanosheets 200 100 662 17
m-WQ, /C 250 100 443 18
Cauliflower-like WO,@C composites 50 50 650 50
WSzfcarbon nanotube-reduced 200 100 556 21
graphene oxide
Polygonal WS, @graphene 100 100 430 51
multilayer films
WS, @Super P nanocomposites 100 200 389 52
WS, nanoﬂowers@carbon 1000 140 455 53
nanotube vines
WS, nanosheets@cabon composites 100 100 322 54
Carbon coated WO, 100 200 420
Carbon coated WO,-WS, 100 200 525 This work
Carbon coated WS, 100/500 200/500 460/307

4. Conclusion

In summary, we developed a facile and useful method for the synthesis of carbon-coated
tungsten oxides and disulfides. Two kinds of carbon sources (PVP, CTAB) were adopted to
obtain WO/C, WS,/C, and mixed-phase, WOx/C-WS,/C. The respective composite electrodes
exhibit excellent lithium-ion battery performance. Specifically, the c-WO,/C electrode delivers
a high initial discharge/charge capacity of 840/560 mAh g* at 100 mA g* and a 74% capacity
retention after 200 cycles. Significantly, the c-WOx/C-WS,/C and c-WS>/C electrodes show
outstanding cycling stability with capacity retention of 99% and 95% respectively, after 200
cycles at 100 mA g. Besides, the c-WS,/C electrode also features a capacity retention of 97%
after 500 cycles at a high current density of 500 mA g*. In addition, the p-WOx/C, p-WS./C,
and WOx/C-WS>/C electrodes exhibit high potential for high-performance lithium-ion storage.
In particular, p-WS2/C shows a capacity retention of 80% after 500 cycles at 500 mA g*. Hence,
the proposed fabrication method provides a simple and low-cost way to prepare carbon-coated
tungsten oxides and disulfides, useful in the context of high-performance lithium storage.
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Figure S1. XRD patterns of c-WO./C with various carbonization temperatures and amounts of
CTAB

(a) 600°C carbonization and 0 mg CTAB, 600°C carbonization and 200 mg CTAB, 600°C
carbonization and 500 mg CTAB. Vertical ticks show the reference patterns according to
JCPDS No. 75-2187 (WO3) and JCPDS No.71-2450 (WO2.72)

(b) 400°C carbonization and 500 mg CTAB, 600°C carbonization and 500 mg CTAB, 800°C
carbonization and 500 mg CTAB. Vertical ticks show the reference patterns according to
JCPDS No. 32-1393 (WO.) and JCPDS No.71-2450 (WO2.72)

2 187



100nm

Figure S2. SEM images of c-WOy/C with various carbonization temperatures and amounts of
CTAB

(a) 600°C carbonization and 200 mg CTAB. (b) 600°C carbonization and 500 mg CTAB. (c)
400°C carbonization and 500 mg CTAB.
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Figure S3. (a) XRD patterns of c-WS,/C (sulfurization at 800°C) with 0, 200, and 500 mg CTAB.
SEM images of c-WS,/C with (b) 200 mg CTAB, (c) 500mg CTAB.
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Figure S4. TEM image (a) and EDS elemental mappings (b-d) of c-WS,/C
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Figure S8. Coulombic efficiency of the c-WOy, c-WOx-WS,/C, ¢c-WS,/C, and pristine WO3
electrodes in the first 200 cycles at a current density of 100 mA g.
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Figure S9. Cycling performance of c-WO,/C with 0, 200, and 500 mg CTAB and fixed
carbonization temperature 600°C.
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Figure S10. Cycling performance of c-WOy/C with carbonization temperature 400, 600, 800°C
and fixed CTAB 500 mg.
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Figure S11. Cycling performance of c-WS,/C with 0, 200 mg, 500 mg CTAB and fixed
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Figure S12. TEM and HR-TEM image of p-WOx/C (a-c), p-WO/C-WS,/C (d-f) and p-WS,/C
(9-i).
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Figure S13. TEM image (a) and EDS elemental mappings (b-€) of p-WOx/C-WS,/C.
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Figure S14. TEM image (a) and EDS elemental mappings (b-d) of p-WS,/C.
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Figure S15. TGA of p-WOy/C, p-WO,/C-WS,/C and p-WS,/C.
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Table S1

The components content in the carbon-coated composites
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Active material WO, (wit%) WS, (wt%) Carbon (wt%)
¢-WO,/C 98 (+0.5) 0 2 (£0.5)
c-WO,/C-WS,/C 313 (£10) 66.6 (£10) 2.1(£0.5)
c-WS,/C 0 98 (+0.5) 2 (£0.5)
p-WO,/C 88.4 (+10) 0 11.6 (£0.5)
p-WO /C-WS,/C 25.9 (+10) 60.2 (£ 10) 13.9 (£0.5)
p-WS,/C 0 87.9 (£0.5) 12.1(£0.5)
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Magnetic anisotropy, magnetoelastic coupling and the phase diagram of

Ni0'25 Mn0,75 Ti03

A. Elghandour,!** L. Gries,! L. Singer,! K. Dey,» T and R. Klingeler!

L Kirchhoff Institute for Physics, Heidelberg University, INF 227, D-69120 Heidelberg, Germany
(Dated: February 22, 2023)

Thermodynamic and magnetic studies on high-quality single crystals are used to investi-
gate the magnetic phase diagram and magneto-structural coupling in the mixed-spin system
Nig.25Mng.75TiO3. Clear anomalies in the thermal expansion at the spin ordering and spin reorien-
tation temperatures, Tnx and Tr, evidence pronounced magneto-elastic effects. Notably, magnetic
entropy is released mainly above Tx implying considerable short range magnetic order up to about
4 x Tx. This is associated with a large regime of negative thermal expansion of the ¢ axis. Both
Tx and Tr exhibit the same sign of uniaxial pressure dependence which is positive (negative) for
pressure applied along the b (¢) axis. The magnetic phase diagrams are constructed and the uniaxial
pressure dependencies of the ordering phenomena are determined. For magnetic fields B||b axis, a
sign change and splitting of anomalies implies further magnetic phases. In addition to short-range
magnetic order well above T, competing anisotropies yield a glass-like behaviour (Tsc ~ 3.7 K) as
evidenced by AC-x and quasi-linear of ¢,. High-field magnetization up to 50 T clearly demonstrates
that in addition to antiferromagnetically ordered spins there are also only weakly coupled moments,
at 2 K, with a sizable amount of about 15 % of all Mn?*-spins present in the material. The observed
changes in pressure dependence and the magnetostrictive effects shed light on the recently observed
flop of electric polarization from P||c to Pl|a [1], in partcular suggesting that the ME effect is not

of direct magnetostrictive origin.

I. INTRODUCTION

Mixed antiferromagnetic (AFM) systems with compet-
ing magnetic anisotropies have been extensively studied
with regard to their underlying physics and as a plat-
form to realize spin glass states [2-6]. In such mixed
AFM systems where, e.g., a magnetic ion (M) is partly
substituted by another one (N), i.e., forming M;_,N,,
long-range magnetic order appears in the vicinity of the
parent compounds while it is suppressed at intermedi-
ate concentrations x. The spin arrangement in the AFM
long-range ordered state is basically that of the parent
compounds, but with two different AFM sublattices re-
sulting from the induced modulation around the mag-
netic ions [7, 8] and the difference in their ionic radii
[9, 10]. A typical example are mixed ilmenite-structured
titanates, A,Mn;_,TiO3 (A = Fe, Co, and Ni), where
the substituent A is randomly distributed in the struc-
ture. While, at intermediate z, spin-glass-like phases are
observed, AFM long-range order evolves near the end
sides of the phase diagrams and is suppressed in the
doped systems [1, 11-18]. The parent compounds ATiO3
(A = Mn, Fe, Co, Ni) crystallize in a hexagonal lattice
with space group R3 [19]. MnTiOsz exhibits G-type
AFM order with the crystallographic ¢ direction being
the magnetically easy axis [20]. In contrast, in FeTiOs,
NiTiOg3, and CoTiO3 A-type antiferromagnetism is found
with an easy-plane-like anisotropy perpendicular to the

*

ahmed.elghandour@kip.uni-heidelberg.de
T Current address: Clarendon Laboratory, University of Oxford,
Parks Road, Oxford, OX1 3PU, United Kingdom

¢ axis [20-23]. This implies not only different exchange
interactions but also competing anisotropies in the mixed
systems A,Mn;_,TiOs.

Experimental studies on Ni,Mn;_,TiOg3 started three
decades ago by Ito et al. [14] and Yoshizawa et al. [15] to
address theoretical predictions [2, 7] on the mixed AFM
compounds and revived after the discovery of linear mag-
netoelectric effect (ME) in MnTiOs [24]. The general
trends in NizMn;_,TiO3 upon increasing the Ni-content
x are as following [14, 16]: Initially, G-type AFM or-
der is suppressed and a spin-reoriented phase appears
around z ~ 0.2. Specifically, at z = 0.33, G-type AFM
order evolves at Ty = 27.6 K and spin reorientation at
Tr = 17.5 K. The latter is accompanied by a flop in
the electric polarization [1]. At intermediate concentra-
tions, 0.38 < z < 0.45, a spin glass phase emerges [16—
18, 25]. Within this glassy phase and particularly at
x = 0.42, NiuMn;_,TiO3 exhibits linear ME [16, 17].
Further increasing the Ni-content to = > 0.48 results in
an A-type AFM long-range ordered phase which does not
show ME [1].

Here, we report detailed thermodynamic and magnetic
studies on Nig o5 Mng.75TiO3 single crystals grown by the
optical floating-zone technique. Our dilatometric stud-
ies provide quantitative information on magnetoelastic
coupling in the mixed AFM system. These studies have
been motivated by recent studies on the parent com-
pounds MnTiO3 and NiTiOgs, which display pronounced
thermal expansion and magnetostriction anomalies asso-
ciated with magnetic ordering and spin-reorientation [26—
28]. The present thermodynamic data elucidate magne-
toelastic coupling in the G-type AFM ordered phase and
in the spin reoriented phase of Nig o5Mng 75TiO3. Sharp
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anomalies in the thermal expansion and magnetostriction
coefficients enable us to construct the magnetic phase
diagrams and to identify an additional magnetic phase,
thereby illustrating the interplay of spin and structure in
the mixed anisotropic system under study. We also find
that short range correlations persist up to about 4 x Tx.

II. SINGLE CRYSTAL GROWTH AND
EXPERIMENTAL METHODS

Macroscopic single-crystals of NigosMng 75TiO3 were
grown by the floating-zone technique in a high-pressure
optical furnace [29] (HKZ, Scidre) at 5 bar Ar pressure
(Fig. Sla in the Supplemental Information (SI)). The
employed polycrystalline feedrods were made from stoi-
chiometric amounts of NiO, MnO,, and TiOs precursors
similar to the procedure described in Ref. 26. The phase
purity of the grown crystals was confirmed by powder
XRD studies on ground single crystals using a Bruker
D8 Advance ECO diffractometer with Cu K, radiation.
Structural Rietveld refinement (Fig. S1b in the SI) was
performed using the FullProf suite 2.0. [30] EDX analy-
sis was done by means of a JEOL JSM-7610F scanning
electron microscope with a Thermo Scientific UltraDry
silicon drift X-ray detector for EDX analysis. The anal-
ysis yields a Ni:Mn ratio of 0.235(5):0.765(5) while the
ratio (Ni+Mn):Ti agrees to 1 within the error bars. From
the grown boule, mm-sized grains were obtained, oriented
and cut to cuboids. Their crystallinity was confirmed by
Laue diffraction in back scattering geometry.

The DC magnetization of Nig o5 Mng 75TiO3 , an oriented
single crystal, was measured in the temperature range of
2 t0 300 K and in magnetic fields up to 7 T using the Mag-
netic Properties Measurement System (MPMS3, Quan-
tum Design). The data were collected under field-cooled
(FC) and zero-field-cooled (ZFC) protocols. The AC
magnetization was measured in the temperature range
of 2 to 40 K, with a 9 Oe AC excitation field, up to 3 T
DC magnetic fields and frequencies ranging from 2 kHz to
10 kHz, using the ACSMII option of the Physical Prop-
erties Measurement System (PPMS, Quantum Design).
Pulsed-magnetic-field magnetization was measured up to
50 T at Helmholtz Zentrum Dresden Rossendorf by an in-
duction method using a coaxial pick-up coil system [31].
The pulse raising time was 7 ms. The pulsed-field mag-
netization data were calibrated using static magnetic
field measurements. The specific heat capacity was mea-
sured in the temperature range of 1.8 to 300 K using the
heat capacity option of the Physical Properties Measure-
ment System (PPMS, Quantum Design). High-resolution
dilatometry measurements were performed by means of
a three-terminal high-resolution capacitance dilatometer
in a home-built setup placed inside a Variable Tempera-
ture Insert (VTI) of an Oxford magnet system [32, 33].
With this dilatometer, the relative length changes dL;/L;
along the crystallographic b and ¢ directions, respectively,
were measured on an oriented cuboid-shaped single crys-
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tal of dimensions 2.400 x 2.128 x 0.559 mm?®. Measure-
ments were performed in the temperature range of 2 to
300 K and in magnetic fields up to 15 T, applied along
the direction of the measured length changes. The linear
thermal expansion coefficients, a; = 1/L; x dL;(T)/dT,
were obtained. In addition, the field-induced length
changes, dL;(B;), were measured at different fixed tem-
peratures between 2 and 40 K and in magnetic fields up
to 15 T. The longitudinal magnetostriction coefficients,
Ai = 1/L; x dL;(B;)/dB;, were derived.

III. EVOLUTION OF MAGNETIC ORDER AT
B=0T

In zero magnetic field, Nig.osMng 75TiO3 exhibits two
magnetic phase transitions as evidenced by the static
magnetic susceptibility and the specific heat in Fig. 1.
Specifically, there is a jump-like feature in the specific
heat ¢,/T at Txy = 34.8(4) K and a rather symmetric
hump at T ~ 14.8(2) K (see Fig. 1c). The jump at Tn
amounts to Ac, &~ 0.54(11) J/(mol K). The magnetic na-
ture of both transitions is evident from associated anoma-
lies in the static magnetic susceptibility (Fig. 1a and b).
At high temperatures, the data y; along the different
crystallographic axes i obey a Curie-Weiss-like behavior
and their differences are explained by the ratio of the cor-
responding g factors (g;) (see Fig. 2 in the Supplement
Information (SI)). At TN, x. displays a clear kink while
only very small anomalies are observed for the other di-
rections, thereby confirming the easy magnetic ¢ axis in
the long-range ordered phase below Tx. This is partic-
ularly evident when Fisher’s specific heat 9(xT)/0T is
considered which is proportional to the magnetic spe-
cific heat [34]. It displays a A-shaped behaviour only for
Bl|c axis (Fig. 1). Upon further cooling, the jump-like
features in y;, at TR, suggest rotation of the spins into
the ab plane. We note the discontinuous nature of the
anomaly at TR .

At high temperatures, the static magnetic susceptibil-
ity obeys a Curie-Weiss-like behavior. The differences
for the different crystallographic axes are attributed to
the anisotropy of the g-factor (see Fig. 1a). Fitting x.
between 120 and 300 K by means of an extended Curie-
Weiss law including a temperature-independent term, xo,
yields the Curie constant C' = 3.6(5) erg K mol™! G2
the Weiss temperature ©® = —141(4) K, and xo =
1.93 x 107* erg mol~! G~2. The large negative value
of the Weiss temperature indicates the presence of dom-
inant antiferromagnetic exchange interactions, aligning
with the previously recorded neutron scattering results
on Nig33Mnge7TiO3 [1]. The effective moment peg ~
5.3(1) pp is derived from the Curie constant. It agrees
very well with the expected value calculated using the
g-factors gy and gn; of the parent compounds [26, 35].

AC magnetic susceptibility studies confirm the anoma-
lies at Ty and T but do not indicate any frequency de-
pendence in the regime 2.5 < f < 10 kHz (see Fig. 5
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FIG. 1. (a) Static magnetic susceptibility, x = M/B, of

Nig.25Mng.75TiO3 as a function of temperature measured
along three different crystallographic directions at applied
magnetic field B = 0.05 T. The data have been normalized
by the respective components of the g-factor as fitted to the
high-temperature behavior. (b) Corresponding derivatives
O(xT')/0T, and (c) the specific heat capacity, represented by
¢p/T, was measured both at zero magnetic field and at a
magnetic field strength of 14 T, with the field applied paral-
lel to the c-axis. The inset shows the zero field specific heat
data over an extended temperature range, including an es-
timated representation of the phononic background (see the
text). The vertical dashed lines mark the onset of the long-
range magnetic ordering at T and the spin reorientation at
Tw.

in the SI). We also do not observe any finite dissipative
signal x”. In xi, apart from the anomalies observed at
Tn and Tr , we observe an additional broad maximum
at T* ~ 3.7 K, as depicted in Fig. 2a. T* corresponds
to the beginning of a thermal hysteresis region seen in
Xb between the zero-field cooled (ZFC) and field cooled
(FC) data, as shown in Fig.2b. In contrast, no thermal
hysteresis is observed in x. and x..

In the same temperature regime, the magnetic specific

heat shows no anomaly but follows a ¢,(T) o« T be-
haviour with n = 1.3(1) (see the inset of Fig. 2a). We
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FIG. 2. (a) Real part of AC magnetic susceptibility of

Nig.25 Mng. 75 TiO3 measured along the crystallographic b and
c axes at f = 10 kHz. Inset: Magnetic specific heat at low
temperatures. The (blue) line represents a fit to the data (see
the text). (b) Static magnetic susceptibility measured along
the crystallographic b and c axes at B = 0.05 T, highlighting
the differences between FC and ZFC measurements.
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FIG. 3. (a) Relative length changes, dL;/L; (¢ = b and ¢), of
Nig.25 Mng.75 TiO3 measured along the crystallographic i axis
in zero applied magnetic field; light grey markers represent the
relative volume changes. (b) Corresponding uniaxial thermal
expansion coefficients ;. The dashed lines mark T and Tg.

note that the observed exponent n does not correspond
to the expectations c,(T) o T° describing the low-
temperature magnon excitations in a long-range ordered
3D antiferromagnet [36].

The onset of long-range magnetic order at Ty and spin
reorientation at Tr are associated with distinct lattice
changes as demonstrated by clear anomalies in the ther-
mal expansion in zero field (see Fig. 3). In addition, the
thermal expansion exhibits an anisotropic behaviour up
to the highest measured temperatures. The evolution of
magnetic order is signalled by kinks in the relative length
changes dL;/L; at Tx, and slightly A-shaped anomalies in
its corresponding thermal expansion «;. While there is a
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FIG. 4. Temperature dependence of the thermal expansion
coefficient o (i = b and ¢), measured at different applied
magnetic fields along (a) the b axis, and (b) the ¢ axis.

positive thermal expansion of the b axis in the whole tem-
perature regime under study, the ¢ axis initially shrinks
upon heating and expands only above T" = 60 K. Oppo-
site trends for the different axes are also observed for the
actual anomalies in «;, at T, which show opposite signs.
Qualitatively, the anomalies in «; imply a positive uniax-
ial pressure dependence (9Tx/r/dpy > 0) of Ty and Tr
while both are suppressed by uniaxial pressure applied
along the c axis.

A. DMagnetic phase diagram

Applying magnetic fields up to 15 T significantly affects
the spin-reoriented phase and the associated transition
temperature Tg, but it hardly affects the long-range or-
dering temperature Ty. This is clearly visible in the spe-
cific heat data shown in Fig. 1c. At B = 14 T, while the
anomaly at Ty is completely suppressed, the one at Ty is
barley shifted to lower temperature. Due to pronounced
magnetoelastic coupling evidenced already in Fig. 3, the
magnetic field effects on the phase boundaries can be
well traced by thermal expansion and magnetostriction
measurements. As displayed in Fig. 4, applying a field
of B = 1 T yields a significant decrease (increase) of
Tr when applied along the b axis (¢ axis). Notably, for
B||b axis, the anomaly at Ty changes its sign from pos-
itive to negative for B > 1 T and up to B = 14 T
(see Fig. 4a). In the static magnetic susceptibility xp,
at low magnetic fields, there is a noticeable jump-like
feature at Tr and a corresponding peak in d(xT")/0T.
However, these anomalies become weaker as the mag-
netic field gradually increases and completely vanish at
magnetic fields B||b > 0.8 T (see Fig. 3 in the SI). We
conclude that the sign change in o} at Ty is accompa-
nied by the disappearance of the anomalies observed in
xp and its corresponding 9(xT)/OT. The evolution of
the anomaly observed at Tg in ay, , B||b > 1 T, is shown
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FIG. 5. Thermal expansion coefficient ay, /T at different mag-
netic fields B||b axis.

in Fig. 5. After the anomaly changed sign as evidenced
by the data obtained at B = 1 T, an additional feature
appears which is only faint at 1 T but increases for larger
fields, yielding two clearly separated features split more
than 1 K at 7 T. We note that both the emerged (filled
triangles) and the initial (open triangles) features shift to
lower temperatures with increasing the applied magnetic
field which indicates their antiferromagnetic nature. In
addition, the emerged feature becomes more pronounced
for higher fields while the initial one decreases until it is
not detectable anymore above 11 T (see Fig. 5). In con-
trast, the thermal expansion and magnetisation data sig-
nal a significant shift of Ty to higher temperatures when
applying Bl|c axis so that the phase boundary merges
into Ty slightly above 2 T (see Fig. 8, and Figs. 4 and 11
in the SI).

The nature of the G-type AFM phase evolving at zero
magnetic field at Ty < T < Ty (i.e., AF1 in Fig. 8) is
further elucidated by magnetisation and magnetostric-
tion data in Fig. 6. At T = 16 K when the spins are
predominately parallel to the ¢ axis [1], magnetic fields
|lc yield a spin-flop-like transition at Bsp = 0.62(8) T
as demonstrated by the magnetisation data in Fig. 6a.
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FIG. 6. (a) Isothermal magnetization, measured at 16 K, for
B || ¢ axis and corresponding magnetic susceptibility 9M/0B.
The dashed line linearly extrapolates the high field behaviour
to zero field. (b) Magnetostriction dL./Lc, at T =16 K as a
function of magnetic field B || ¢ axis. (¢) Magnetic susceptibil-
ity for B || ¢ axis in the temperature regime 16 K < T < 50 K.
Peaks are associated with the spin flip transition at Becs.

Upon heating, the critical field Bgp signalled by the peaks
in OM /OB shifts towards higher fields and disappears
above Ty (see Fig. 6¢). Concomitantly with the metam-
agnetic transition there is a sharp increase of the ¢ axis
length amounting to AL./L. = 2.6 x 1076 (Fig. 6b). Be-
low Tr, B||c does not drive a spin-flop transition (Fig. 6¢)
which agrees to the suggested spin rotation. In contrast,
for BJ|b a metamagnetic transition appears only below T
at a critical field of Bgy ~ 0.4 T, which barely depends
on the temperature (Fig. 7). Again, the metamagnetic
transition is associated with anomalous length changes
(Fig. 7, inset), amounting to ALy/L, = 3.9 x 107% at
T=23K.

The observed clear features in magnetisation, thermal ex-
pansion, magnetostriction, and specific heat enable us to
construct the magnetic phase diagrams for both B||b and
B||c as shown in Fig. 8. For B||c, the G-type antiferro-
magnetic phase with spins ||c evolving in zero field at Ty
(AF1 phase) forms a distinct dome bounded by Tr(B)
and Bsr(T) towards the spin-reoriented AF2-phase (see
Fig. 8b). The transition AF1 to AF2 is associated with
significant lattice changes. In the field region of the dome,
Ty is visibly suppressed by B||c but it increases for higher
fields (B||c > 2 T') which implies the relevance of critical
fluctuations around the tricritical point. A field-driven
magneto-structural transition is also observed for B|b
where the low-field AF2 phase is separated by a rather
field-independent phase boundary B (T) from AF3 (see
Fig. 8a). AF2 and AF3 feature uniaxial pressure de-
pendencies of opposite sign. In contrast to Ty which
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FIG. 7. Magnetic susceptibility OM /OB in the temperature
regime 2 K < T < 18 K for B || b axis. The peaks signal Bc;
(see the text). Open squares show OM /OB at 2 K with B || ¢
axis. Inset: Magnetostriction dLy /Ly (B||b) at T = 2.3 K.

only very weakly depends on B||b, AF3 is considerably
suppressed and we extrapolate the upper critical field
BAF3 ~ 17(2) T. Notably, starting from B, an inter-
mediate phase AF3’ appears. The thermal-expansion
anomaly size associated with the phase boundary be-
tween AF3 and AF3’ continuously decreases when in-
creasing B||b and can not be detected above 11 T in our
dilatometric data. This behaviour suggests decrease of
the pressure dependence or negligible associated specific
heat changes. Since the boundary AF3/AF3’ is not as-
sociated with a clear anomaly in the magnetisation, we
neither can trace it by magnetic measurements in this
regime of the phase diagram.

Lastly, our data reveal the presence of weakly coupled
magnetic moments at low temperatures. In contrast to
NiTiOs which magnetisation increases linearly up to the
saturation field as expected for an long-range ordered
AFM [26], magnetisation of Niga5Mng 75TiO3 exhibits
pronounced right-bending behaviour (see Fig. 9). Note,
that the pulsed-field powder magnetisation data perfectly
agree to the single crystal studies up to 14 T. The data
can be described by the sum of a modified Brillouin func-
tion Bg and a linear term, i.e., Mg Bs(z) + xo X B;
x = gupSB/[ks(T + Ox)] with M, the saturation
magnetisation of the right-bending term, spin S, field-
independent susceptibility xo, Boltzmann constant kg,
Bohr magneton up, and the g-factor. ©x is a parameter
to account for magnetic interactions between the weakly
coupled moments. The linear term mainly reflects the re-
sponse of the long-ranged AF ordered phase. In contrast,
the nonlinear term M,;(B) = M(B) — xo x B implies
the presence of rather weakly coupled spins saturating
already at intermediate fields. Mg, is the fully satu-
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FIG. 8. Magnetic phase diagram of Nig.25Mng.75TiO3 derived
from magnetization M (T',B), thermal expansion and magne-
tostriction L(T,B), Xac, and specific heat data for (a) B||b and
(b) Bl|c axis. PM, AF1, AF2, AF3, and AF3’ label the para-
magnetic and antiferromagnetic phases while Tx, Tr, Bsr,
and B.; are associated phase boundaries mentioned in the
text.

rated moment of the weakly coupled spins. It clearly
exceeds the fully saturated moment of all Ni?T-spins
(S =1, g =214, MYl ~ 0.53 pg/fu.) [37] so that
M, (B) can not be attributed only to the Ni?T subsys-
tem. Phenomenologically, using g = 1.99 and S = 5/2 of
the Mn?*-spins, the data are described by © = 15.5 K,
Moy = 0.75 pp/fu., and xo = 0.023 pg/T fu. Hence,
attributing My, (B) to only Mn?*-spins would imply that
about 15% of them are weakly coupled.

IV. DISCUSSION

Our data imply the evolution of long-range antiferromag-
netic order at Ty ~ 35 K and reorientation of the spin
direction at Tg ~ 15 K. This agrees to the sequence of
phase transitions reported in the established phase di-
agram of NizMn;_,TiO3 [14, 16]. As compared to the
mother compound MnTiO3 which shows Ty ~ 64 K, the
tendency for long-range magnetic order is significantly re-
duced by Ni-doping. While our results fit the expected
phase boundary Tx(z), we find Tr in between the two
temperatures proposed as the start and the end tempera-
tures of the spin rotation in [14]. The onset of long-range
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FIG. 9. Magnetisation of NiTiO3 and Nig.25Mng.75TiOs up
to 50 T. Open circles show the averaged static field mag-
netisation of Nig.25Mng.75TiO3 single crystals measured up
to 14 T. Pulsed-field data are from up-sweeps. The data of
Nig.25Mng.75TiO3 are well described by the sum of a mod-
ified Brillouin function and a linear term xo x B (see the
text). The dashed line shows the nonlinear magnetisation
Mnl =M — Xo X B.

magnetic order in Nig 25 Mng 75TiO3 at T is signalled by
clear anomalies in x|go1], specific heat and thermal expan-
sion (Figs. 1 and 3) which confirms the easy magnetic ¢
axis and in particular shows significant magneto-elastic
coupling. The negative thermal expansion along the c
axis as well as strong magnetic field effects on the spe-
cific heat well above Ty suggest the presence of short-
range ordering phenomena in the paramagnetic phase.
The presence of short-range magnetic correlations above
T results in associated magnetic entropy changes which
can be estimated by comparison with the bare lattice con-
tribution. The latter may be obtained by fitting the the
specific heat well above Ty by an appropriate phononic
model. This results in very similar phonon specific heat
as found in MnTiOs . Since in the following we will
compare the entropy changes of NigosMng 75TiO3 and
MnTiOs , for the following entropy analysis we employ
the phonon specific heat from Ref. [28] and account for
the different atomic masses by multiplying with 1.015
(see Fig. 10a).

Subtracting the lattice contribution from the measured
specific heat gives the magnetic specific heat ¢*. In-
tegrating c;'*8/T' yields the magnetic entropy changes
ASy, = 12.3(7) J/(mol K) which is close to the full
expected magnetic entropy of 0.75RIn6 + 0.25R1In3 =~
13.4 J/(mol K). Notably, our analysis implies magnetic
entropy changes up to about 130 K, i.e., persistence
of short-range magnetic correlations up to temperatures
higher than 4xTx. The presence of considerable short-



range magnetic order is further confirmed by the fact
that the observed anomaly Acp, at Ty, is rather small
as it only amounts to a few percent of the value predi-
cated by mean field theory. Quantitatively, the specific
heat jump at Ty amounts to Ac, = 0.54(11) J/(mol K)
, which is only a very small fraction (= 3 %) of the
expected mean field value. This expected value is cal-
culated as Ac, = R X % and is approximately
equal to 18.9 J/(mol K) [38]. Note, that the actual jump
size associated with the measured anomaly can be even
smaller as it may be superimposed by critical fluctua-
tions. Such a small specific heat anomaly either implies
significant short-range spin order above Ty and/or con-
siderable spin disorder below Ty.
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FIG. 10. (a) Temperature dependence of the specific heat,
¢p/T, of NiyMni_,TiO3 with x = 0 (from Ref. [28]) and =z =
0.25 measured at B = 0 T. The Nig.25Mng.75TiO3 data are
multiplied by 1.015 to account for the atomic mass difference.
The red line presents the lattice contribution cgh of MnTiO3
. (b) Corresponding entropy changes (left ordinate) derived
from integrating cp /T. Spn(T) (red line) and Sy—¢.25(7T") (blue
circles) are shifted to match Sy—o(T") above 120 K (see the
text). Right ordinate: Changes of the magnetic entropy for
both doping levels with respect to its value at 150 K.

Our experimental data show short-range magnetic order
well above Ty as well as weakly coupled moments and a
glass-like behaviour at low-temperatures. In Fig. 10b we
illustrate how magnetic entropy is consumed upon cool-
ing by comparing the specific heat and entropy changes
appearing in Nipo5Mng 75TiO5 and MnTiOs (Ref. [28])
with the lattice contributions. In MnTiOg , the specific

heat data illustrate a typical example of evolution of 3D
long-range magnetic order. In Nig o5Mng 75TiO3, at high
temperatures, the specific heat data is very similar to
that of MnTiOg , which we attribute to the lattice. The
main effects of 25 % Ni-doping are as following: (1) Sup-
pression of Ty and of the anomaly size as discussed above.
(2) Upon cooling below Ty, in Nig.25Mng 75TiO3 the en-
tropy is consumed in a quasi-linear manner which quali-
tatively differs from from MnTiO3z . This is particularly
visible in Fig. 10b where in addition to the measured to-
tal entropy changes the relative changes of the magnetic
entropy with respect to the value at high temperature
are shown. The figure also illustrates how different mag-
netic order evolves in Nig.o5Mng 75TiO3 as compared to
MnTiO3z . (3) In NiposMng 75TiO3, the low tempera-
ture behaviour does exhibit a quasi-linear behaviour for
T < 4 K where we find ¢, ~ T3 as shown in the in-
set of Fig. 2. This contrasts a T>-behaviour expected
for a 3D AFM which is observed in MnTiO3 . Quasi-
linear behaviour of ¢, at low temperatures was previously
reported for the spin glass state of Nig42Mng 58TiO3
[16] and also for canonical spin-glass systems such as
CuMn [39] ScGd [40].

The presence of considerable magnetic disorder evidenced
by our analysis of the entropy changes qualitatively
agrees to the observation of weakly coupled paramegnetic
moments in Nig.o5Mng 75TiO3 and the observed glassy-
like feature in AC magnetic susceptibility (Tsq ~ 3.7 K).
For Nig 4Mng ¢TiO3 Solanki et al. observe a similar fea-
ture at 9.1 K and report an XY-like spin-glass state with
quasi-two-dimensional antiferromagnetic order [18]. By
INS studies they conclude the presence of short-range-
ordered antiferromagnetic clusters with short-lived spin
correlations the XY-like SG state which may be associ-
ated with weakly antiferromagnetically-coupled moments
observed in the high-field magnetisation data in Fig. 9.

Magneto-elastic coupling is further analysed by quanti-
fying and comparing the thermal expansion and the heat
capacity anomalies in «; and ¢,. The ratio of these
quantities yields the uniaxial and hydrostatic pressure
dependencies of the associated ordering phenomena by
exploiting the Clausius Clapeyron relation for discontin-
uous phase transitions and the Ehrenfest relation for con-
tinuous ones [41, 42]. In Nig.o5Mng 75TiOs, we consider
the anomaly at Ty a continuous phase transition and
its size has been determined by means of a same area
construction [43]. At Tn(B = 0 T) this yields Aay, =
0.5(1) x 1075 (1/K) and Aa, = —0.80(15) x 1075 (1/K)
(see Figs. 8 and 12 in the SI). Using these values as
well as Acp, = 0.54(11) J/(mol K) and the molar volume
Vi = 3.215 x 107° m3 /mol, the Ehrenfest relation

8TN AOQ‘
=TNVim— 1
opi | N Acp (1)

yields Tn/0pr, = 1.1(3) K/GPa and Tn/dp. =
—1.7(5) K/GPa for uniaxial pressure applied along the b

211



and the ¢ axis, respectively. Further, Ty depicts a small
positive hydrostatic pressure dependence of Tn/dp =
0.4(5) K/GPa as qualitatively shown by the anomaly in
the volume thermal-expansion coefficient at Tx.

The uniaxial pressure dependencies of Ty are derived
from the corresponding jumps ALy /Ly = —2.0(2) x 1076,
AL./L. = 3.1(2) x 107%, and AS = —0.027(3) J/(mol
K) . Using the Clausius-Clapeyron relation for a discon-
tinuous phase transition [41]

OTx AL;/L;
= Vm——=— 2
i | Yo —xs @

yields the uniaxial pressure dependencies Twr/0p, =
2.3(4) K/GPa and Tg/0p. = —3.7(5) K/GPa. Follow-
ing the phase boundary Tr(B) (AF1 — AF2/AF3 in
Fig. 8a), the signs of the thermal expansion anomalies
change at B ~ 1 T implying opposite uniaxial pressure
dependencies for AF1 — AF2 and AF1 — AF3’. The
observed changes in pressure dependence and in partic-
ular the magnetostrictive effects shed light on the re-
cently observed flop of electric polarization from P||c to
Pl|a in Nig 33Mng 67 TiO3 [1]. Chi et al. associate linear
ME response with rotation of the collinear spins away
from the c¢ axis for T < Tr. Comparison of polari-
sation and magnetostriction data at the same reduced
temperatures T'/Tg yields the following observations (see
Fig. 11): For B L ¢, (1) the jump in length at the tran-
sition AF2—AF3 indicates the onset of finite ME effect.
(2) While magnetostriction is indiscernible in AF3 and
AF1, a finite field-induced polarisation appears only in
AF3 while it is negligible in AF1. (3) For B||c, only AF1
shows no ME effect. While, the peak in P does not cor-
respond to the presence of a peak in OL/0B. Notably,
while magneto-elastic coupling is prominent and yields
distinct structural anomalies at the phase boundaries as
well as differences in the magnetostrictive repsonse of the
different magnetic phases and correspondingly the differ-
ent ME regimes, observation (2) suggests that the ME
effect in NizMn;_,TiO3 may not have a direct magne-
tostrictive origin.

V. CONCLUSIONS

To conclude, we report detailed dilatometric, specific
heat, and magnetic studies on macroscopic single crys-
tals of Nig.o5Mng 75TiO3 grown by means of the opti-
cal floating-zone method. Our data imply the evolu-
tion of long-range magnetic order at T ~ 35K and a
spin-reorientation at Tr ~ 15K. The latter is of dis-
continuous nature and attributed to competing magnetic
anisotropies of Mn?* and Ni?t magnetic moments. We
find clear anomalies in the length changes at the phase
boundaries, indicating pronounced magneto-elastic cou-
pling and sizable pressure dependencies of the associated
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FIG. 11. Magnetic field dependence of electric polarisation
(x=0.33, data from Ref. 1; upper panel) and magnetostriction
(x=0.25; lower panel) in Ni,Mn;_,TiO3. In order to compare
the results, the data are shown for same values of reduced
temperature T'/Tg.

titatively, our analysis yields Tn/dp, = 1.1(3) K/GPa,
Tn/Op. = —1.7(5) K/GPa, Tr/dp, = 2.3(4) K/GPa,
and TR /0p. = —3.7(5) K/GPa. Applying magnetic fields
B||b axis yields a sign change signalling different low-
temperature phases. Splitting of the anomalies implies
the presence of an intermediate phase AF3’. In addition,
our experimental data show short-range magnetic order
well above Tn as well as, at low-temperatures, weakly
coupled moments and a glass-like behaviour (Tsg =~
3.7 K). The number of weakly coupled moments is sizable
and may amount to about 15 % of all Mn?*-spins present
in the material. Glass-like behaviour is seen in AC-x and
is further evidenced by quasi-linear T-dependence of ¢,
at low temperatures. The observed changes in pressure
dependence and in particular the magnetostrictive effects
shed light on the recently observed flop of electric polar-
ization from P||c to P||a [1], suggesting the ME effect in
NizMn;_,TiO3 appearing at intermediate doping x does
not have a direct magnetostrictive origin.
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